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Abstract
Highly-crosslinked epoxy resins are used as matrix material for high-performance
composites, typically developed for weight-reduction purposes in structural
aerospace applications. If the clever assembling of different materials into large
integrated composite panels can lead to outstanding mechanical properties with
a guaranteed weight reduction, it also involves complex deformation mechanisms
and failure scenarios which are not yet fully understood today. The development
of more predictive modeling capabilities based on multi-scale modeling strategies
therefore requires a better modeling of the epoxy matrix behavior. In this thesis,
a thorough study of the mechanical and fracture behavior of the HexFlow RTM6
epoxy resin, certified for aeronautics, is performed. A wide mechanical testing
campaign provides the basis for the identification of a phenomenological elastic-
viscoplastic constitutive model, exhibiting most of the mechanical features of
usual amorphous thermoplastic polymer ...
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Abstract
Highly-crosslinked epoxy resins are used as matrix material for high-
performance composites, typically developed for weight-reduction pur-
poses in structural aerospace applications. If the clever assembling of
different materials into large integrated composite panels can lead to out-
standing mechanical and even functional properties with a guaranteed
weight reduction, it also involves complex deformation mechanisms and
failure scenarios, spreading over the different length scales of these hier-
archical materials and which are not yet fully understood today. The
development of more predictive modeling capabilities based on multi-
scale modeling strategies requires a better understanding and modeling
of the epoxy matrix behavior and associated micro-mechanisms.
In this thesis, a thorough study of the mechanical and fracture beha-
vior of the HexFlow RTM6 epoxy resin, certified for aeronautics and
often used for the production of carbon-fibre based composite panels
by resin transfer moulding, is performed. A wide mechanical testing
campaign provides the basis for the identification of a phenomenological
elastic-viscoplastic constitutive model, exhibiting most of the mechan-
ical features of usual amorphous thermoplastic polymer systems. This
model, inspired from the state-of-the-art constitutive models for glassy
polymers, provides good prediction of the RTM6 deformation response
under monotonic loading, accounting for rate, temperature and pres-
sure dependence. The failure behavior of the resin is also accounted for
through a simple macroscopic fracture criterion, identified and validated
on experimental data.
Nevertheless, despite the relative complexity of the proposed phenomen-
ological constitutive approach, the unloading behavior and complex time-
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dependent mechanisms (e.g. creep, recovery and rate-reversal phenom-
ena) are not properly accounted for, stressing a lack of physical insights
and richness in the modeling approach. Based on experimental evid-
ences of heterogeneous deformation mechanisms in the RTM6 epoxy,
a new physics-based mesoscopic modeling approach, inspired from the
concept of shear transformation zones as the vehicle for elementary
plastic deformation events, is developed by coupling a FE framework
with a time-dependent Monte-Carlo kinetic model. From this relatively
simple micro-mechanical assumption, the proposed model, which re-
quires only 6 parameters, captures all the observed experimental trends
of RTM6. This strongly supports the theoretical foundations of the
relatively simple micro-mechanical approach and opens the route to
promising applications and extensions in the field of glassy polymers
in general.
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Chapter 1
Technological motivations and sci-
entific objectives
1.1 Context of the research
1.1.1 Composites in aeronautic applications
The context of this work is related to the extensive use of highly-crosslinked
epoxy resins as matrix material for high-performance composites typic-
ally developed for structural aerospace applications. More specifically,
this thesis focuses on the RTM6 epoxy resin, certified for aeronautics
and often used for the production of carbon-fibre based composites by
resin transfer moulding. Nevertherless, the intent is that the knowledge
generated in this work can be extended to the entire class of highly-
crosslinked epoxies.
In the aeronautic industry, the use of such high performance composites
to reduce weight has been undeniably increasing over the last decades,
as illustrated in Fig. 1.1 a). Despite the difficulties associated with the
development of new processing and manufacturing routes, this weight-
saving evolution in aircraft design has been strongly motivated by the
fact that most of the energy costs and associated environmental issues
involved in the lifetime of a civil aircraft are related to its transportation
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use and the consumption of fossil fuels, as shown by Ashby’s eco-selection
audit in Fig. 1.1 b). Reducing the weight of a structure by using op-
timized composite materials is thus the preferred material design route
chosen by industrials to improve the transportation efficiency of civil
aircrafts.
Figure 1.1: Composite use in aeronautic industry : figures and mo-
tivation; a) illustration of the increasing use of composite materials
in terms of structural component part in weight of civil aircrafts over
the last decades, b) Eco-selection audit highlighting that most of the
energy costs associated to the lifetime of a civil aircraft are generated
during its use via the consumption of fossil fuels (Taken from [1]).
Conceptually, if the clever assembling of different materials into large
integrated composite panels can give outstanding mechanical and even
functional properties with a guaranteed weight reduction, it also involves
complex deformation mechanisms and failure scenarios, spreading over
the different length scales of these hierarchical materials.
The numerous mechanical and fracture processes are not yet fully un-
derstood and predicted today [2]. Therefore, the use of such materials
for a large part of civil aircraft structures goes not only with the pro-
duction of a wide range of shape, size and microstructure of composites;
but requires that for each of these new components, a long and costly
qualification procedure must be performed, such as the one shown in
Fig. 1.2. For instance, the certification of an airframe structure requires
≈ 104 tests of material specimens along with tests of components and
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structures up to entire tails, wing boxes and fuselages [2]. Moreover, op-
timization of these structural composite materials has also to be carried
out by a costly and time-consuming trial-and-error approach.
Towards virtual testing of materials
I Reduce experimental testing
I Optimize performance
I Understand and predict behavior
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Figure 1.2: Illustration of the qualification procedure required for the
aeronautic certification of a new composite structural component.
This state of affairs strongly pushes for continuing the development
of more predictive models, based for instance on multi-scale modeling
strategies, towards the virtual testing of these materials. Indeed, the de-
velopment of multi-scale modeling tools to carry out virtual testing and
design would allow (i) a reduction of the amount of experimental testing,
(ii) the optimization of the performance through a first virtual explor-
ation step; and eventually (iii) the improvement of the understanding
of the underlying micro-mechanisms in order to guide the development
of better materials. The different multi-scale modeling approaches are
discussed in the next subsection.
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1.1.2 Multi-scale modeling approaches
Nowadays, two main multi-scale modeling strategies exist in the compu-
tational modeling engineering community : on the one hand, the stand-
ard top-down approach long-used in industrial structural engineering;
and, on the other hand, a rather novel bottom-up approach, essentially
proposed and developed by research centers and university labs.
Top-down
This strategy tackles multi-scale problems starting from a numerical
analysis of the entire structure, usually through finite element meth-
ods, in a global-to-local approach. Initial evaluation identifies the « hot
spots » regions where further refined analyses are required, as schem-
atically illustrated in Fig. 1.3. Typically, the material models used in
TOP – DOWN 
multi-scale 
strategy 
Figure 1.3: Illustration of the top-down multi-scale modeling
strategy.
such approaches are purely phenomenological and rely on a number of
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parameters whose physical meaning is not always established and which
have to be fitted based on experimental data.
The main drawbacks of such modeling strategy are that : (i) a large
number of parameters must be identified, (ii) the predictive capabilities
are rather limited, and (iii) physical insights is lacking.
Bottom-up
The bottom-up multi-scale approach takes the reverse way, starting
from micro- and nano-mechanical informations and climbing up through
the different length scales, each time using the lower-scale behavior as
an ingredient of the constitutive model for the higher-scale response, as
shown in Fig 1.4. In case of clear separation of length-scales, homogen-
ization schemes can be applied and used to transfer information from
one scale to the other. This transfer of information through the length-
scales is the main difference with top-down approach where couplings of
different simulation techniques are used instead.
Figure 1.4: Illustration of a bottom-up multi-scale modeling
strategy. Taken and adapted from Llorca et al. [2].
As illustrated in Fig. 1.4, the present thesis intends to fit into this
approach by providing a better understanding and modeling of the in-
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trinsic deformation mechanisms and fracture behavior of the epoxy mat-
rix. The starting motivation of the work is a strong claim that a better
understanding and modeling of the mechanical response of the element-
ary matrix constituent is essential for predicting the composite response
under several important loading conditions.
For instance, it is reported in the literature [2,3] that matrix and fibre-
matrix interface mechanical properties determine the fracture and mech-
anical performance of composites plies perpendicular to the loading dir-
ection as well as in plane shear deformation. Moreover, major non-linear
deformations can develop under transverse compression, off-axis tensile
loading or for in-plane shear deformation [4], as shown in Fig. 1.5, mean-
ing that simple linear elastic representations of the matrix behavior are
not adequate.
Figure 1.5: Examples of loading conditions where non-linear beha-
vior is related to the matrix response : a) cyclic tensile test of a
biaxial woven composite under 45◦ off-axis orientation, b) In-plane
shear tests on cross-ply laminates, taken from [4], where the first
part of the curve is controlled by matrix yielding, while the second
one is controlled by the elastic deformation of the fibres.
As illustrated in Fig. 1.5 a), the case of cyclic loading as well as fatigue
of composites, which is of capital importance for the considered applic-
ations, will also be strongly influenced by the response of the matrix [5].
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Besides the non-linear stress-strain behavior, other mechanical features
reported for composites can be related to the matrix response, such as
tension-compression asymmetry [6], rate- and temperature- dependence
of yield strength [7, 8] or creep response [5].
1.2 Technological challenges and scientific object-
ives
A first objective of this thesis is to perform a thorough study of the mech-
anical and fracture behavior of the HexFlow RTM6 epoxy resin in order
to provide to modeling experts the needed constitutive models, failure
criteria and parameter identification for muti-scale composite simula-
tion. The characterization campaign will address the large strain beha-
vior of the epoxy, as it was shown that, despite the somewhat brittle
behavior of fibre-reinforced composites, the epoxy matrix can locally
undergo very large deformations, as highlighted by the observation of
shear bands during the transverse compression of a uni-directional (UD)
sample in Fig. 1.6. Moreover, the epoxy response to cyclic loading and
creep tests will have to be inquired as well as it was shown to significantly
affect the composite behavior under corresponding loading conditions.
The second objective of the thesis is more fundamental. It aims at
studying the underlying micro-mechanisms associated to the deform-
ation of epoxy resins and more generally of glassy polymers far below
their glass transition. More specifically, unraveling themicro-mechanical
origin to the important kinematic hardening observed upon unloading,
and rarely predicted by the state-of-the-art constitutive models, consti-
tutes one of the central question of this research work, together with
other phenomena like intrinsic softening, strain recovery at zero applied
stress and rate-reversal phenomena. The final goal being to propose a
physics-based original theory accounting for this behavior, with as few
parameters as possible, instead of relying on the usual phenomenological
approaches for the description of the material response. Ultimately, this
study should open avenues for guiding the development of higher per-
formance resins and composites.
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Figure 1.6: Illustration of the formation of highly-deformed shear
bands in the epoxy matrix of a UD specimen subjected to transverse
compression at a level of strains of  ≈ 0.05 [−].
1.3 Outline of the thesis
The present dissertation is organized into seven chapters.
Chapter 1 is the present introduction.
Chapter 2 is devoted to a review of the literature concerning the mech-
anical characterization of epoxy resins and a focus on the state-of-the-art
constitutive models addressing the description of viscoelastic-viscoplastic
behavior of glassy polymers. A particular interest is also put on the re-
view of the deformation micro-mechanisms occurring in glassy polymers,
from localization phenomena towards the molecular description of the
origin of the viscoplastic deformation.
The considered epoxy resin studied in this work, the industrial grade
HexFlow RTM6, is presented in Chapter 3 as well as the curing sched-
ules. The experimental characterization techniques used throughout the
thesis are also described.
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The three next chapters present the results generated during this work.
Chapter 4 focuses on the deformation of the RTM6 epoxy resin un-
der essentially monotonic loading paths, involving compression, tensile,
notched tensile, torsion and shear loadings, leading to the identific-
ation of a phenomenological constitutive model including a pressure-
dependent yield criterion with a rate and temperature dependent harden-
ing law. Moreover, four different failure criteria are also identified against
the experimental results and a detailed fractography analysis is per-
formed.
In Chapter 5, the time-dependent behavior as well as the strong kin-
ematic hardening upon unloading are thoroughly investigated through
cyclic loading using both compression and torsion tests as well as creep,
recovery and relaxation tests under compressive loading. Rate-reversal
phenomena are observed and the activation volume formalism is used in
order to unravel a possible origin of the observed behavior.
The starting point of Chapter 6 is to assume that stress heterogeneities
are at the origin of all the specific deformation mechanisms observed
in RTM6. After, experimentally motivating this assumption, a Shear
Transformation Zone (STZ) based model coupled to a Finite Element
(FE) framework is built from the original works of Argon and Schuh in
metallic glasses and adapted to the case of thermosets. The model is
then assessed over most of the loading conditions applied on RTM6 and
is shown to capture all the features experimentally observed.
Eventually, Chapter 7 closes the discussion by summarizing the main
achievements of this work and adresses future perspectives.

Chapter 2
State of the art
2.1 Generalities : mechanical behavior of glassy
polymers
Before addressing the state-of-the-art in the characterization and con-
stitutive modeling of glassy polymers, we briefly recall the main features
of their intrinsic mechanical behavior far below Tg. The aim is to define
the specific vocabulary and to set the common framework for the ana-
lysis of RTM6.
This will be performed following a two-step methodology : each feature
will be first phenomenologically described, before being explained by
assuming the underlying mechanisms commonly accepted in polymer
science.
After that, the proposed general physical picture of the deformation
mechanisms in an amorphous polymer will be put in perspective and
related with the most simple mechanical modeling analogue through the
combination of linear and non-linear springs and dashpots. This simple
modeling approach, originally proposed by Haward and Thackray [11] in
1968, is the first corner stone of a large family of finite strain constitutive
models, either based on a viscoelastic and/or viscoplastic descriptions.
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2.1.1 Mechanical features and associated mechanisms
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Figure 2.1: Schematic representation of the intrinsic stress-strain
behavior of glassy polymers, in parallel with the corresponding com-
pression test : 1) elastic-viscoelastic region, 2) yield transient, 3)
strain softening, 4) strain hardening, 5) unloading back-stress, 6)
strain recovery.
As shown in Fig. 2.1, the intrinsic stress-strain behavior of a glassy
polymer (and thus RTM6) exhibits several specific features related to
characteristic stages of deformation :
1. Elastic-viscoelastic region
The start of polymer stress-strain curve is characterized, as for most
materials, by an elastic region. The strain is immediately recoverable
and characterized by a Young’s modulus E around 1 to 4 [GPa] for
glassy polymers.
The slope of the elastic region tends to progressively decrease showing a
non-linear elastic response. The response is also moderatly viscoelastic,
or sometimes called anelastic.
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In this region, strain results mainly from secondary intermolecular in-
teractions [9–11] and side group movements.
The anelastic component of deformation is related to limited retarded
local molecular movements of amorphous chains. These movements al-
low stress relaxation, and thus, induce the observed non-linearity. The
loss of linearity can be even more significant in the case of important
secondary and tertiary transition in the considered material [12, 13].
In this region, the strain is still fully recoverable within a short range of
time, while the molecular chains come back to their original conforma-
tion.
2. Yield transient
The plastic yielding process marks the transition from elastic regime to
plastic regime. By convention, the yield point is defined as the local
maximum of the stress-strain curve.
The yield transient is very much affected by strain rate, temperature and
hydrostatic pressure [14]; but also by the prior thermo-mechanical his-
tory of the material, as will be discussed here below. For some polymers,
a strong differential in plastic yielding can exist between compressive
and tensile loading whether it be due to processing orientation [15] or
intrinsic material behavior [16–18].
Physically speaking, it corresponds to overcoming the activation bar-
rier to main-chain segmental motions, allowing the chains to start mov-
ing along each other and create irreversible1 change of configuration.
The analogy to Tg can be made and yielding is sometimes called stress-
induced glass transition [9], because, in this case, the mobility is stress-
activated.
1By « irreversible » , we mean at the test temperature and within time-scales
significantly long with respect to the time of the experiment.
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Note on thermo-mechanical history effects
Glassy polymers refer to polymeric systems used under their glass trans-
ition temperature Tg, therefore in a meta-stable equilibrium state. Des-
pite the strongly reduced mobility of the chains (frozen-in state), the ma-
terial properties are still evolving with time, this phenomenon is called
physical aging and corresponds to a progressive densification of the ma-
terial towards its ideal compact crystal form, as shown in Fig. 2.2 a).
The difference, in terms of volume, between the actual glassy state of
the material and the ideal equilibrium is referred to as the amount of
free-volume, therefore characterizing not only this meta-stable state but
also the level of molecular mobility.
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parameter Sa, schematically represented in Fig. 10b.
We propos d that the parameter Sa displays a
logarithmic evolution in time9 (see Table 1). The
influence of temperature and applied stress are
modeled in an effective time approach [29]. For
samples with an arbitrary (unknown) thermal history,
the determination of the yield stress at a single strain
rate is already sufficient to obtain the initial value of Sa
and thus to obtain a full, quantitative constitutive
description of the material.
5. From intrinsic behavior to macroscopic
response
The differences between the tough PC and brittle
PS are reflected in their intrinsic behavior, see Fig. 5a.
The main differences are that in PS the strain
softening is more pronounced, while the strain
hardening is (much) less. The last is directly related
to the entanglement density of PS that is, with an
entanglement molecular weight Me of 20.000 versus
2000 for PC, extremely low. If we just change this
entanglement density of PS, simply by mixing with
poly-phenylene-ether, PPE (with Me of 5000), we can
increase strain hardening [48] and change the
mechanical behavior of PS into that of PC, see Fig. 11.
A more precise investigation on the influence of the
intrinsic behavior of polymeric materials on their
resulting macroscopic response can now be performed.
We start with PC and use a cylindrical test bar, thus
allowing for a 2Dcalculation,with a standard tensile bar
shape. Upon loading, we plot the true stress in the mid
plane of the bar on different axial positions, see Fig. 12
that shows in cross-section a quarter of the test bar. We
conclude that softening after yield results in localization
via neck formation, but that the strain hardening in PC is
sufficient tomake the neck run trough thewhole sample,
until the diameter increase at the clamping position is
reached and the stress in the sample increases until
breakage occurs. Next, we compare the intrinsic, true
stress–true strain, behavior with the macroscopic
engineering stress-engineering strain curve as mon-
itored during testing, see Fig. 13. Fig. 13a plots the stress
in the mid plane of the tensile bar where the neck is
formed (becausewe introduced, like in the simulation of
Fig. 12, a small imperfection there). In Fig. 13b, the
macroscopic, so called stress–strain curve, is plotted as
measured on the clamping side of the test bar, see the
legend in Fig. 13. We recognize that as soon as yield is
past in the intrinsic behavior of Fig. 13a, softening
induces a decrease in stresswhich is reflected as a strong
decrease in the engineering stress in the macroscopic
part, Fig. 13b. When the neck runs through the
macroscopic sample, realized by the intrinsic strain
hardening, see Fig. 12, the true stress within the neck
remains constant. The length of the plateau found in the
macroscopic response of Fig. 13b depends on the
sample’s geometry, especially the length of the test bar,
and thus should never be considered to reflect strain! If
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Fig. 10. True stress–strain curves for polycarbonate with two different initial states (quenched and annealed) (a). Schematic representation of the
evolution of Sa for different initial states (b).
9 It should be noted that the ageing sensitivity of the yield stress of
a polymer is not solely determined by the rate of change of the state
parameter Sa (the shift along the strain rate axis), but also by the
slope of yield stress versus the logarithm of strain rate.
H.E.H. Meijer, L.E. Govaert / Prog. Polym. Sci. 30 (2005) 915–938924
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Figure 2.2: Illustration of thermo-mecha ical history effects for a
glassy polymer on : a) volume evolution with temperature, b) stress-
strain curve under Tg. Physical aging process is represented b the
black arrows, while rejuvenation process is shown with a red-dashed
arrow.
This non-equilibrium glassy state is not only defined by the amount of
time the material has been under Tg, but also by its processing conditions
as well as its previous thermal and/or deformation history. Indeed,
while slow cooling tends to reduce the amount of free-volume, rapid
cooling (quench) will trap more of it. This has an effect on the measured
mechanical properties, as shown in Fig. 2.2 b), the yield stress increasing
with aging, which can be accelerated by performing thermal annealing
below Tg.
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Nonetheless, these effects can be countered by applying a rejuvenation
treatment, either thermal (reheating above Tg and quenching) or mech-
anical (pre-deformation of the specimen typically performed by torsion
or rolling). Rejuvenation of a glass consists in increasing its amount of
free-volume either by plastic deformation, as the chains motion create
free-volume, or by heating the material above Tg and trapping more
free-volume with a faster quench than previously.
3. Strain softening
Just after the yield point, a stress drop occurs which is called strain
softening.
As strain softening is related to the yield stress, it is also strongly de-
pendent on previous thermo-mechanical history, and therefore can be
significantly reduced or increased by mechanical rejuvenation or phys-
ical aging, respectively. On the other hand, as the end of the softening
step is related to the start of strain hardening, it is also influenced by the
same parameters as the rehardening behavior, for instance the density
of entanglements or crosslinks.
This phenomenon is often related to an extrinsic plastic localization pro-
cess. Indeed, instead of spreading homogeneously to the entire mater-
ial, deformation first keeps increasing in local shear bands2 until next
deformation stage is locally reached, strain hardening, leading to a pro-
gressive stress transfer to adjacent zones and is eventually spread to the
rest of the material through the propagation of a macroscopic neck [22],
as illustrated in Fig. 2.3.
However, in the case of intrinsic softening, i.e. when softening is not ex-
trinsically triggered by specimen geometry and/or boundary conditions,
the corresponding physical origin is not fully understood and still sub-
jected to debate. Some authors [14,23,24] attribute part of the softening
to strain rate effects in the material, while other acknowledge the pos-
sibility of localization at a microscopic scale [25,26].
2These shear bands can be observed experimentally under polarized light [14,19–
21].
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interest. Motivation is that this results clearly opens
the possibility to predict a polymer’s life time
performance without performing a single mechanical
test.
7. Craze initiation
Although interesting so far, the polymer story is
not finished yet with the results obtained on the
intrinsic behavior that can reversibly at wish be
altered by physical ageing and mechanical rejuve-
nation. Neither are we finished after the quantifi-
cation of the polymers response, using advanced
constitutive equations that capture the physics
appropriately and allow us to predict the polymer’s
future in dependence of its past given the transient
stress and temperature profiles it will experience
during use. First reason to continue the analysis is
that if we scratch, e.g. bullet proof PC, upon
impacting the material breaks brittle via crazing.
Moreover, we also want to improve on brittle
polymers like PS, to prevent them from crazing and
introduce shear yielding. Crazing has been studied
in great detail by a large number of experts from
which Ed Kramer in Cornell, Itaca (now in Santa
Barbara) was, without any doubt, the most original
one.10 He designed beautiful experiments and
developed now well-established theories [51–59].
His general starting picture is that, after plastic
flow, a craze develops via the initiation of a cavity,
the growth of instabilities and finally
the coalescence of holes. In order to tackle the
problem here in a simple way, we will focus on
the initiation of the first hole in thematerial, underneath
a scratch or a surface defect. For that we need a craze-
initiation criterion and to identify that we performed
micro-indentation tests with a sphere of 250 mmpushed
into the surface of quenched and annealed PS samples
using different normal loads [60]. After the experiments
Fig. 13. Tensile testing of PC. From intrinsic to macroscopic behavior. We plot the true stress in the middle of the test bar (the neck, left) as a
function of the local strain, (a), and the resulting engineering stress, which is the tensile force measured right at the clamping side over the initial
cross-section of the test bar, versus engineering strain, defined as the length of the test bar over the original length, see (b), at six different stages
of the test.
10 At the occasion of the 50th anniversary celebration of the
Journal of Polymer Science, the editors selected Henkee and
Kramer’s original break-through paper of 1984 [53] to be reprinted
in 1996. It is still today interesting to read Ed Kramer’s (and also
Hugh Brown’s) reflection written on this occasion [54]. Please taste
the following sentence: ‘Even today the idea that a linear
viscoelastic measurement of the rubbery plateau modulus in the
melt could elucidate the large strain plastic deformation behavior of
the glass seems nothing short of miraculous; but there were
certainly many hints in previous work that entanglements were
important for both deformation and fracture’.
H.E.H. Meijer, L.E. Govaert / Prog. Polym. Sci. 30 (2005) 915–938 927
Figure 2.3: Numerical simulation of stable neck propagation during
a tensile test on PC. It illustrates t e eff ct of in rins c softening a)
on the necking localization process and the macroscopic engineering
stress-strain curve b). Taken from [9].
In parallel, this intrinsic softening process is believed to be associated
with important free-volume generation [30–32].
4. Strain hardening
At larger strains, the stress rises again as the material re-hardens. This
phenomenon is referred to as strain hardening in the polymer scientists
community3.
Physically speaking, it is associated to the response of the entangled
or crosslinked network which starts to prevail through chain orienta-
tion [33,34] at large strains. It is most of the time deemed independent
of prior thermo-mechanical history, but can be significantly affected by
the entanglement/crosslink density as shown by Govaert e l. [35]. In
a lesser extent, rate sensitivity and temperature dependence are also re-
por ed, a d related by some authors [36] to a linear epende ce between
3It can sometimes lead to potential misunderstanding with metallurgy sci ntist
here the term is dedicated t a more general meaning.
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the hardening modulus and the yield stress.
As reported by Hoy et al. [37–39] and Govaert and co-workers [33, 36],
viscous contribution to strain hardening has been highlighted and sug-
gests that the large strain behavior of glassy polymers is not uniquely
due to the entropic resistance to chain alignment.
Note on a failure process : stable vs extreme localization
Eventually, it is important to note that the combination of strain soften-
ing followed by strain hardening is a key issue in understanding the fail-
ure process in glassy polymers [9,40]. Indeed, their respective ratio will
determine wether non-catastrophic localization will occur (such as in
bullet-proof PC), or whether the polymer will show catastrophic localiz-
ation in terms of craze formation perpendicular to the loading direction
(such as in brittle PS). This is illustrated with the stress-strain responses
of PC an PS and associated localization processes in Fig. 2.4.strain localization: necking and crazing
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Figure 2.4: Illustration of the effect of softening/hardening ratio on
the failure mechanism of PS and PC. Taken from [197].
5. Back-stress during unloading
Another feature, rarely mentioned, nor specifically addressed in the liter-
ature, but of particular concern in this thesis is the strong non-linearity
of the unloading behavior.
This behavior is often referred to as kinematic hardening upon unload-
ing or Bauschinger effect, in analogy to similar behavior observed in
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metals. Although such effect is thought to be related to self-stresses,
referred as back-stresses, that have built up internally during the first
loading of the material making the reverse deformation easier [14], the
detailed micro-mechanical picture of the origin of such behavior is not
yet fully unveiled, nor understood.
6. Strain recovery after unloading
A last characteristic of the mechanical behavior of glassy polymers which
is also not often discussed in the literature even though it has been
observed for some time now (by Bowden in 1974 [41] and by Argon in
1977 [15]), is the important strain recovery of freestanding specimens
after deformation.
This strain recovery of apparent plastic deformation in amorphous poly-
mers can be further enhanced by increasing the temperature near and
above their glass transition. Some specific applications such as shape-
memory polymers (SMP) [42] take advantage of this phenomenon.
However, as stressed by the pioneering work of Marano and Rink [27,43,
44], this phenomenon also rises the question of what can be considered
as the true onset of « plastic » deformation in the case of glassy poly-
mers. Pushed even further, one could wonder what is the real difference
or boundary between the viscoelastic and viscoplastic behavior?
As will be briefly discussed in the next subsection, in the end, vis-
coelastic or viscoplastic formulations with kinematic hardening are two
similar mathematical ways of describing a same kind of behavior. In the
present work, considering the experimental evidences of a rather small
viscoelastic behavior in the case of RTM6 (cfr. Chapter 3 for DMA
results), we chose to follow a viscoplastic-based modeling approach.
Eventually, it worth noting that such type of stress-strain response has
been largely reported for thermoplastic polymers loaded both in tension
and compression [10,23,45–51], the most studied systems being probably
PC and PMMA. The corresponding literature for the case of thermosets,
and more specifically for epoxy resins, exists but is far more limited and
will be addressed in details in section 2.2.1. The fact that the same
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mechanical features are observed for both thermosets and thermoplastics
suggests that the underlying physical mechanisms are similar for both
polymer systems.
2.1.2 Modeling strategy : spring-dashpot analogue
From the previous description of the different features of the mechanical
response of glassy polymers being strained below their glass transition
temperature, the following general physical picture can be drawn.
As illustrated in Fig. 2.5, the molecular motions of entangled or cross-
linked glassy polymers have to overcome two main physico-mechanical
barriers in order to reach large inelastic strains : a) the intermolecular
resistance component corresponding to the activation of chain motion
on a segmental scale; and b) the network component accounting for the
progressive alignment and locking of extended chains between entangle-
ments or crosslinks.
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Figure 2.5: Physical picture of glassy polymer behavior related to
the associated simple mechanical analogue proposed by Haward and
Thackray. The 1-D elastic-viscoplastic model is composed of a non-
linear spring in parallel with an elastic spring and a non-linear dash-
pot in series. Taken from [197].
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This commonly accepted physical picture of glassy polymer deformation
mechanisms was first translated into a simple spring-dashpot mechanical
analogue model by Haward and Thackray [11]. The present subsection
intends to quickly introduce its working principle (as it is the common
basis of most recent constitutive modeling approaches) and its inherent
limitations.
In its original version, a non-linear spring is loaded in parallel with a
linear elastic spring in series with a viscoplastic dashpot, as shown on
branch B and A of Fig. 2.5, respectively.
Each mechanical element of the model is chosen to fulfill a specific goal
and must be invoked to reproduce the different features of the hardening,
as illustrated in Fig. 2.6 for monotonic loading :
• On branch A, the linear elastic spring accounts for the elastic re-
sponse at small strains with a modulus around 1 to 4 [GPa] which
is related to the Van der Walls interactions between the chains.
• The viscoplastic dashpot of branch A models the viscoplastic flow
and corresponding activation threshold once its neighboring elastic
spring has stored enough energy to trigger it. Physically speaking,
it corresponds to the activation of main-chain segmental motions,
and thus the first irreversible conformational changes (local chain
slip movements).
• The non-linear spring of branch B is used to predict the non-linear
stiffening arising at large strains, associated with chain alignment.
Traditionally, it is build from the entropic spring formulation of
rubber elasticity theory, reflecting the intramolecular resistance to
the decrease of conformational entropy when a chain is extended.
For the latest element, it is important to keep in mind that we use an
analogy to rubber-elasticity theory4, but it does not correctly repres-
ent the actual physics involved. Indeed, in the case of glassy polymers,
and in our reachable experimental-time window, the large strain plastic
4Partly based on the idea that passing the yield transient is mechanical equivalent
to passing Tg.
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Figure 2.6: Stress decomposition and progressive contributions of
the different elements of Haward and Thackray spring-dashpot model
during monotonic loading. Plain blue arrows indicate the applied
stretching direction, while the size of orange arrows show the level
of deformation of each model element.
On the stress-strain graph, the continuous line shows the total model
response while dashed and dotted-dashed lines indicate the inter-
molecular and network contribution, respectively.
deformations are not (fully) recoverable. Moreover, rubber-elasticity
theory suggests a linear dependence of the entropic spring modulus with
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temperature, whereas experimentally strain hardening is shown to de-
crease with increasing temperature for most glassy polymers; therefore
stressing the limitations of this analogy.
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Figure 2.7: Stress decomposition and progressive contributions of
the different elements of Haward and Thackray spring-dashpot model
during unloading at large strain. Plain blue arrows indicate the
change of loading direction, grey-dotted arrows indicate the last
stress state of the model elements before unloading, while the size
of orange arrows show the level of deformation of each model ele-
ment.
On the stress-strain graph, continuous lines show the total model
response while dashed and dotted-dashed lines indicate the inter-
molecular and network contribution, respectively.
Fig. 2.6 and 2.7 illustrate intuitively and qualitatively the working prin-
ciple of the proposed spring-dashpot model, for both loading and un-
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loading condition respectively. For monotonic loading, at small strains,
the linear elastic spring dominates the mechanical response (the non-
linear spring being still very soft); then, when sufficient stress is built-in
the viscoplastic dashpot activates giving rise to softening followed by
constant plastic flow; eventually, at large strains, the non-linear spring
progressively starts to prevail, inducing the expected hardening beha-
vior. The scenario sequence upon unloading or reversing the load dir-
ection is relatively similar, except from the fact that it starts from a
non-zero stress-strain location, as shown in Fig. 2.7.
As announced earlier, it worth noting that the present physical pic-
ture and associated spring-dashpot model can be implemented either
through a viscoelastic formalism or viscoplastic formalism with associ-
ated kinematic hardening or even a combination of both. In the end,
which formalism is chosen does not significantly matters as in one case
« plastic » deformation will simply be referred to as very long relaxation
time deformations, while in the other case, recovery will proceed via the
action of internal backstress instead of viscoelastic relaxations.
Nonetheless, whatever the viscous formalism used, the present modeling
approach will always have some drawbacks, especially considering the
unloading behavior. Indeed, as shown in Fig. 2.8 a) and b), the pre-
diction of unloading response at large strains can be artificially biased
by the use of a non-linear spring for the network contribution. Over the
years and through the evolution of constitutive models for glassy poly-
mers, different strategies have been developed to overcome this problem,
either by adding a viscous contribution to the network response [33] or
by superposing several non-linear springs in parallel [96, 97], or other
more complex combination of springs and dashpots [91].
However, besides increasing significantly the number of model paramet-
ers, and thus the model complexity, the present physical picture seems to
be missing some important intrinsic features of glassy polymer behavior
as will be highlighted through out this thesis.
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FIGURE 5 The difference between the mechanical response of
PC in uniaxial tension and compression for (a) isotropic speci-
mens, data taken from ref. 26, and (b) specimens that have been
preoriented in tension up to a true strain of 0.6.
strain after unloading to zero stress) is identical for all pre-
strains >0.35. To give an impression of the actual behavior,
uniaxial tension and compression curves are combined in a
single plot, see Figure 6(b). Please note that the compression
experiments were not performed immediately after unload-
ing. Nevertheless, the discrepancy between the experimental
behavior and the model predictions becomes frighteningly
clear.
Besides the EGP model, also other well-established models
that describe the mechanical behavior of glassy polymers, such
as the BPA model10 and the OGR model,14,61,62 will predict this
physically unrealistic behavior. In the following, a simple 1-D
model is used to show that the problems are caused by the
decomposition of the stress as it was proposed by Haward and
Thackray.4
Elastic Strain Hardening
First, the traditional approach is used, incorporating a purely
elastic description of the strain hardening behavior. In the 1-D
model used here, only the postyield mechanical behavior is
considered, assuming an additive decomposition of the stress
! into a viscous flow stress !flow and an elastic strain hardening
stress !r, consistent with the work of Haward and Thackray:4
!= !flow("˙)+ !r(#). (3)
The viscous flow stress is a function of strain rate "˙, which is
described with an Eyring relation:63
!flow("˙)= kTV ∗ sinh
−1
(
"˙
"˙0
)
, (4)
where the activation volume V ∗ and the rate constant "˙0 are
model parameters. Boltzmann’s constant is denoted by k, and
the absolute temperature T is 293 K in all simulations. The
elastic strain hardening stress is a function of the draw ratio
#, according to a neo-Hookean relation:
!r(#)=Gr (#2 − #−1), (5)
FIGURE 6 Mechanical response of PC in cyclic uniaxial deforma-
tion: (a) as predicted by the EGP model, and (b) an impression
of the actual behavior, see text. For clarity, the tensile prestrain
levels are indicated in the graphs.
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a) b) 
true strain [-] 
Figure 2.8: Limitation of entropic spring representation for mod-
eling the unloading behavior : a) predicted unloading response and
associated stress distribution for 3 levels of total applied strain, b)
similar observation performed by Govaert and al. [33] with EGP
model. Continuous lines show the total model response while dashed
and dotted-dashed lines indicate the intermolecular and network con-
tribution, respectively.
2.2 M croscopic testing and modeling
In this section, a literature review of the current level of experimental
characterization and testing of RTM6 as well as other epoxy resins and
thermosets is first performed. In contrast with the most commonly used,
and thus studied, thermoplastic polymers (such as PE, PMMA, PS, PC,
PVC), the amount of available experimental data on the deformation
behavior of crosslinked polymers is not as wide as one could think, even
though their extensive use nowadays as adhesives but also structural
materials.
The discussion will then be shifted to the available phenomenological and
constitutive modeling approaches for addressing such kind of mechanical
behavior in the more general case of glassy polymers. A historical evol-
ution of the most relevant models for an elastic-viscoelastic-viscoplastic
behavior will therefore be drawn in order to schematically illustrate the
actual available modeling approaches and explain their specificities.
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2.2.1 Characterization of epoxy resin and other highly-crosslinked
thermosets
The specific case of the RTM6 resin mechanical behavior is not much
covered in the current literature. Most papers related to this system
address either the associated curing kinetics and the different techniques
to assess it [52, 53], or are indirectly related to it trough its use as a
matrix in various type of composite laminates [54].
Nonetheless, two papers addressing the large strain and fracture beha-
vior of the RTM6 resin are to be mentioned :
• On the one hand, the work of Fiedler and Hobbiebrunken [55]
about the determination of the true strength of RTM6, using
micron-sized fibre tensile specimens. Their work highlighted a
small strengthening size-effect on the fracture strain with decreas-
ing tested gauge volume. In parallel, the effect of temperature
was also investigated [56] and partly reported in a conference pro-
ceeding [57], showing a strong dependence of the yield and failure
stress and strain on temperature. Their results indicated that
shear yielding was allowed at high-temperature in tension while a
premature brittle behavior was observed at room temperature.
• On the other hand, Gerlach et al. [17] investigated the mechan-
ical and fracture behavior of RTM6 under high rate and impact
loading at room temperature, with tensile and compression tests
performed in a Hopkinson pressure bar testing set-up. Covering six
decades of strain rates, their results showed a bilinear dependence
of yield stress and Young’s modulus on the logarithm of strain rate,
with a slope transition between quasi-static and impact loadings.
Eventually, they proposed a first constitutive modeling approach
of the pre-yield behavior, accounting for the effect of hydrostatic
pressure based on the Goldberg model [58,59], and added a simple
fracture criterion to distinguish compression and tensile failure.
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Besides the case of RTM6, the large strain and failure behavior of other
epoxy resins have not been widely studied in the literature. Most of the
researches dedicated to the characterization of thermoset epoxy resins
only cover part of the triangle « strain rate - temperature - hydrostatic
pressure » sensitivity of their true stress-true strain behavior. Moreover,
some papers address the rate-temperature-pressure dependence of the
peak yield only, while others cover the full range of deformation, includ-
ing intrinsic strain softening and re-hardening, but overlook the effect
of one of the aforementioned external parameters. Eventually, most pa-
pers focusing on the nonlinear behavior of the resin do not specifically
address the problem of final failure, and vice-versa.
It is important to distinguish two families of studied epoxies :
• the large majority of the literature deals essentially with resins
involving low crosslink densities, mostly based on a difunctional
precursors and bi- or tetra-functional hardeners. Among them,
the most investigated epoxy grade is the diglycidyl ether of bi-
sphenol A, also called DGEBA. These epoxies can usually be cured
at room temperature and exhibit a large plastic or visco-plastic
deformation before failure both for positive and negative stress-
triaxialities5.
• a smaller part of the literature is dedicated to the characteriza-
tion of moderately to highly crosslinked epoxies, based on higher-
then-two functionality precursors and often tetrafunctional amine
hardeners. These epoxy resins allow the formation of dense 3-
D molecular networks, therefore exhibiting high stiffness, thermal
and chemical stability, making them ideal candidates for high-
performance structural applications. Nevertheless, the disadvant-
age of their high density of chemical crosslinks, is that it makes
them relatively brittle under positive stress triaxiality and forbids
them to achieve very large deformation [60,61].
5The stress-triaxiality is defined as T = σH
σe
, i.e. the ratio of hydrostatic stress
over equivalent Von Mises stress.
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Among all the studies developed on epoxy resins, it is worth mentioning
a series of interesting investigations.
Concerning the low crosslinked DGEBA based systems, Liang and Liechti
[24] studied such epoxy under different stress-states and strain rates. A
key element of their study was the use of a modified Arcan configuration
to apply various combination of tension or compression on shear. They
showed that localization through initiation and widening of a shear band
occurred under shear loading and highlighted that superimposing ten-
sion or compression on shear receptively led to premature or retarded
failure. Gómez - del Río [62] tested another DGEBA system in compres-
sion at moderate and high (impact) strain rates. They also identified
a bilinear dependence of the yield stress on the logarithm of the strain
rate, and used a Ree-Eyring [63] and Richeton et al [46,47] modeling ap-
proaches to predict the slope transition between quasi-static and impact
loadings. Still for a DGEBA based system, Fiedler et al. [16] studied
the yield and failure behavior under different stress states, by performing
uniaxial tension, uniaxial compression and torsion tests. Unfortunately,
only one temperature and one strain rate were tested. They showed that
a Mohr-Coulomb criterion was sufficient to capture pressure-sensitivity
of the deformation and failure of the resin, and suggested that the lat-
ter occurred by micro-cavitation in the material where the maximum
principal stresses were reached. Detailed fracture surface analyses were
performed and revealed the transition between shear-dominated yielding
to tensile dominated failure mode.
The transition in terms of mechanical properties of epoxies from low to
moderate and high levels of crosslinking density was addressed by several
authors. Yamini and Young [64] studied the effect of crosslinking degree
playing on the resin composition and the amount of hardener used, at
different strain rates and temperatures under compression loading in a
DGEBA-based resin. They focused on the evolution of yield stress and
Young’s modulus, using Argon [65] and Bowden [41] molecular yielding
theories, but did not considered the non-linear deformation behavior at
large strains. A second paper [66] and sister publication [67] specifically
addressed the crack propagation mechanisms, in parallel with a fracto-
graphic study. They highlighted a transition from continuous to unstable
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and « stick-slip » propagation as a function of the resin composition,
temperature and strain rate. Asp et al. [68] tested different thermoset
epoxy resins, going from a low-crosslinked DGEBA to highly-crosslinked
tetragycidyl diaminodiphenyl methane epoxy (TGDDM), under uni-
axial, biaxial and triaxial state of stress. They first analyzed the results
in terms of yielding using either a pressure-modified Tresca criterion,
or the original or pressure-modified version of Von Mises criterion con-
sidering that the plasticity was driven by shear. Second, they analyzed
the failure of the different epoxies using a dilatational energy density
criterion, assuming that failure came from micro-cavitation. Sindt et
al. [25] studied the effect of chain flexibility and crosslink density on
the compression behavior and the Young’s modulus sensitivity at differ-
ent temperature of DGEBA and DGBD based epoxy resins. They used
Eyring [69] equation to identify the associated activation volumes and
related them to the molecular architecture, notably stating that both
elastic and inelastic deformation are due to the thermo-mechanically
activated nucleation, growth and coalescence of shear micro-domains.
Eventually, Edward and Cook performed a similar study on the influ-
ence of the rigidity of the polymer backbone and the crosslink density on
the large strain compression behavior at different strain rates [61] and
different temperatures [70]. They first showed that the degree of cross-
linking did not affect the activation volume identified by Eyring equa-
tion, but that increasing the temperature tended to increase it. Second,
Robertson, Argon and Bowden molecular yield models were identified
and compared to the experimental data, the two latter showing a better
prediction capability. The chain flexibility was shown to influence both
the Tg and the Young’s modulus in the glassy region.
The EPON 862 epoxy resin is a good example of moderately to highly
crosslinked epoxy addressed in the literature. Goldberg and co-workers
[71] assessed their developed model against tensile and shear stress-strain
curves up to the peak yield, at different strain rates for the EPON 862
epoxy resin. Littell et al. [72] investigated the large strain behavior of
the EPON 862 resin under different states of stress (uniaxial compres-
sion, uniaxial tension and torsion), at various temperatures and strain
rates. They provided a relatively complete characterization benchmark
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of the observed viscoplastic behavior with reproducible results, and were
able to assess, through the use of digital image correlation (DIC) sys-
tem, elastic Poisson ratio as well localization processes such as necking
in tension, or shear banding in torsion. Unfortunately, no modeling ap-
proach were pursued and failure was not addressed. Poulain et al. [18,73]
further developed the same DIC technique and used the gathered exper-
imental results to build an elastic-viscoplastic constitutive model of the
large strain behavior of EPON 862 accounting for temperature, rate
and pressure sensitivity as well as large strain non-linear hardening law.
Nonetheless, prediction of the failure behavior and study of the corres-
ponding fracture surfaces were overlooked.
To conclude, besides their more brittle behavior in tension, the macro-
scopic responses of epoxy resins loaded in compression have exhibited
many similarities with thermoplastics intrinsic behavior, suggesting that
the origins of plastic flow, softening and re-hardening are identical in
both types of polymers [64] and mainly related with their glassy nature.
Paradoxically, it worth to be noted that no similarities in terms of pro-
gressive damage mechanisms by crazing could be reported in the case
of epoxy resins [66,68], where the brittle failure is more often related to
micro-cavitation process under maximum principal stresses around local
defects.
Morevoer, it is important to state that most of the previously discussed
characterization studies involved only monotonous loading along radial
or close to radial paths. Indeed, non-monotonic loading such as cyclic or
time-dependent (e.g. creep, relaxation and recovery) behavior are even
less covered in the literature, not only in the case of thermosets but for
thermoplastics as well. The very few research works that address relax-
ation, creep and recovery in the case of thermoset epoxy resins are the
following : Littell et al. [72], mentioned above, also performed some first
cyclic tests under compression, showing important kinematic hardening
upon unloading and hysteretic behavior when cycling. Xia et al. per-
formed biaxial [74], torsional [75], compressive, tensile and fully-reversed
cyclic tests as well as strain recovery tests [76] on EPON 826 epoxy
resin. They tried to predict the corresponding observed behavior via
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the development of a specific viscoelastic model that differentiated the
loading and unloading responses of the epoxy. Even though the model
showed good predicability of the epoxy cyclic behavior, no physically-
based argument could justify such differentiation approach. Step creep
tests [77] were also used for the calibration of their model. Pap et al. [78]
investigated the time-dependent behavior of an epoxy adhesive during
relaxations tests. They also discussed the effect of viscoplastic behavior
during fully-reversed cycle tests. Westbrook and al. [42] specifically ad-
dressed the recovery kinetics of epoxy systems, in the particular case
of SMP applications, accounting for rate and temperature sensitivity of
yield as well.
For more references concerning unloading and time-dependent behavior,
the discussion must be enlarged to the case of thermoplastics. Some
of the pioneering works in the area are the following: Rabinowitz and
Beardmore [48] provided an extensive study of the cyclic behavior of sev-
eral glassy thermoplastics (e.g. PC, PMMA and Nylon 6-6), accounting
for strain rate and temperature sensitivity as well as performing a fracto-
graphic study of the obtained fracture surfaces. G’sell and Jonas [10]
performed rate jumps, relaxation and unloading-reloading cycle test on
a large set of widely used thermoplastics (e.g. PVC, HDPE, LDPE,
PA6, PA6-6, PP and PTFE). Hasan and Boyce [26] studied the effect of
temperature and applied load on the creep response of PMMA and also
observed the corresponding non-linear unloading as function of applied
strain. Bauwens [79] and Struik [30, 80] performed thorough investiga-
tions on the critical parameters influencing the creep responses of PC
and PVC, respectively. Marano and Rink [27, 43, 44, 81] were among
the first to investigate recovery after unloading for several glassy poly-
mers, involving PMMA, PC and styrene-acrylonitrile copolymer. They
accounted for the effect temperature and strain rate on the onset and
kinetics of recovery.
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2.2.2 Glassy polymer constitutive modeling : state-of-the-art
During the last fifty years, a considerable effort has been devoted to
the development of constitutive relationships for the description of large
deformation behavior of solid polymeric materials. Therefore, a large
literature exists on the subject, originally developed for the case of ther-
moplastics but that applies for any type of glassy polymers. As previ-
ously described (cfr. Section 2.1.2), the first pioneering work originates
from the 1D model proposed by Haward and Thackray [11] in 1968.
They basically set the first common stone of the long family of finite
strain constitutive viscoplastic models for amorphous polymers.
As a reminder, the original version of the model, written for thermo-
rheologically simple materials6, is schematized in Fig. 2.9 as a spring-
dashpot mechanical analogue.
Figure 2.9: Schematic illustration of the mechanical analogue of
Haward and Thackray 1D elastic-viscoplastic model.
In the formulation proposed by Haward and Thackray, the intermolecu-
lar resistance (branch A), corresponding to the plastic flow activation,
was modeled using an Eyring dashpot, while a Langevin spring (as de-
rived from a non-Gaussian statistical mechanics theory of rubber elasti-
city) was used for the description of the configurational entropy resist-
6Meaning that secondary or tertiary transitions do not significantly affect the
deformation mechanisms.
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ance (branch B), which accounts for the re-hardening at large strains.
In 1988, this model was, hence, extended to 3D and applied to PMMA
by Boyce, Parks and Argon [82], also known as the BPA model. In that
case, the plastic strain rate dependence, initially described by Eyring’s
equation of transition of states [63, 69], was replaced by Argon’s micro-
mechanical model of molecular yielding, involving a double kink de-
formation mechanism7 [65]. Both expressions, when inverted, provide
a close-to-linear relationship between yield stress and the logarithme of
the applied strain rate, while also including an Arrhenius-type depend-
ence on temperature. In the Argon’s expression, additional temperature
dependence is included via a relationship between the athermal shear
resistance parameter s0 and the temperature dependent shear modulus
µ(T ). Softening is introduced empirically by adding an evolution law to
the athermal shear strength towards a saturation value which is attained
at the lower yield. Pressure sensitivity of yielding is taken into account
by replacing the athermal shear resistance by a pressure-modified coun-
terpart8. The modeling of the entropic resistance was kept as based on
the non-Gaussian statistical mechanics network model (using an inverse
Langevin function), originally developed through the works of Guth et
al. [83, 84] and Treloar et al. [85, 86].
Later, Arruda and Boyce [87] improved the entropic spring model, using
a more realistic 8-chain rubber elastic model, instead of the usual so-
called 3-chain model of Wang and Guth that was shown not capable
of picking up the strain hardening observed in PC and PMMA. They
suggested that network response would be better predicted by using a
set of eight chains connecting the central junction point and each of the
eight corners of a unit cube, as illustrated in Fig. 2.10 b). Note that the
entropic spring also brings an additional sensitivity of the hydrostatic
pressure, in addition to its already included temperature dependence.
Wu and Van der Giessen [88], in an effort aiming to get as close as
possible to the random nature of the macromolecular network, developed
the so-called full network model. Instead of making the approximation
of ascribing periodically repeating units as for the 3-chain and 8-chain
7This will be described in more details in a later section.
8Such approach iss also possible with a modified Eyring formulation.
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models, they rather proposed to randomly distribute the directions of
the end-to-end vectors in space, see Fig. 2.10 c). They thoroughly
compared the three different rubber elastic models for the prediction of
large strain behavior of PC and PMMA under various state of stress.
Note that this full-random network was also shown to be accurately
approximated by a combination of the 3-chain and 8-chain model [89].
Besides these three most popular models for the entropic response, other
variants still exists, such as the use of a neo-Hookean model by Govaert
et al [99].
Figure 2.10: Schematic representation of the 3-chain model [84],
the 8-chain model [87], and the random network model [88] for the
network entropic resistance response. Taken from [60].
Over the years, and as a function of the application, many authors fine-
tuned or updated this model to specifically account for other important
features of the considered glassy polymer. As depicted in Fig. 2.11,
several specific research groups have greatly contributed to the recent
development of such models. Among them, the two most productive
groups can be easily identified :
• first, the work performed at MIT, especially through the research
teams of Mary Boyce and Lallit Anand;
• and second the model developed in Eindhoven, currently called
EGP9 model, by Govaert and co-workers.
9Standing for Eindhoven Glassy Polymer model.
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Figure 2.11: Schematic representation of the successive de-
velopments of finitie-strain constitutive modeling of viscoelastic-
viscoplastic behavior of glassy polymers. In parallel to the models
development, important characterization was required to highlight
the different peculiarities of such behavior. Dashed lines and squares
refer to characterization and micro-mechanical understanding work,
while continuous lines address model development.
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In each of these research groups (and in many other smaller research
teams, as sketched in Fig. 2.11), specific improvements have been suc-
cessively pursued either to improve the accuracy of the predicted stress-
strain response (e.g. pre-yield non-linearity or softening/rehardening
kinetics), or to account for the effect of other testing parameters (e.g.
prior thermo-mechanical history or non-monotonic loading).
In the case of MIT, Hasan and Boyce [26] were able to better predict
the non-linearity of yielding as well as the kinetics of intrinsic softening,
making the assumption that inelastic deformation originated from the
initiation, growth and coalescence of localized shearing zones. Modeling
this via a distribution of activation energies, they were also capable of
predicting the creep response of PMMA (in addition to the usual rate-
and temperature-dependent monotonic behavior) and account for the
effect of physical aging. Boyce, through various collaborations, has also
pursued other modifications of her original model to address specific
applications. For instance, the Bergström-Boyce model [90] was imple-
ment to target the cyclic loading behavior of elastomers in soft biological
tissues applications, which was applied to highly crosslinked UHMWPE
and was further improved into the Hybrid model of Bergström [91–93].
With Mulliken [94], Boyce also studied the transition of rate dependence
between low and high strain rate. Thermo-mechanical coupling of the
deformation, to account for non-isothermal loading, was initiated by Ar-
ruda et al. [95], and later pursued by Anand, Ames and Srivastava [96,97]
who developed a fully thermo-mechanically coupled large-deformation
elasto-viscoplasticity theory for amorphous polymers, which was later
extended to even cover temperature range spanning over their Tg [98].
To our knowledge, this constitutive theory is the most successful model-
ing approach to account for most of the discussed characteristic features
of glassy polymer behavior presented in the previous section (cfr. sec-
tion 2.1) as illustrated in Fig. 2.12. However, this accuracy has a price :
the complexity of the model which requires no more than 37 parameters
in its simplest form.
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Figure 2.12: Good prediction of Anand et al. model [97] for both
rate- and temperature- dependence under monotonic and cyclic load-
ing : a) for PMMA under compression, b) for PC under fully re-
versed torsion. Taken from [96].
In the case of TUe10 research group, Tervoort et al. [99, 100] first im-
proved the prediction of pre-peak yield non-linearity by properly ac-
counting for the non-linear-viscoelasticity of the polymer and thus for
the case of thermo-rheological complex behavior (e.g. identified against
a creep compliance master curve as shown in Fig. 2.13). This approach
was further developed over the years [101], to eventually account for
multiple relaxations in the last version of the EGP model by Van Bree-
men [13]. Van Melick performed exploratory research on strain harden-
ing origin [35] and on the thermo-mechanical influence on the localization
phenomena in PC and PS [40]. This later allowed Klompen et al. [12]
to fully account for the effect of prior thermo-mechanical history, either
through accelerated physical aging or by mechanical rejuvenation, on the
yield and post-yield behavior in their constitutive modeling approach.
Practically speaking, they used an internal state variable to describe the
aging kinetics and account for its effect on yield stress and plastic flow.
With Engels [102], Klompen also addressed the long-term failure and
embrittlement of PC by physical aging. Engels [103] also focused on the
effect of molecular orientation on yield properties induced by processing
conditions. Meijer and Brekelmans [104] studied the effect of heterogen-
10Eindhoven University of Technology.
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eous polymer system on the macroscopic stress-strain curve through FE
simulations with various amount of void fractions. They showed that
the imposed heterogeneous pattern promoted shear yielding and could
result in a toughening mechanism of the polymer system. Senden et
al. [33] later focused on the unloading behavior and the possible origin
to the observed Bauschinger effect upon unloading, suggesting a viscous
contribution to the hardening behavior. Eventually, it worth be noted
that Van Dommelen et al. [105] adapted the EGP model to also ad-
dress the case of semi-crystalline polymers, accounting distinctly for the
crystalline behavior of spherulites.
clear that both yield and creep are determined by the same Eyring process. The best fit
resulted in a value for t0 5 0.89 MPa and for h0 5 4.656131020 MPa s.
2. Linear viscoelastic parameters
In the limit of small stress and strain, the multi-mode Leonov model reduces to a
generalized Maxwell model ~in shear!. Therefore, in order to find the linear Leonov
parameters, the linear relaxation time spectrum needs to be determined. In Sec. IV A the
10 MPa compliance master curve was obtained through application of the time-stress
superposition principle. This compliance curve is complete towards the long time limit,
since the plateau-creep regime was estimated. However, the 10 MPa compliance master
curve does not constitute the linear compliance curve. The value of the nonlinearity
parameter t0 indicates that above an equivalent stress of 0.89 MPa polycarbonate already
behaves in a nonlinear way. Therefore, the linear complia ce curve could only be ob-
tained indirectly by shifting the 10 MPa master curve horizontally by a factor
as(teq10 MPa). The resulting linear compliance curve is depicted in Fig. 9. Again, this is a
virtual curve, since aging has not been taken into account. Only the first part of this
virtual curve is equal to the experimental linear compliance curve for polycarbonate of
this particular age and grade. At longer times, the experimental curve will deviate from
the virtual linear compliance curve ~Fig. 9! due to aging.
Also plotted in Fig. 9 is the single model approximation of the linear compliance
curve, which is obtain d by only taking into acc unt the initi l ‘‘glassy’’ response and the
final ‘‘fluid’’ response ~characterized by the glassy compliance Dg and the total zero-
shear viscosity h0e !.
The solid line in Fig. 9 is a fit using a generalized Kelvin–Voigt model
TABLE II. Viscosities from yield points at different rates of strain as a function of equivalent stress.
´˙ @s21# 1.431024 1.531024 1.431023 1.431023 1.431023 1.631022 1.431022
syield @MPa# 61.7 59.9 63.6 63.1 63.1 65.3 66.6
hyield @MPa s# 4.53105 4.13105 4.63104 4.53104 4.53104 4.23103 4.73103
teqyield 35.6 34.6 36.7 36.4 36.4 37.7 38.5
FIG. 9. The linear compliance curve D(t) ~s!. The solid line is a fit using a generalized Kelvin–Voigt model;
for comparison the single mode approximation is added ~dashed line!.
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These creep curves were shifted horizontally along the logarithmic time axis with
respect to the 10 MPa reference curve. The resulting master curve is depicted in Fig. 5.
From Fig. 5, it is clear that a smooth compliance master curve can be constructed by
horizontal shifting of the creep tests at different stresses. It must be emphasized that the
compliance master curve at 10 MPa is a ‘‘virtual’’ curve that will strongly deviate from
an experimental creep test on the same time scale, due to aging effects.
The logarithm of the shift factors log(a10) necessary to construct the master compli-
ance curve at 10 MPa ~see Fig. 5!, are tabulated in Table I as a function of the creep load.
The second part of the experimental verification of time-stress superposition consists
of fitting the shift data from Table I with the Eyring Eq. ~3!. A plot of all the shift factors
with respect to the 10 MPa creep curve is depicted in Fig. 6.
The solid line is a fit using the Eyring expression for the shift function ~3!. It is clear
that the creep data are determined by one Eyring shift function. Therefore, the second
condition is also met, and we may assume that time-stress superposition may be applied.
B. Material parameters
In the previous section it was verified experimentally that time-stress superposition
applies to polycarbonate. To complete the multi-mode Leonov model for polycarbonate,
the material parameters have to be determined.
1. The Eyring parameters
The Eyring viscosity function ~3! which describes the nonlinearity in the stress re-
sponse is determined by two parameters, the zero-shear viscosity h0 and the nonlinearity
parameter t0 . These material constants may be determined by fitting a plot of the vis-
cosity as a function of equivalent stress. Therefore, we need to extract viscosity data from
the creep tests at different stress levels ~Fig. 4!. In principle, this should be done by
measuring the plateau-creep rate ~´˙pl! of each creep experiment. The plateau-creep rate is
FIG. 5. Construction of the master curve of the creep compliance at a reference stress of 10 MPa.
TABLE I. Shift factors resulting from the construction of the 10 MPa master compliance curve.
s0 @MPa# 10 15 20 25 30 35 40 45 50 52.5 55
log(as 10) @2# 0 21.5 22.6 23.9 25 26.5 27.4 28.6 210 211.4 212.2
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a) b) 
Figure 2.13: a) Construction of a cre p co pli nce master curve
to account for non-linear viscoelasticity in pre-yield region; b) Com-
parison of multi-mode compliance response with single-relaxation ap-
proximation. Taken from [99].
Besides this two main research groups, others research teams have per-
formed and developed similar updates of the original BPA model. For
instance, several other authors accounted for a more progressive pre-
pe k yi ld non-linearity : Kweon et al. [106] and Poulain et al. [73]. As
Tervoort, other authors have replaced the Argon’s or Eyring’s expres-
sion of the plastic strain rate by more complex expressions allowing for
multiple transitions, such as Richeton et al. [46,47], this in order to ex-
tend their model to the glass transition region. Coming back to Poulain
et al. [18, 73], it worth to be noted that their model is inspired from all
previous major modeling approaches as illustrated in Fig. 2.11 and is
the most rec nt adaptation fo he case of another epoxy resin.
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Finally, other ingredients can be added in such models such as the effect
of free volume (kinetics of-) on aging [102] and softening [107,108]. It is
worth mentioning also that similar viscoplastic models were applied to
metallic glasses from the mid 70’s, for instance by Spaepen [109], based
on the free volume theory of Cohen and Turnbull [110]. These models
directly account for the effect of free volume, and free volume evolution,
on yielding.
Another family of models have also been specifically developed to better
reproduce the case of non-monotonic loading conditions. For instance,
the case of creep was extensively covered by Struik [30,80], and besides
the work of Hasan-Boyce, other modeling approaches were proposed
by Bauwent-Crowet [79] and Khan and Krempl [111–114]. In the case
of cyclic loading, besides the above mentioned work of Bergström and
Anand et al., alternative approaches were presented either using metal
viscoplasticity models by Avanzini [115] or differentiating loading and
unloading behavior as implemented by Xia and Ellyin [74–77]. The im-
portant characterization of cyclic and fatigue loading tests on several
glassy polymers performed by Rabinowitz [48] also worths to be men-
tioned. As illustrated on the right part of Fig. 2.11, it is important
to recall that in parallel to the development of elaborated constitutive
models, a strong experimental characterization work is always necessary
and moreover drives the different developments over the years.
Eventually, it worth mentioning that other viscoelastic-viscoplastic mod-
els exist [116,117], not always available for large strains [118], and most
of the time dedicated to the good reproduction of the unloading beha-
viour [119, 120], the evolution of damage [121], the hysteresis, and the
thermal-mechanical coupling in cyclically loaded thermoplastics. Most
of them, originally inspired from metal viscoplasticity theories [122,123],
are not readily available as constitutive models in standard distributions
of common commercial finite element softwares, and thus require a rig-
orous implementation within a user material subroutine11, which does
not always go along with robustness.
11Note, that the models developed by Anand et al. [96–98], by Boyce et al. [94],
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This usually prevents the use of the well characterized behavior of the
resin in the field of the multi-scale modeling of materials or even in the
current engineering practice. Therefore, in this thesis, the constitutive
model is selected in order to be directly applicable with the standard
distribution of the general purpose finite element software Abaqus [124],
without the need for coding user defined material subroutines. The
introduction of the identified model in the current engineering practice
is thus straightforward.
2.3 Deformation micro-mechanisms in glassy poly-
mers
Following the logic of the structure of the thesis from macro to micro,
the aim of the present section is to zoom into the physical deformation
micro-mechanisms occurring in amorphous polymers. To this end, a fo-
cus on localization processes occurring at different length scales (from
macroscopic necking to microscopic shear bands) will first be addressed.
Then, a review of the main molecular theories of plastic yielding in poly-
mers will be reviewed, and eventually confronted to the recent results
obtained through molecular dynamics (MD) simulations at the nano-
scale.
2.3.1 Localization phenomena in amorphous polymers
The mechanism of plastic deformation in glassy polymers is usually re-
ferred to as shear yielding12. It takes place essentially at constant volume
and leads to a permanent change in specimen shape. If it implies the
translation of molecules with respect to one another, it is important to
note that large strains can be achieved with a small number of chains
by Kweon et al. [106], by Poulain et al. [73] and also the last developments of EGP
model also involve the use of such user material subroutines.
12Sometimes, crazing is considered as a second mechanism [21, 125], however this
second mechanism is not present in crosslinked polymers [68] and we rather prefer to
consider it as a damage mechanism [126].
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units and thus without breaking any chemical bond even in presence of
chemical crosslinks [125].
Shear yielding can occur and lead to localization phenomena at different
length scales :
• either macroscopically (≈ 1 [mm]) giving rise to necking in tension
or large shear bands in plane strain compression;
• or microscopically (≈ 1 [µm]) through micro-shear bands.
In glassy polymers, shear bands can be observed either in the form of
numerous highly localized micro-shear bands, or in larger diffuse shear
deformation zones. As reported by Bowden [14] and Quinson et al. [127],
the type of shear band system depends on the microstructural state of
the considered polymer, and thus on its intrinsic chemistry and thermo-
Figure 2.14: Observations of shear bands systems in various glassy
polymers, deformed under plane strain compression, by transmission
optical microscopy through cross polarizers : a) PMMA at 20◦C, b)
PS at 20◦C, c) PS at 90◦C and d) slow cooled PC at 20◦C. The
scale in the left bottom corners of the micrographs corresponds to 1
[mm]. Taken from [127].
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mechanical history. Some examples of these distinct shear bands systems
are illustrated in Fig. 2.14 in the case of plane strain compression tests,
observed under cross-polarized light.
Hsieh and Kinloch [128] were able to highlight similar distinctions between
different epoxy systems : low crosslinked epoxies tending to exhibit
more diffused shear zones while highly crosslinked systems show a mix-
ture of diffused zones with more highly localized micro-shear bands in
between. This is illustrated in Fig. 2.15 a) where the two micrographs in
the center correspond to low-crosslinked systems while the two external
micrographs refer to more highly crosslinked epoxies. The distinction
of crosslinking degree is further confirmed through the corresponding
stress-strain curves shown in Fig. 2.15 b).
loading direction. They recommended using z¼ 2 for the modulus
perpendicular to the loading direction. For the spherical silica
nanoparticles used in the present work, the aspect ratio is unity,
and hence z¼ 2 will be used. The predictions are compared with
the experimental data in Fig. 2 and, as may be seen, the HalpineTsai
model, whilst giving an approximately linear relationship, does
consistently over-predict the moduli of the nanoparticle-ﬁlled
epoxy polymers.
Considering the Nielsen model, then the basic LewiseNielsen
model [48], using the work of McGee and McCullough [49], gives
the modulus, E, of the silica-nanoparticle modiﬁed epoxy polymer
as:
E ¼ 1þ ðkE $ 1Þbvf
1$ mbvf
Eu (4)
where kE is the generalised Einstein coefﬁcient, and b and m are
constants. The constant b is given by:
b ¼
!
Ep
Eu
$ 1
"#!
Ep
Eu
þ ðkE $ 1Þ
"
(5)
It should be noted that b is identical to h in the HalpineTsai
model when a shape factor of z¼ (kE$ 1) is used. The value of m
depends on the maximum volume fraction of particles, vmax, that
can be incorporated and may be calculated from:
m ¼ 1þ
$
1$ vf
%
vmax
h
vmaxvf þ ð1$ vmaxÞ
$
1$ vf
%i
(6)
Values of vmax have been published by Nielsen and Landel [50]
for a range of particle types and packing. The micrographs shown
in the present work indicate that the silica nanoparticles in the
epoxy polymer are non-agglomerated and randomly arranged.
Nielsen and Landel quote a value of vmax¼ 0.632 for such random
close-packed, non-agglomerated spheres, and this value will be
used in the presentmodulus predictions. The value of kE varies with
the degree of adhesion of the epoxy polymer to the particle. For an
epoxy polymer with a Poisson’s ratio of 0.5 which contains
dispersed spherical particles then (a) kE¼ 2.5 if there is ‘no slip-
page’ at the interface (i.e. very good adhesion), or (b) kE¼ 1.0 if
there is ‘slippage’ (i.e. relatively low adhesion) [50]. However, the
value of kE is reduced when the Poisson’s ratio, y, of the polymer is
less than 0.5 [51]. In the present work y¼ 0.35, so the values of kE
will be reduced by a factor of 0.867. Hence, in the present work, (a)
kE¼ 2.167 if there is no slippage, or (b) kE¼ 0.867 if there is slippage
at the interface [50]. The predictions for these two cases are given
in Fig. 2, which shows that reducing the adhesion of the nano-
particle/epoxy-polymer interface, i.e. to enable ‘slippage’, reduces
the value of the predicted modulus. For the ‘slip’ version of the
Nielsen model, the agreement between the predictions and the
experimental data is excellent.
In summary, from Fig. 2, the best agreement is with the Nielsen
‘slip’ model. The HalpineTsai and the Nielsen ‘no-slip’ models both
lead to somewhat higher predictions of the modulus, for a given
value of vf, and tend to over-predict the experimentally-measured
moduli of the different epoxy polymers, compared to the Nielsen
‘slip’ model. It is of interest to note that these three models have
been used previously to predict the moduli of both silica nano-
particle and ‘hybrid’ (i.e. where both silica nanoparticles and rubber
microparticles are present) ﬁlled epoxy polymers [20,45]. These
earlier studies also found that at relatively high values of vf, above
about 0.1 of silica nanoparticles, the Nielsen ‘slip’ model gave the
best agreement with the measured values. However, unlike the
present study, the earlier studies found that a relatively low values
of vf (i.e. at values of vf below about 0.1) the HalpineTsai and the
Nielsen ‘no-slip’ models gave better agreement. Thus, it would
seem that an overall conclusion is that the measured moduli of the
different silica-nanoparticle ﬁlled epoxy polymers approximately
lay between an upper-bound value set by the HalpineTsai and the
Nielsen ‘no-slip’ models, and a lower-bound value set by the Niel-
sen ‘slip’ model, with the last model be ng the more accurate at
relatively high values of vf. Although, it should be noted that the
mean value, and associated scatter band, for the normalised
Young’s modulus for the polyether-amine cured DGEBA/F does fall
somewhat below the sugge ted lower-bound value, as deﬁned by
the Nielsen ‘slip’ model.
3.2.2. Plane-strain compression behaviour
The true stress versus true strain relationships for the u mod-
iﬁed epoxy polymers from the plane-strain compression tests are
shown in Fig. 3. Asmay be seen, the r la ionships all exhibit broadly
similar features. Namely a clearly deﬁned yield stress, syc, followed
by some strain-softening, where the stress now decreases as the
strain further increases. This strain-softening region is then fol-
lowed by a well-deﬁned s rain-hardening region up to a ﬁnal
fracture strain, gf. The values of the true tensile yield stress, sy, true
compressive yield stress, syc, and true fracture strain, gf, for the
unmodiﬁed epoxy polymers are given in Table 3, where the typical
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coefﬁcient of variation from replicate tests was !3%. In Table 3, the
relatively low values of the compressive yield stress, syc (and also of
the tensile yield stress, sy) and high values of the fracture strain, gf,
for the polyether-amine cured DGEBA/F and polyether-amine cured
DGEBA epoxy polymers, which possess similar and relatively low
Tg, and high Mc, values, see Table 1, ar especially noteworthy.
As described above, transmission optical micrographs, using
cross-polarised light, of polished sections were taken of the
unmodiﬁed epoxy polymers which had been loaded to within the
strain-softening region during the plane-strain compression tests.
The transmission optical micrographs are shown in Fig. 4. They
clearly show that, for all the unmodiﬁed epoxy polymers, bire-
fringent shear bands form in the test specimen after the yield stress
has been attained and the strain-softening region has been entered.
This observation is in accord with the work of Bowden and Raha
[52,53] who demonstrated that the occurrence of inhomogeneous
plastic deformation, e.g. the formation of plastic shear bands,
resulted from the presence of a strain-softening region in the true
stress versus true strain relationship for a polymer. It has also been
established that such deformation is stabilised by strain-hardening
then taking place [54]. The implication of the above results will be
discussed further later, when the toughening mechanisms initiated
by the presence of the silica nanoparticles are described and
modelled.
3.3. Fracture prope ties
The values of the fracture toughness, Kc, and the fracture energy,
Gc, for the unmodiﬁed and silica-nanoparticle ﬁlled epoxy poly-
mers ar sh w in Table 2. As may be seen, as the volume fraction,
vf, of the silica nanoparticle phase is increased, the l s of Kc and
Gc both steadily increase. From the results shown in Tables 1 and 2,
the an ydride-cured DGEBA a d amine-cured TGMDA materials
possess signiﬁcantly higher glass transition temperatures (i.e. Tg
values of 143 and 186 "C, respectively) and the lowest molecular
weights, Mc, between cross-links (i.e. Mc values of 408 and 393 g/
mol, respectively) of the epoxy polymers; and they exhibit the
lowest values of toughness, see Table 2. This observation is in
agreement with similar trends from previous workers [29,55].
In Fig. 5 values of the fracture energy, normalised to that of the
unmodiﬁed epoxy polymer, are plotted versus the volume fraction,
vf, of silica nanoparticles for the different epoxy polymers. The
results clearly conﬁrm the relative difﬁculty of toughening the
anhydride-cured DGEBA and amine-cured TGMDA epoxy polymers
which possess the relatively high Tg and lowMc values. Indeed, the
four different types of epoxy polymer fall into two distinct sets
which may be both represented by a linear relationship between
the normalised fracture energy and vf, but the linear relationships
have a different slope for the two sets of results. These linear
relationships shown in Fig. 5 reveal that the polyether-amine cured
DGEBA/F and polyether-amine cured DGEBA epoxy polymers,
which possess similar and relatively low Tg, and highMc, values (see
Table 1), are both capable of being toughened to a signiﬁcantly
greater extent compared to the anhydride-cured DGEBA and
amine-cured TGMDA epoxy polymers.
4. Modelling studi s
4.1. Introduction
A previous study [45] has considered the toughening mecha-
nisms induced by the silica nanoparticles in detail. The toughening
mechanisms of (a) crack pinning, (b) crack deﬂection, and (c)
immobilised polymer around the particles were all discounted.
Instead, the ability of the silica nanoparticles to induce an
increased extent of plastic deformation of the epoxy polymer was
identiﬁed as the dominant toughening mechanism. The results of
the present study are in complete agreement with this earlier
work, and two types of plastic deformation mechanisms in the
epoxy polymer have been identiﬁed, which dissipate energy in
a region around the crack tip and so effectively blunt the crack tip.
These are (a) localised shear bands initiated by the stress
concentrations around the periphery of the silica nanoparticles,
and (b) debonding of the silica nanoparticles followed by subse-
quent plastic void growth of the epoxy polymer. These two
deformation mechanisms, both of which involve the epoxy
Table 3
Values of the true tensile yield str ss, sy, true compressive yield stress, syc, and true
compressive fracture strain, gf, for the unmodiﬁed epoxy polymers.
Epoxy polymer sy (MPa) syc (MPa) gf
Anhydride-cured DGEBA 88 120 0.75
Polyether-amine cured DGEBA/F 82 101 1.06
Polyether-amine cured DGEBA 67 96 0.86
Amine-cured TGMDA 111a 140 0.76
a A yield stress could not be recorded in tension and hence was calculated using
Eq. (14)).
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Fig. 4. Transmission optical micrographs, using polarised light, of polished sections
from the unmodiﬁed epoxy polymers which were loaded to within the strain-soft-
ening region, see Fig. 3. (Compressive loads applied to the top and bottom surfaces of
the sections).
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Figure 2.15: a) Transmission optical micrographs, using polarised
light, of polished sections from different epoxy polymers which were
loaded under plane strain compression to within the strain-softening
region; b) corresponding stress-strain curves of the studied epoxy
systems. Taken from [128].
Moreover, Bowden and Jukes [20] showed that these shear bands could
be further triggered by scratches on the edges of the sample, these local
defects facilitating the onset of the plastic instabilities. Indeed, these
localization processes are closely related to the intrinsic softening ob-
served in the corresponding glassy polymers. Bowden [14] explained the
different development of each type of shear bands systems as a combined
effect of the strain softening rate and rate-sensitivity of the flow stress.
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On the one hand, bands will develop more rapidly if the rate of strain
softening, i.e. the negative slope of stress-strain curve−∂σy/∂, is larger.
On the other hand, the rate at which they will develop will be limited
by strain rate-sensitivity of the flow stress, defined as (∂σ/∂(ln˙)). This
was also reported experimentally by Kramer [129] who measured the
propagation velocity of shear bands in PS.
Bowden [130] thus demonstrated that the rate at which they develop,
and thus the corresponding shear band system that will set up, depends
critically on the value of a material parameter with the dimensions of
strain and defined as follows :
∗ = − [∂σ/∂(ln˙)](∂σy/∂)˙ (2.1)
Diffuse shear bands, such as in PMMA at room temperature or PS at
90◦C (cfr. Fig. 2.14 a) & c)), correspond to a value of ∗ of 0.11 and 0.2
respectively [14]. The rapid increase in the amount of strain softening
observed in PS while decreasing testing temperature [131], gives rise to
a transition from diffuse to localized micro-shear bands, as observed for
the case of PS at room temperature in Fig. 2.14 b) and is associated
to a simultaneous decrease of ∗ value down to 0.01 and below. An
intermediate behavior is shown in Fig. 2.14 d) for PC, and is similar to
the behavior of PS at 70◦C for a corresponding ∗ value of 0.016. This
intermediate and transition behavior is schematically explained by Van
der Giessen in Fig. 2.16.
A last thing to note concerning the difference between these two ex-
treme cases of shear band systems is their corresponding level of local
deformation. While in broad diffuse bands the strain is only a few per
cent larger than in the rest of the material, sharper shear bands exhibit
larger local deformation in a quasi-unloaded surrounding matrix, this is
reported by Bowden and Jukes for the case of a thermoset in [20]. The
case of RTM6 will be studied and discussed for two different level of
curing in Appendix B.
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Figure 2.16: Schematic explanation of the transition from localized
micro-shear bands to diffuse shear zones. Taken from [126].
Figure 2.17: Schematic illustration of the different stages of shear
band initiation, propagation and widening in glassy polymers under
shear. Taken from [125].
If, in the case of plane strain compression, the nucleation of numerous
shear bands was observed, the case of simple shear test offers the ad-
vantage of initiating a single shear band that first lengthens through the
sample before progressively widening to deform the entire specimen ho-
mogeneously, as illustrated in Fig. 2.17. This initiation and propagation
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scenario under simple shear was reported on amorphous PC by careful
experiments carried out by G’sell and Gopez [34] with in-situ monitoring
of the specimen. Moreover, they studied the effect of different temperat-
ures and strain rates on the kinetics of the localization mechanism; and
also highlighted through X-ray measurements the gradual orientation of
the molecules inside the shear band. Later, Wu and Van der Giessen [22]
performed a similar thorough study through 2-D FE analysis of the ini-
tiation and subsequent propagation of a shear band under simple shear
in the general case of glassy polymers. Besides mesh sensitivity and
the effects of initial imperfection, they used their developed constitutive
model13 to study the effect of material properties such as strain softening
and orientation hardening. It appears from their results that intrinsic
softening is the driving force to promote initiation of the shear band
and its propagation in the shear direction, while strain hardening is
the driving force to the widening of the shear band. In general, good
agreement with the experimental results of G’sell and Gopez was found,
exception made from some 3-D effects that cannot be accounted for in
a 2-D simulation but that otherwise become critical only at very large
strains. Liang and Liechti [24] also monitored similar scenario of shear
band initiation, propagation and widening in the case of an epoxy resin
subjected to pure shear loading with a modified-Arcan test set-up.
In later studies, Van der Giessen et al. performed a similar analysis
on the effect of shear deformation on the necking propagation mechan-
ism under plane strain tension [89], while also explaining in a review
paper [126] the stabilizing effect of intrinsic material rate sensitivity on
the propagation of such localization phenomenon, detailing the distribu-
tion of strain rate ahead of the propagation front. More recently, Kweon
and Benzerga [132] performed 2-D and 3-D FE simulations of localiza-
tion process under tension in axisymmetric and plane-strain conditions,
therefore confirming previous results of Van der Giessen et al. and show-
ing that increasing the thickness of prismatic specimens tend to reduce
the propensity to shear banding. Moreover, in the case of thin films, the
authors showed that multiple initiations of shear bands lead to rough
surfaces of the drawn films.
13cfr. previous section.
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Figure 2.18: Tomita and Uchida FE simulation of uniform tension
with a distribution of yield stress : a) macroscopic equivalent stress-
strain curve, b) equivalent strain rate distribution.Taken from [133].
With a different approach, Tomita and Uchida [133] have studied the
effect of multiple shear bands initiation, propagation and interaction
by imposing a distribution of yield stress to trigger heterogeneous de-
formation mechanisms under different type of loading (e.g. plane strain
tension, shearing and compression). If their 2-D FE simulation indeed
seems to predict the expected type of shear band pattern observed ex-
perimentally and the progressive homogenization at very large strain,
it nonetheless tends to reduce macroscopic yielding and suppress the
softening step, as shown in Fig. 2.18. Besides this somewhat strange
result14, they interestingly highlight that the width of the distribution,
i.e. magnitude of its standard deviation, significantly influences the ob-
served yielding and softening behavior, while the distribution pattern
(symmetric vs. asymmetric) does not affect the corresponding macro-
scopic response any significant way.
14As usually localization phenomena tend to produce macroscopic softening.
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Eventually, G’sell [10, 125] also proposed a simple analytical model,
based on Orowan’s formula (see Eq. 2.2) used in dislocation plasticity, to
account for plastic waves (considered as linear molecular misfits) nucle-
ation and propagation. This dislocation analogue model was able to cor-
rectly predict the complex transient behavior15 of glassy polymers when
subjected to changes of strain rate. Basically, G’sell builds his model
along the idea that if the wave velocity can change instantaneously, the
wave density can only increase gradually as straining proceeds. In other
words, yielding or any instantaneous change of the applied strain rate
involves a gradual nucleation (multiplication) of plastic waves defects,
therefore resulting in some peculiar transient behavior. This is intro-
duced as follows :
˙p = ρ(σ∗, ) v(σ∗) b¯ (2.2)
The plastic strain rate ˙p is a function of ρ the length of plastic wave per
unit volume (i.e. density of linear shear defects), v is the mean velocity
of wave propagation and b¯ is a mean distance characterizing the element-
ary shear displacement caused by the passage of a wave. As described
in Eq. 2.2, G’sell assumes that the wave velocity is controlled only by
the effective stress σ∗ and characterizes the propagation process, while
the density of plastic waves ρ depends on both the effective stress σ∗
and the level of strain , and is related to the nucleation process. He
accounts for the gradual evolution of ρ by defining step functions for its
evolution. Besides a good description of transients behavior, G’sell was
also able to explain the previously discussed localization scenario under
pure shear with this simple model as well as the case of cyclic softening
when reversing the applied strain rate [125].
In conclusion, deformation in glassy polymers has been shown to be
a mechanically disordered process, with localization phenomena occur-
ring at different levels of scale; and the intrinsic microstructural state
of the material can be qualified as highly distributed in nature. This
was highlighted in terms of size and number density of free-volume sites
through PALS (Positron Annihilation Lifetime Spectroscopy) observa-
15These transients will be more deeply discussed in Chapter 5.
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tions by Hasan and Boyce [31], but also by G’Sell et al. [134] who showed
significant local shear orientation anisotropy in the deformed amorphous
structure through low frequency Raman scattering (including the case
of a cross-linked polymer). Moreover, Oleinik et al. [29, 135, 136] were
able to experimentally monitor through deformation calorimetry and for
several polymer systems including an epoxy-aromatic amine resin, the
progressive internal energy storage associated with the formation and
growth of these identified plastic shear events. Therefore acknowledging
the modeling idea of an energetically distributed nature of localized in-
elastic shear transformations proposed by Hasan and Boyce in [26].
Intrinsic softening, responsible for macroscopic and mesoscopic localiza-
tion phenomena, is thus itself due to microscopic and nanoscopic shear-
ing events occurring through collective conformational changes [129].
Next section specifically addresses several yielding theories that have
been successfully built from this molecular perspective.
2.3.2 Molecular theories of plastic yielding
Several models have been proposed in the literature to relate the ob-
served yield behavior to the detailed molecular structure of glassy poly-
mers and to the local changes in molecular conformation that occur at
yield, they are called molecular theories of yield. These modeling ap-
proaches aim at predicting the intermolecular resistance response, which
is the main contribution to yield based on the decomposition of Haward
and Thackray. Unlike the case of metals where the molecular description
of the yield strength is well established (based on dislocation motions),
no accepted unified quantitative treatment exists in the case of poly-
mers. As no characterization technique allows the direct observation of
molecular processes, several theories have been developed so far, each
capable of describing different aspects of the yield behavior, but the sug-
gested associated molecular process remains to some extent speculative.
In this section, based on the reference works of Bowden [14], G’Sell [125],
Kinloch [21] and Stachurski [137], a review of the four most-known
quantitative molecular theories (by Eyring, Robertson, Bowden and Ar-
gon) will be drawn, while other non-quantitative models will be briefly
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addressed.
It has first been suggested that the applied stress reduces the glass trans-
ition temperature Tg (to increase the mobility of the molecular segments)
until it becomes equivalent to the test temperature setting the onset of
yielding. Later, other authors have considered that this increase of mo-
bility could be quantitatively related to the increase of the volume of the
sample under tensile stress, and thus the associated free-volume genera-
tion. If the hydrostatic pressure does indeed slightly influences the seg-
ment mobility and thus the yield point, the problem with this argument
is that yielding still occurs under shear with no elastic volume change.
The idea was also envisaged that yielding was related to the progress-
ive break-down of interaction points between adjacent molecules that
could be geometrical entanglements or secondary Van der Walls forces.
If such processes are probable and are prone to explain the intrinsic
strain-softening [138], it is not clear to what extent they determine the
level of yield stress.
Eyring theory
The transition state theory due to Eyring [69] is certainly the earli-
est and most popular quantitative molecular model used for the flow
of polymers. Eyring described the deformation kinetics as a thermo-
mechanically activated process, i.e. he assumed that molecular segments
are vibrating due to thermal energy and that the effect of an applied
stress tends to reduce the height of the energy barrier for a forward
jump (∆G∗) and to increase it for a jump in the reverse direction. On
the molecular scale, Eyring assumed that plastic flow was related to the
propagation of kinks in the molecules into available holes, as schemat-
ized on Fig. 2.19 a). Therefore, in order to initiate the motion of a kink,
and thus of plastic flow, this kink needs to be raised energetically to an
activated state in order to pass the saddle point (point B on Fig. 2.19
b)) to jump to the next available hole.
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Figure 2.19: a) Illustration of Eyring molecular model of flow in
amorphous polymers, a molecule kink jumping from hole A to hole C
under an applied stress; b) Potential energy surface as envisaged in
Eyring transition state theory, the saddle point B being the activated
state.Taken from [137].
In this perspective, the macroscopic shear strain rate of a polymer is
thus proportional to the net number of local forward jumps, and can be
written as follows :
γ˙ = Γ˙0 exp
(
−∆G
∗
kB T
)
sinh
(Ωact τ
2kB T
)
(2.3)
Where Γ˙0 is a constant with the dimensions of strain rate, ∆G∗ is the
activation energy barrier and Ωact is the activation volume. The quant-
ity (Ωact τ) has the dimensions of an energy and corresponds to the work
done on the mobile kink during a jump by the applied shear stress τ .
Despite its dimensions of a nanometric volume in most glassy polymers
(varying non-systematically from one system to another), the true phys-
ical interpretation of the activation volume Ωact is not straightforward
and will be more deeply discussed later in this thesis16. Eyring describes
16cfr. Appendix A and Chapter 5.
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plastic flow as a viscous process occurring at constant stress, Eq. 2.3
can thus be rearranged as :
τ = 2kB TΩact
sinh−1
[
γ˙
Γ˙0
exp
(∆G∗
kB T
)]
(2.4)
The hyperbolic sine function of Eq. 2.3 is often approximated by an
exponential, under the condition that Ωact τkB T  1. Moreover, the present
formulation was extended by Duckett et al. to account for the hydro-
static pressure dependence of the yield behavior of polymers, by adding
a « σhΩh » term in the exponential to account for the hydrostatic pres-
sure work. We eventually obtain :
γ˙ = Γ˙0 exp
(
−∆G
∗ − τ Ωact − σh Ωh
kB T
)
(2.5)
An extra temperature dependence was introduced by Ree and Eyring
[63] who suggested that the activation volume varies proportionally with
the absolute temperature.
The Robertson model
Robertson theory is a conformational change theory where the molecu-
lar chain is assumed to have two minimal rotational states: (i) the low
energy trans conformation, and (ii) the high energy cis conformation,
also called flexed bond. Above Tg, the populations of cis and trans
states are in equilibrium and follow a Boltzmann distribution. How-
ever, when the material is cooled under Tg the system is frozen-in in the
glassy state and the conformation populations remain unaltered, in the
absence of stress. However, when a shear stress is applied to the system,
the difference of energy between the two states is lowered and causes cer-
tain segments to change from trans to cis conformation, as illustrated
on Fig. 2.20. Robertson assumes that increasing the population of cis
states, and thus of flexed bonds, will allow enough chain mobility to
permit a sequence of jumps that will eventually lead to plastic flow and
yielding.
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Figure 2.20: Schematic illustration of Robertson molecular model :
under an applied shear stress, local conformations change from trans
to cis state. Taken from [125].
As in the case of Eyring, Duckett et al. extended in a similar way the
original formulation of Robertson model to account for hydrostatic pres-
sured dependence of yield. Although the model accounts correctly for
the plastic properties of glassy polymers at temperatures near Tg, for
temperature close to the absolute zero the model strongly over-estimates
the yield stress. Moreover, as the elastic interaction between the deform-
ing chain segment and the surrounding matrix is not taken into consid-
eration, the model fails to explain the influence of shear modulus [125].
Bowden theory
Following the work of Gilman who suggested that a dislocation was
a valid concept to be applied to amorphous material too, Bowden and
Raha proposed a molecular model for plastic yielding in amorphous poly-
mers making use of a dislocation analogue [41]. Bowden envisaged the
critical step of the plastic yielding process as being the nucleation and
growth under stress of small disc-shaped sheared regions that form with
the aid of thermal fluctuations. The strain fields of the sheared regions
are assumed to be analogous to those of dislocation loops with a Burgers
vector equal to the magnitude of the shear displacement and a radius
equal to the radius of the sheared regions. However, Bowden stressed
that the dislocation concept is only an analogy in the case of glassy
polymers and that it should not be pressed too far, the main goal be-
hind the introduction of such analogy being to take advantage of the
already developed solutions for the energies and stresses associated with
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dislocation loops. Fig. 2.21 shows an attempt of Bowden and Raha to
illustrate some of the molecular displacements that might be involved
on the molecular scale in forming such sheared regions.
Figure 2.21: Possible elementary molecular displacements of a
sheared region in an amorphous polymer envisaged by Bowden and
Raha. a) case of an ideal shear displacement of a disc-shaped re-
gions with a Burgers vector ~b which can be : b) perpendicular to the
chain axis and equal to the width of the chain, c) perpendicular to
the chain axis and equal to the displacement of a kink, d) parallel to
the chain axis and equal to the displacement needed to form a kink,
e) parallel to the chain axis and equal to the spacing of any side
groups. Taken from [41].
They used the maximum energy Uc of a dislocation loop of radius R
with a shear modulus G as the enthalpy barrier to form a new micro-
sheared region, and therefore obtained the following expression for the
macroscopic shear rate :
γ˙p = γ˙0 exp
[
−Gb
2Rc
4kB T
ln
( 2Rc
b
√
3
)]
with Rc =
Gb
4piτ
[
ln
( 2Rc
b
√
3
)
+ 2
]
(2.6)
At a given temperature T , the shearing regions will nucleate and yield
will occur again when the applied stress τ reduces the height of the en-
thalpy barrier to a level comparable to the thermal fluctuations. The
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model quantitatively predicts the variation of the yield stress with tem-
perature, strain rate and hydrostatic pressure with only two parameters,
the shear modulus G and the Burgers vector of the sheared region b.
Moreover, it is capable of accounting for the yield drop associated with
intrinsic strain softening.
However, it must be noted that the model failed to correctly predict the
good behavior for the yield stress at lower temperatures.
Argon theory
Argon and Bessonov’s theory [15, 65] proposed that plastic yielding in
glassy polymers occurred by the thermally activated production or re-
duction of local molecular pair of kinks, therefore accommodating the
macroscopic deformation, as illustrated on Fig. 2.22 a) and b) for com-
pression and shear loading respectively. To model the associated energy
barrier of such local molecular rotations, Argon used the results of Li
and Gilman [139] who introduced the concept of disclinations and stud-
ied the associated stress field and strain energy. Disclinations are a type
of defects in polymers which are produced by the twist or kink of a chain
in an array of parallel molecular chains, as illustrated for the later case
on Fig. 2.22. An attractive point of such molecular picture is that it also
accounts for the free-volume generation associated with deformation, as
shown by the cavities created near the kink corners on Fig. 2.22 a).
Figure 2.22: Schematic illustration of Argon molecular model of
chain kinking mechanism : a) under compression loading, b) under
shear loading. Taken from [65,125].
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Figure 2.23: Modeling a molecular chain kink by a pair of wedge
disclinations as envisaged by Argon. Taken from [65].
Argon assumed that the kinking of a rod would require the same amount
of energy as the development of two wedge disclination loops at both
corners of the kink, as schematized on Fig. 2.23. Using the elastic
distortion caused by this pair of wedge disclinations, Argon was able
to compute the free enthalpy barrier ∆G∗ associated to the kinking
mechanism and eventually derived the following equation for the shear
yield stress :
τ = 0.077 G(1− ν)
[
1− 16 (1− ν) kB T3piG v0 ln
(
γ˙0
γ˙
)]6/5
(2.7)
which contains two adjustable parameters only (v017 and γ˙0). Despite
the somewhat complex mathematical analysis and development, the final
equation predicting the relationship between the shear yield stress and
shear modulus is relatively simple.
Alternatively, it can also be expressed as function of the plastic strain
rate, as the form usually used in constitutive models :
17To be completely thorough, v0 = ω2a3 and is thus a combination of ω and a
defined on Fig. 2.23.
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γ˙p = γ˙0 exp
{
−∆G
∗
kB T
}
with ∆G∗ = ∆G0
[
1−
(
τ
τ0
)5/6]
(2.8)
where ∆G0 is a combination of material parameters (G, ν) and v0 while
τ0 = (0.077G)/(1 − ν) defines the athermal shear strength of the con-
sidered polymer at zero Kelvin. The effect of hydrostatic pressure can be
accounted explicitly by replacing τ0 by its pressure dependent equivalent
τ˜0 = τ0(1 + α (σh/τ0)), and strain softening is obtained by imposing a
phenomenological evolution of this athermal shear strength as described
by Boyce in [82] and discussed earlier in this chapter.
The proposed model enables a good prediction of the temperature de-
pendence and rate-sensitivity of the yield stress in agreement with ex-
perimental results. Moreover, the predicted yield stress at zero Kelvin
(τ0) is finite and agrees well with the experimental data of a large vari-
ety of glassy polymers [82, 137]. Nevertheless, it must be said that the
yield stress prediction for higher temperature and near Tg is less accur-
ate compared to Bowden-Raha theory.
To conclude, it is important to remind that even though the above-
mentioned theories have their own specificities allowing each of them to
better describe certain aspects of yielding in amorphous polymers, the
overall response (for instance in terms of rate and temperature depend-
ence) is generally similar and in relative good agreement with experi-
mental results. This stresses the relevance of considering the origin of
plastic deformation in glassy polymers as related to localized conforma-
tional changes, whatever the considered detailed molecular mechanism.
2.3.3 Molecular dynamics simulations
Despite the progress in experimental instruments such as TEM tomo-
graphy for direct observation of the molecular chain structure of poly-
mers, it remains a challenge to monitor and study the internal deform-
ation processes occurring at the molecular level, specifically in the bulk
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body [140]. To this end, computational simulation methods, and, among
them, molecular dynamics (MD) simulations, provide an interesting al-
ternative route which has been consistently developing over the last 35
years. Moreover, the increasing computational power and simulation
software efficiency have greatly improved the capabilities of such atom-
istic simulations in terms of representative volume element making them
an indispensable tool in the fields of polymer science and engineering,
even allowing quasi-quantitative predictions of properties [141]. Non-
etheless, despite computer efficiency improvements, it must be noted
that a major drawback of such techniques is the fact that simulation
time scale remains small, thus only allowing virtual testing at very high
strain rates (> 106 [1/s]).
The present subsection aims at presenting these models and at briefly
covering the main achievements brought in the understanding, visualiz-
ation and prediction of the molecular processes occurring first in glassy
polymers, and then more specifically in the case of thermoset epoxy res-
ins. Eventually, MD simulation results will be put in perspective with
the previously described molecular plastic yielding theories.
There exists different types of molecular scale simulations :
• molecular statics (MS) simulations involve a deterministic descrip-
tion of the position of the atoms and a minimization of the system
energy after each incremental strains;
• MD models are based on a deterministic description of the molecu-
lar structure governed by Newton’s classical equations of motion
at finite temperature;
• occasionally, Monte Carlo (MC) dynamics can also be used, based
on a stochastic sampling of the configuration space. Although
most of MC simulations are applied to study systems in equilib-
rium, under certain assumptions non-equilibrium thermodynamic
phenomena can also be studied.
Moreover, two levels of modeling can be addressed : either with a full de-
scription of individual atoms, called all-atoms MD, or using a simplified
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description of the molecule with small collections of covalently bonded
beads, referred to as coarse-grained models (see Fig. 2.24). Each level of
description has distinct advantages and disadvantages : while atomistic
simulations can reveal specific mechanisms of molecular level processes,
they are more limited in length and time-scale18; on the other hand,
coarse-grained models alleviate some of these limitations due to softer
potentials, fewer atoms (reducing the number of interaction sites) and
faster chain diffusion (due to removal of explicit side groups) therefore
gaining orders of magnitude in time, but loosing atomistic detail. The
latter models are thus more convenient and sufficient if generic polymer
trends are investigated.
Figure 2.24: Example of a coarse-grained modeling of random poly-
mer coil. Focus is on the modeling of the backbone chain as a succes-
sion of rigid rods (fixed bound length) connected by hinges that can
rotate in cones (fixed bound angle) around the axis of neighboring
link. Taken from [140].
Molecular level modeling of polymer glasses began in 1986 with the
pioneering work of Theodorou and Suter [143,144]. In a studyon atactic
polypropylene (a-PP), they modeled van der Waals interactions between
18Contemporary MD simulations can reach up to 100 nanoseconds for tens of thou-
sands of atoms [142].
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atoms with a Lennard-Jones potential, and showed that the torsional
energy needs to be accounted for, while covalent bond lengths and bond
angles could be kept fixed. The authors relaxed the structure via MS
simulations and obtained elastic constants from small-strain deformation
( ≈ 10−3 [−]) which were in good agreement with experimental data
[144].
As in the case of macroscopic characterization, the majority of MD
work focused on thermoplastics. A very thorough review of MD res-
ults both for atomistic and coarse grained methods was performed by
Rottler [142]. Rottler successively addressed the different features of the
stress-strain curve of an amorphous polymer, from the elasto-plastic and
yielding transition behavior to the two large strain phenomena that are
crazing and strain hardening, and involving a study of physical aging
effects. Among many others, here are some of the key results and con-
firmations that MD simulations have provided :
• Atomic stress fluctuations are large and their values can be an
order of magnitude higher than the average levels of bulk stresses.
• The stress response is highly intermittent, as shown in Fig. 2.25,
with discrete stress drops corresponding to localized and irrevers-
ible molecular events.
• Strain is accommodated by discrete cooperative shear transform-
ation events.
• Deformation provides increasing molecular mobility.
• The effect of hydrostatic pressure on plastic yielding was confirmed
and Rottler et al. [145] showed, through different levels of coarse-
graining, that a pressure-modified Von Mises yield criterion re-
mained applicable down to a volume of 100 atoms.
• It was shown that both interchain and intrachain forces contribute
to the plastic yielding process but that it is mainly dominated
by short range intermolecular interactions, while the intrachain
contribution becomes more and more important when entering the
hardening regime.
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FIG. 4: Stress-strain curves from atomistic simulations of
uniaxial deformation of PS and PC at T = 300K. The PS
system contained 4 chains of 160 monomers, while the PC
system contained 64 chains of 10 monomers and 8 chains of
80 monomers, respectively. Reproduced with permission from
[38], c⃝ (2005) by EDP Sciences.
C. Atomistic molecular dynamics of polystyrene
and polycarbonate
In a series of papers, Lyulin and collaborators con-
ducted an extensive investigation of the mechanical be-
havior of atactic polystyrene [38–40] and bisphenol-A
polycarbonate [38]. These polymers have a richer chemi-
cal structure than PE due to the presence of phenyl side
groups (PS) and the diﬀerence between carbonate and
isopropylene groups and benzene rings (PC). All sim-
ulations involve deformation at constant strain rate of
order ∼ 108/s and explore eﬀects of temperature, pres-
sure, and cooling rate on macroscopic mechanical re-
sponse as well as certain aspects of molecular rearrange-
ments during the deformation process. Fig. 4 shows ex-
amples of stress-strain curves for PS and PC. The overall
form is again similar to Fig. 1, but the atomistic force
field reveals significant diﬀerences between the two poly-
mers. Glass transition temperatures determined from
volume vs. temperature curves during continuous cool-
ing at 0.05 K/ps imply values of Tg = 385K (PS) and
Tg = 433K (PC), which overestimate experimental val-
ues only slightly. Reported values for Young’s modulus
Y of 2.9 GPa (PS) and 2.2 GPa (PC) [38] are within
10% of experimental values; yield stresses σy of 100 MPa
(PS) and 70 MPa (PC) are equally close (within 5%).
Such good agreement of key bulk material properties is
encouraging yet surprising given the huge diﬀerence in
cooling and strain rates. It results from the generally
weak (logarithmic) rate dependence in polymer glasses.
Ref. [39] studied the temperature dependence of Y and
σy for PS and found a linear variation with T for both
quantities in the temperature range of 240K - 350K. Fits
to an Eyring-model gave a value of v∗ = 360A˚3. For the
FIG. 5: Mean-squared displacement corrected for macro-
scopic (aﬃne) deformation in the stretching direction in sim-
ulations of PS and PC (see Fig. 4). Reproduced with permis-
sion from [38], c⃝ (2005) by EDP Sciences.
same polymer, Vorselaars et al. [40] studied the pressure
dependence of the von Mises stress at yield under uniax-
ial deformation for several diﬀerent normal stresses and
reported it to be consistent with the linear relation
τydev = τ
y
0 + αp, (5)
where p is the hydrostatic pressure. This expression is
also known as the pressure modified von Mises yield cri-
terion and predicts a tensile-compressive asymmetry of
the yield stress in agreement with the trend seen in the
MC simulations for PE. The parameter α may be under-
stood as a friction coeﬃcient. Additionally, σy increae-
ses with decreasing cooling rate. All these dependencies
are not specific to PS, but are general features of glassy
polymers and are further discussed in Section II D in the
context of coarse grained simulations.
Some specific details of the deformation of PS are,
however, revealed upon inspection of detailed atom mo-
tion. Ref. [39] reported that the planes of the phenyl
side groups orient preferably perpendicular to the direc-
tion of deformation. A more general finding is again the
increase of mobility under deformation. Fig. 5 shows the
behavior of the mean-squared displacement of backbone
monomers in the direction of deformation for the simu-
lations of PS and PC. In this figure, the trivial contribu-
tion from the overall aﬃne deformation was subtracted.
In both cases, the displacement increases markedly over
that of an undeformed sample once the strain exceeds
the yield strain. This phenomenon mirrors qualitatively
the increase in intrachain torsional transitions described
above for PE, although this observable already increased
markedly prior to yield.
Another interesting insight from simulations comes
from an analysis of the partitioning of the total energy
and stress into contributions from the diﬀerent types of
Figure 2.25: Illustration of the intermittent stress-strain response
from atomistic simulations of uniaxial tension of S and PC at
T = 300K. Take from [142].
• Rate, temperature and creep responses were predicted qualitat-
ively, as well as the effect of physical aging and mechanic l or
thermal rejuvenation.
• Hoy and Robbins [37, 38] expressed some doubts on the rubber
entropic description of strain hardening in the glassy state. While
confirmin the effect of entanglement density o the har ening
modulus Gr, they also showed that it decreases with temperat-
ure (in ag e ment with macroscopic measurements), thus in dis-
agreement with rubber elasticity theory. Eventually, the hardening
modulus was shown to vary pro ortionally with yield str ss.
In conclusion, molecular simulations of glassy polymers can capture most
of the experimental behavior nd an reveal de ailed informati n abou
the mechanisms that are operative during plastic yielding, hardening
and crazing. Coarse-grained simulations using bead-spring odels were
shown to be sufficient to analyze general trends with temperature, chain
length, entanglement density, deformation rate and material history.
Realistic predictions were obta ned for elastic modulus E, yield s ess
σy and hardening modulus Gr.
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Concerning the case of thermoset polymers, as reported by Li and Gil-
man [141] in their recent and exhaustive review dedicated to MD simu-
lations on crosslinked polymers, the few efforts in molecular simulation
of thermosets can be partially attributed to the difficulty in creating ac-
curate molecular representations of 3-D crosslinked structures and cor-
rectly simulating the chemistry of the curing process. Nonetheless, once
this difficulty has been overpassed [146], similar level of prediction as
in the case of thermoplastics were produced for the thermo-mechanical
properties. For instance, Li and Strachan made semi-quantitative pre-
dictions of several properties, such as density, elastic properties (E, ν)
and glass transition temperature [147]; while a good qualitative predic-
tion of the plastic yielding and post-yielding behavior as a function of
temperature, strain rate and degree of crosslinking (cfr. Fig. 2.26) of
DGEBA resins [148] was also attained. They identified the alignment
of molecular fragments between crosslinks along the main loading dir-
ection as responsible for strain accumulation. Moreover, a small effect
of prior history on the stress-strain behavior was reported19, as well as
the confirmation of the proportionality between the hardening modu-
lus and plastic flow. Nevertheless, a challenge remains concerning the
molecular-level simulation of thermosets fracture prediction, as no frac-
ture was observed even at very large strains.
Li and Strachan even addressed the case of cyclic deformation (relatively
scarce in MD simulations) on another DGEBA system [149] by studying
the effect of stress-triaxiality on the yield transient and by highlighting
the effect of cyclic softening. The strong kinematic hardening effect
upon unloading was however not reproduced by these simulations.
One of the aim of reviewing MD simulations results was to enlighten
the possible molecular processes occurring during plastic yielding and
to relate them to the previously discussed molecular plastic yielding
theories. Both Tomita et al. [140] and Basu and co-workers [32] showed
that a substantial increase in the number of dihedral flips20 takes place
19In agreement with our own macroscopic experimental results.
20Tomita et al. reported dihedral flips from gauche to trans conformation (partly
due to their coarse-graining approach) as illustrated on Fig. 2.24. On the other hand,
Basu et al. [32] state that a large number of angles are trapped in non-equilibrium
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Figure 2.26: Illustration of the influence of crosslinking degree on
the stress-strain curve of an EPON862 epoxy resin modeled by MD
simulations. Taken from [148].
during plastic yielding. Moreover, they could relate this increase in
frequency of dihedral flips with the softening drop and an important
generation of free-volume. The authors also reported that a substantial
number of these dihedral flips remain locked in their non-equilibrium
position after unloading, therefore suggesting that these mechanisms
are at the origin of plastic strains. These results give thus credit to the
approach of Robertson’s molecular theory, based on dihedral flips.
Besides these observations, Basu et al. [32] have also reported a par-
ticular observation about the hardening process : while, under tensile
loadings, bonds stretching significantly contributed to the hardening re-
sponse, under compression loadings, the hardening behavior is shown
to strongly depend on inter-molecular interactions, suggesting that the
hardening arises from the increasing difficulty of bringing long chain seg-
ments to close proximity. Once again, the authors confirmed that even
at large strains the entanglement network remains intact.
In contrast with the dihedral flips observations of Basu and Tomita, a
recent work by Sundararaghavan and Kumar [150] on MD simulations of
compressive yielding in crosslinked epoxies, unambiguously related the
stress drops occuring at yielding with chain kinking mechanism, such
configurations that are neither trans nor gauche.
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as originally proposed in Argon’s theory. Besides explicitly showing the
visualization of such kinking mechanism, the authors were able to identi-
fied the corresponding model parameters of Argon’s molecular model as
well and indicated good predictions capabilities of the resin macroscopic
behavior with such identification procedure. However, it must be noted
that this clear prediction of the kinking mechanism was only possible
close to zero Kelvin (T = 1K), therefore explaining why Argon’s theory
performs well at low temperature, as the identified molecular mechanism
is indeed dominant for the considered temperature range.
In conclusion, MD simulations suggest that several conformational change
mechanisms can occur during plastic yielding, and that, depending on
the temperature and perhaps on the polymer chemistry, the dominant
molecular mechanism responsible for yielding may vary from one system
of test conditions to another. This confirms that some of the original
ideas presented in the different molecular yield theories are indeed veri-
fied over a given temperature window.
Chapter 3
Materials and methods
3.1 Introduction
The purpose of the present chapter is firstly to provide more detailed
information on the RTM6 epoxy resin, essentially on the chemical com-
position and basic physical properties. Secondly, more insight will be
given on the processing and more specifically on the curing schedule
required to achieve homogenous and fully crosslinked samples of differ-
ent sizes and geometries. Thirdly, after briefly addressing some tech-
nical precautions concerning possible testing artefacts, the full list of
macro- and micro- mechanical tests which have been performed during
the thesis will be explained. Eventually, the physico-chemical character-
ization techniques used in parallel to the mechanical tests will be listed
and shortly described.
3.2 Materials
3.2.1 A thermoset epoxy resin : the RTM-6
Composition and characteristics
HexFlow c© RTM6 is a mono-component epoxy resin provided by Hex-
cel and specifically developed to fulfill the requirements of aerospace
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and space industry in advanced Resin Transfer Moulding (RTM) pro-
cess [151].
It is an amine-cured thermoset composed of a stochiometric premixed
system of a tetra-functional epoxide precursor (TGMDA) and a blend of
two di-amine hardeners (MDEA and MMIPA) [152, 153]. The chemical
structured as well as the corresponding characteristics of the different
components can be found in Figure 3.1.
Figure 3.1: Chemical structure and properties of RTM6 precursor
and hardeners.
The tetra functionality of the epoxide and hardeners allows the forma-
tion of a highly crosslinked material in the 3 dimensions, and gives rise
to good stiffness (E = 3 [GPa] at room temperature) and good thermal
stability properties which are essential for in the aerospace industry, as
will be discussed just after.
The main crosslinking reaction1 consists in a polyaddition of the epoxy
groups with the nitrogens of the diamines. This polymerization reac-
tion is exothermic and thermally activated. Particular care must hence
be taken to avoid initiating the reaction at room temperature. There-
fore, the uncured resin is preferentially stored at −18 [◦C], below its
Tg = −16 [◦C], where its corresponding shelf life is of 9 months, instead
1Other side reactions, such as etherification occurring at higher temperatures,
where the epoxy ring is opened by a hydroxyl group (-OH) instead of an amine.
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of 15 days at room temperature (23 [◦C]).
The following properties and processing characteristics have made RTM6
one of the most widely used aerospace qualified resins for high perform-
ance fibre-reinforced composites [151] :
• a mono-component already degassed system, and thus, ready for
direct use;
• a high glass transition temperature Tg of ≈ 220 [◦C] for cured
system, determined by differential scanning calorimetry (DSC) and
thermo-mechanical analysis (TMA);
• a large service temperature range going from−60[◦C] up to 180 [◦C];
• a good resistance to aging under hot and humid atmosphere, with
low moisture absorption;
• a low injection pressure (between 1 to 5 [bars]) needed for pro-
cessing, as well as a long injection window (up to 150[min] at the
recommended injection temperature).
3.2.2 Uni-directional composite
Besides the neat resin, a uni-directional (UD) composite with RTM6 as
matrix was also manufactured in the UCL labs, see Fig. 3.2, in order
to study a first-order transition effect on the mechanical behavior of the
composite.
For this purpose, resin transfer moulding process technique was used
with carbon fibres fabric2. 37 plies of UD fibres were stacked in the
mould with following dimensions : 52 ∗ 3 ∗ 1[cm]; giving rise to a final
fibres volume content of 30% after curing.
2Fibres were provided by Saertex from a two ply fabric oriented +45◦/-45◦ knitted
together, which were un-knitted in order to obtain fibres in only one direction.
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Figure 3.2: Shematic illustration of RTM process setup used for
manufacturing the UD composite.
3.3 Curing procedure
3.3.1 Objectives and constraints
The curing cycle applied to the resin is a critical part of the manufac-
turing process as it must ensure a high degree of conversion (> 95%) for
the cured resin to fulfill aeronautic standards. As, on the one hand, the
crosslinking reaction is exothermic and thermally activated, and on the
other hand, that the resin is itself not a good thermal conductor, care
must be taken to be able to control the reaction rate without permitting
the formation of hot-spots inside the material.
A specific curing cycle was therefore developed to permit the production
of thin cylinders as well as thick resin slabs with constant properties
and identical thermo-mechanical history, enabling the manufacturing
of a large variety of testing specimens, as shown in Fig. 3.3, for the
characterization study.
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Figure 3.3: Thin cylinders and thick resin slabs enables the manu-
facturing of a large variety of testing specimens.
The main features required for an optimal curing cycle are the following:
• As the polymerization reaction is thermally activated, a heating
cycle is required to fully cure the resin.
• As the viscosity increases during the crosslinking reaction, a post-
curing step at higher temperature is needed to allow sufficient mo-
bility and thermal energy for the reaction to be almost complete,
in order to achieve the required high degree of conversion.
• As the curing reaction is exothermic but the cured epoxy resin is a
poor thermal conductor, particular care should be taken to avoid
the autocatalytic reaction to overheat locally the sample and to
attain a too high temperature that will lead to a local burning
of the thermoset. This point is of a particular concern for the
production of thick moulds.
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• As the resin is poured into different kinds of moulds, care must be
taken to avoid the trapping of air-bubbles in the different cured
specimens.
3.3.2 Optimal curing cycle
The solution to answer the aforementioned objectives and constraints for
the curing procedure was to develop a three step curing cycle, inspired
from the original supplier suggested cycle :
1. the first step consists in degassing the resin after having filled the
different kind of moulds to take out all the possible air trapped
bubbles;
2. the second step permits the proper curing (at the very least to
pass the gelation point in order to obtain a solid state specimen)
of the different specimens avoiding hot-spots;
3. the third and final step is a post-curing step in order to ensure a
good homogeneity of polymerization through the thickness of the
sample, to achieve the requested high degree of conversion and to
give an identical thermo-mechanical history to every samples.
Before presenting the final details and setting parameters of the spe-
cifically developed curing cycle, we provide a description of the different
types of moulds.
• Thin glass test-tube moulds
The dimensions of the test-tubes, shown in Fig. 3.4, are : 160 [mm]
height and 13 [mm] internal diameter. The thickness of the glass
is equal to 1.25 [mm].
The advantage of such type of moulds is to be sufficiently thin and
to have a large surface area to allow easier heat transfer and heat
removal during the curing procedure.
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On the other hand, the main disadvantage comes from the differ-
ence of thermal expansion coefficients between the two materials
and the strong adhesion between the inorganic glass and the cured
epoxy. In order to allow the easy removal of the cylindrical spe-
cimens out of the moulds after curing without breaking the glass
during the cooling down, the use a release agent (Freekot) coat-
ing applied in the test-tubes and let for drying for several hours
under circulated air before the curing process is required.
2.1. MISE EN OEUVRE
FIG. 2.1 — Cycle de cuisson RTM-6
Le dégazage
Avant de commencer la cuisson proprement dite, il faut tout d’abord dégazer la ré-
sine afin d’enlever l’air pouvant s’y être introduit lors des manipulations précédentes.
L’étuve (Fig.2.3(a)) est préchauffée à 90 ˚C afin d’obtenir une viscosité adaptée au déga-
zage (µ ￿ 0.2Pa.sec]). En effet, si la résine est trop visqueuse, l’air a plus de mal à s’en
échapper. Après avoir atteint la température désirée dans l’étuve, on y place un pot de
résine. Une pompe permet de faire le vide dans l’étuve, vide conservé durant 1 h 15.
La cuisson
Après ce dégazage, la RTM-6 est transvasée dans un récipient afin d’y effectuer la
cuisson. Dans le cas des essais de compression et de traction, la résine est versée dans
des tubes à essai de 16cm de long et 16mm de diamètre (Fig.2.2) adaptés à la forme
cylindrique des éprouvettes à tester.
FIG. 2.2 — Tube à essais servant à la cuisson
Un agent démoulant (FREEKOT) est appliqué au minimum 2 heures avant afin de
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Figure 3.4: Thin glass test-tube used for the production of thin cyl-
indrical samples of RTM6, for compression and tensile specimens.
• Thick glass test-tube moulds
The dimensions of this second kind of test-tube moulds, shown in
Fig. 3.5, are slightly larger : 200 [mm] height, 22 [mm] internal
diameter and 2.5 [mm] thickness.
The pros and cons for this type of mould are obviously similar to
the previous one with the only difference that even if it keeps an
interesting aspect ratio for easier heat transfer, the larger diameter
implies to be more cautious with the possibility of local overheating
at the center of the sample.
Figure 3.5: Large glass test-tube used for the production of thick
cylindrical samples of RTM6, for torsion specimens.
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• Thick rectangular slabs with silicon mould
Fig. 3.6 shows the silicone moulds used to produce rectangular
specimens with the following dimensions : 10 [cm] length, over 5
[cm] width and 2 [cm] height.
The advantage of the silicon mould is to provide an easy unmould-
ing of the sample after curing (cf. Fig. 3.6) with no previous sur-
face preparation required as in the case of glass moulds. However
the silicon tends to aged after several curing cycles and needs to
be replaced after 4 cycles.
Figure 3.6: Easy unmoulding of rectangular samples, no need for
release agent coating.
This last type of mould having the lowest aspect ratio (surface/-
volume ratio), heat transfer was the less effective and, if not prop-
erly controlled, could lead to local or total burning of the sample,
as illustrated in Fig. 3.7.
The identified critical parameter is the maximum thickness of the
sample : the thicker the sample, the longer the path for the heat
removal from the core to the outside, the higher the possibility of
local internal overheating.
The optimum curing cycle was developed for resin slabs with a
maximum height of 13 [mm].
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Figure 3.7: Examples of local a) or total b) burning of thick rectan-
gular slabs of resin with un-controlled temperature program.
The context being set, the optimal curing cycle can now be presented
and is illustrated in Fig. 3.8 :
Figure 3.8: Scheme of the optimal curing cycle for the production of
thick rectangular samples of RTM6. This curing process is composed
of: a) Degassing step under vacuum - 75min at 90 [◦C] ; b) Curing
step - 180min at 130 [◦C]; and c) Post-curing step - 180min at
180 [◦C]. Heating ramps are of 2 [◦C/min].
1. Degassing
After a slight warming up to reduce viscosity, the uncured resin
mixture is first poured in the open release-agent coated moulds
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(already pre-heated to 90 [◦C]). The filled moulds are then placed
in an oven at 90 [◦C] under vacuum. This step should last for
75[min] to remove all the air bubbles which have been trapped in
the resin during the pouring or during previous handlings. Note
that vacuum should be reached progressively to avoid excessive
degassing that could lead to projections of resin out of the moulds.
2. Curing
Once the degassing step is finished, moulds are transferred to a pro-
grammable air ventilated oven in which the rest of the curing and
posturing will be applied. The oven temperature is gradually in-
creased from 90 [◦C] to 130 [◦C] with a heating ramp of 2 [◦C/min],
and then kept for a 3 [h] dwell. The gel point is achieved during
this step, so the resin becomes solid-like before the post-curing
step.
3. Post-curing
The post curing consists in increasing again the temperature up
to 180 [◦C] with a heating ramp of 2 [◦C/min] and a plateau at
that temperature for 3 [h] before cooling the sample back to room
temperature with a cooling ramp of 10 [◦C/min].
3.3.3 Experimental and virtual validation
The development of a new curing cycle implies to cross-validate its effi-
ciency. The purpose of this section is to present the experimental and
virtual validation procedure that has been pursued, in order to confirm
that the final degree of conversion has been achieved and that the cured
sample is polymerized homogeneously.
Experimentally, modulated-DSC (MDSC) runs (cfr Section 3.5.1) allow
the determination of the value of crosslinking degree of a small amount
(≈ 10 [mg]) of cured or partly-cured resin. Therefore, not only every
types of mould sample could be tested, but also different zones in the
rectangular slabs (top, core, edges and bottom). The conclusion of these
analyses is that the final degree of conversion of the different produced
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specimens is ranging between 95 to 97%.
Figure 3.9: Temperature profile on 3D mesh of half of a rectangular
slab of resin during curing.
However, the MDSC final check cannot be run through the entire sample
and does not allow an in-situ follow-up during the curing process3.
Therefore, a second validation was performed through a thermo-chemico-
mechanical Finite-Element (FE) simulation of the curing process on a
thick rectangular resin slab using the general purpose FE code Abaqus.
With the help of Benoit Wucher from Cenaero research center, a tomo-
graphic image of a rectangular resin slab was obtained and transformed
into a 3-D mesh on Abaqus (cfr Fig. 3.9). The thermal boundary con-
ditions of the curing cycle were applied to the mesh respecting the case
of air convection on all faces and adding a heat-contact on the bottom
3The industrial interest for the development of such techniques is important and
lead to new ways of monitoring the degree polymerization, such as by dielectric ana-
lysis or optical index measurement [53].
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face to take into account the effect of the metal sheet on which the sil-
icone moulds are placed. The curing kinetic model used and developed
by Benoit Wucher, was built from the combination of the kinetic equa-
tions of Balvers [154] and DiBenedetto [155], and identified on the data
collected by Skordos and Partridge [52].
Figure 3.10: Temperature profiles during curing : a) Experimental
measures b) FE simulation, including corresponding degree of con-
version in blue.
The results of the simulation, shown in Fig. 3.10 (b), confirm the ex-
perimental MDSC measurements with a slightly highly cured core, but
no point in the material is below the threshold of 95% of curing degree,
thus ensuring a good homogeneity of the produced samples. Even the
intermediate MDSC measurements (at the end of the curing step - 80%)
confirm the good prediction capabilities of the kinetic model.
The simulations predict relatively well the temperature profile measured
on the sample during the different curing steps as illustrated in Fig. 3.10
(a), especially the presence of the overshoot arising during the curing
step when gelation is reached, also observed in the literature [53]. This
overshoot at the center of the specimen is the reason why internal burn-
ing or curing heterogeneities can occur if the thickness of the sample is
too large, in comparison with the edges which have a better heat trans-
fer. As expected, the post-curing step allows to significantly reduce the
difference of curing through the thickness of the sample.
Eventually, the FE simulation also allowed the determination of the
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possible internal stress generated during processing and confirmed that
those were relatively small (1 to 5 [MPa]) and thus negligible as com-
pared to the magnitude of the stress obtained in mechanical tests, see
further.
3.4 Mechanical testing
This section presents the different mechanical tests used during the
thesis, from macro-testing to micro testing. A First aspect concerns
the possible testing artefacts that can occur and the need for robust
identification procedures to correctly extract the intrinsic behavior of
the studied epoxy. For each test, the corresponding specimen machining
plans will be presented as well as the testing conditions that were used
in this work. Note that we will already show some experimental results
in this section but only for the sake of motivating some of the questions
related to the test methods and not for analysis of the physical response
itself.
3.4.1 Testing precautions : avoiding artefacts
In order to extract the intrinsic material behavior from a macro-mechanical
test, some precautions must be taken to take into account experimental
artefacts and imperfections.
In the present work, care was taken to avoid the following possible arte-
facts :
• Displacement measurement error due to machine compli-
ance
Especially in the case of compression tests, when the load is ap-
plied by the cell force of the testing machine onto the sample, a
fraction of the measured displacement of the crosshead is actu-
ally associated to the compression of the different elements of the
set-up [14, 156]. Even though those parts are metallic, thus more
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rigid than the tested polymeric material, they also deform and
contribute to the overall displacement.
There exist two techniques to take into account this artefact and
correct the actual data.
– Either, one uses an external local measurement device [14]
(for instance a LVDT4, a strain gauge or a clip-on) that dir-
ectly quantifies the displacement of the sample, as illustrated
in Fig. 3.11;
– Or one evaluates the compliance (force-displacement relation-
ship) of the set-up by testing it without any specimen. The
true specimen displacement is obtained by subtraction of the
machine displacement :
umaterial = umeasured − umachine compliance
Both techniques were used in this work, confirming the efficiency of
the compliance-correction method by comparison to the a LVDT
measurement [157]. Note that for high temperature testing, a
LVDT cannot be used due to the operating conditions , there-
fore the second technique is used and it will be considered as the
reference technique5.
Eventually, one should keep in mind that compliance correction
method helps reducing the toe at the beginning of the loading curve
shown in Fig. 3.12, but does not completely remove it. Indeed, the
observed toe is also caused by take-up of slack, alignment or seating
of the specimen, or even compression of the applied lubricant.
Therefore, and as suggested in ASTM standards [159], after the
compliance-correction method, a toe-compensation protocol should
also be applied.
The principle is simple : a linear regression is performed on the
linear part of the stress-strain curve which is shifted so that the
4Linear Variational Displacement Transducer.
5More details concerning the different type of local displacement and strain meas-
urement can be found in the following reference [158]
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Figure 3.11: a) Scheme and b) picture of a compression test with
LVDT measure.
Figure 3.12: To correct the presence of a "toe" at the beginning of
the stress-strain curve, the material curve should be shifted so that
the linear regression meets the origin of the graph.
origin of the graph matches with the origin of the regression as
shown in Fig. 3.12. Another way of taking care of this toe effect
is to apply a given pre-load before recording the data.
• Excessive friction
Excessive friction of the testing specimen with the compression
platens can lead to important barreling of the specimen, such as
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shown in [18,61] and as later presented for RTM6 in Chapter 4, and
thus induce a triaxial state of stress in the tested material [16,160].
Friction should therefore be reduced to a minimum with proper
lubrication in order to ensure uniform loading condition as expec-
ted for a uniaxial test. In the present case, solid lubrication with
PTFE (teflon) films with a thickness of 70 [µm] appeared to be the
most efficient lubrication technique and were therefore systemat-
ically used.
As can be observed in Fig. 3.13, friction during a compression test
tends to increase the hydrostatic pressure contribution therefore
artificially rising the observed stress for a same level of deformation
[24]. This can have a strong effect on the stress-strain curve, and
among other things on the measured fracture properties6.
Figure 3.13: Illustration of the effect of solid lubrication on the
measured experimental stress-strain curve.
• Imperfection in the specimen geometry
The size specification of the test specimens is usually thoroughly
defined in the international standards for a given test. However,
some specific adjustments are sometimes required for the study of
a given material. In our case, for the cylindrical compression spe-
cimens the corresponding ASTM standard (D-695 [159]) advises
6This will be studied in more details in Chapter 4, through FE inverse analysis.
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the use of a height/diameter ratio of 2:1. But for the case of the
RTM6, such ratio gives rise to important buckling or shear local-
ization, as reported by Mathieu [161]. The final chosen ratio was
thus selected as 1:1. A lower height/diameter ratio is not advis-
able neither, as it tends to enhanced friction [14] and confinement
and thus gives rise to important hydrostatic pressure resulting in
significant artificial stress rising as shown in Fig. 3.14 as already
mentioned earlier. This has allowed us understanding the observed
differences in terms of stress-strain curves with other papers from
the literature also studying the intrinsic mechanical behavior of
the RTM6 [17].
Figure 3.14: Illustration of the artificial stress increase for a too
low height/diameter ratio of the testing specimen.
To conclude, if the importance of the selection of a proper heigth/-
diameter ratio has been highlighted, the overall size volume of the
specimen can have its relevance too. For instance, in the case of
heterogeneous materials or of materials subject to size effects, the
observed behavior can vary with the volume size. In the present
case, RTM6 epoxy exhibits a slight size effect behavior especially
for its failure properties, as reported in the literature by Fiedler
et al. [55] and also observed in our work when testing larger spe-
cimens, see Fig. 3.14 for the earlier failure (f ≈ 0.2 [−]) of a
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specimen with 20 [mm] height and diameter (dashed blue curve).
Indeed, increasing the volume of the specimen increases the prob-
ability of having a local (or machining) defect which in turn can
lead to local stress concentration resulting in earlier ruin.
• Plastic compressibility
When post-processing the test raw data (force and displacement
signals) in order to generate stress-strain response, the assump-
tion of incompressible plastic deformation is often made. In the
present study plastic compressibility was assessed by measuring
the radial and longitudinal strains on a given compression test far
in the plastic regime. The longitudinal displacement was meas-
ured with a vertical LVDT or by compliance corrected crosshead
displacement, while the radial deformation was measured with a
strictometer for the case of an non-destructive test far into the
plastic regime. Calculation of the corresponding plastic Poisson
ratio7 combine with an inverse FE analysis proved that the plastic
incompressibility assumption was acceptable.
Note that FE inverse analysis were pursued for almost all performed
mechanical tests in order to check for other experimental artefacts, as
described later when presenting the results of the test campaign.
7The obtained plastic Poisson ratio is of 0.48, very close to 0.5 corresponding to
an incompressible solid.
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3.4.2 Macro-mechanical testing
The mechanical test methods used in the thesis are listed along three
categories as function of the loading mode : a) monotonic loading up to
fracture, b) cyclic loading or c) loading with relaxation time periods.
a) Monotonic loading
In this first type of test, a simple monotonic loading was applied until
fracture of the specimen. Tests were usually performed at a constant
crosshead displacement rate (CCDR); and, if possible, also at a constant
true strain rate (CSR). The latter test being the most appropriate to
study rate-dependent material [23] as it allows to maintain a constant
strain rate throughout the test, i.e. taking into account the current
gauge length while the specimen deforms.
Figure 3.15: Derivative of measured true strain rate as function of
loading time : comparison of rate control mode in a compression
test.
However, as illustrated in Fig. 3.15, the difference between the CCDR
technique and CSR remains moderate in the way that the experiment
stays in the same order of magnitude of rate.
Three different testing specimens were characterize under monotonic
loading :
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1. Uniaxial compression tests
Cylindrical specimens with diameter and height both equal to
12 [mm] were machined for the uniaxial compression tests (cfr.
Fig. 3.16), inspired from the corresponding ASTM standard D-
695 [159]. The tests were carried out on a screw-driven Zwick-
Roell universal testing machine with a 250 [kN] external load
cell and the complementary use of a Wyoming Test Fixture sub-
press [162] to ensure perfect axial alignement, as illustrated in Fig.
3.11.
Figure 3.16: Cylindrical compression specimens : a) machining
plan; b) actual specimen.
Tests were performed covering four decades of strain rates : between
10−4 [1/s] and 0.1 [1/s] for the CSR tests and between 0.01 [mm/min]
(≈ 1.65 ∗ 10−4 [1/s]) and 100 [mm/min] (≈ 0.165 [1/s]) for the
CCDR tests, the reference rate being respectively 10−3 [1/s] and
1 [mm/min]. Besides those room temperature tests (23◦C - 296
[K]), tests were also performed for two higher temperatures : 100◦C
(373 [K]) and 150◦C (423 [K]), but only over 3 decades of strain
rates8.
A minimum of 3 specimens were tested for each experimental con-
dition.
8The slowest rate being avoided because of potential high-temperature creep oc-
curring.
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2. Tensile tests on smooth uniaxial and notched cylindrical
specimens
Cylindrical dog-bone specimens, shown in Fig. 3.17, with 9 [mm]
diameter by 55 [mm] gauge length, were used for the uniaxial
tensile tests.
Figure 3.17: Cylindrical dog-bone tensile specimen : a) machining
plan; b) actual specimen.
The behavior in tension has been characterized either at a CSR
of 10−3 [1/s] or at CCDR of 1 [mm/min], both performed on a
screw-driven Zwick-Roell universal testing machine with a 250
[kN] external load cell. With the exception of the tensile tests at a
CSR, all the tests were performed at three different temperatures:
room temperature 23◦C (296 [K]), 100◦C (373 [K]) and 150◦C (423
[K]). A minimum of 3 specimens were used for each condition.
In the present case, strain measurement was ensured by the use of
scissor-extensometers positioned over the center part of the gauge
length at the start of the test. No need of machine compliance
correction is thus required.
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Next to the normal dog-bone specimens used for uniaxial tension,
notched tensile specimens (with 4 [mm] inner diameter and notch
radius varying from 1 [mm] to 5 [mm]) were also machined and
tested to assess the influence of the stress-triaxiality on the fracture
strain. These specimens were tested at room temperature only and
at the reference rate of 1 [mm/min].
Figure 3.18: Notched specimens used to quantify the effect of the
stress-triaxiality.
3. Torsion and Iosipescu tests
In order to characterize the behavior of RTM6 epoxy resin in shear,
two type of tests were performed : torsion tests on cylindrical
hollow tubes (Fig. 3.19) and Iosipescu test on v-notched plate
specimens (Fig. 3.20).
Figure 3.19: Cylindrical hollow tubes for torsion : a) machining
plan and b) actual specimen.
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Torsion specimens have a gauge length of 20 [mm] with 12 [mm]
inner and 16 [mm] outer diameter. The tests were performed on a
servo-hydraulic torsion-tension testing machine (MTS, Model 809
axial/torsional) with a rotational speed of 7 [◦/min], equivalent to
an average diameter tangential rate of 1 [mm/min]. The strain
were measured by 0-45-90◦ rosette strain gauge for small deform-
ations (≤ 15%), to which crosshead rotation angle was then cor-
related to extract accurate large deformation data. Note that, as
advised by [75], the outer surface of the specimen was polished
with diamond powder (successive size of 15, 9 and 3 [µm]) in order
to avoid any surface roughness effect.
Figure 3.20: Iosipescu a) machining plan and b) broken specimen.
The dimensions are the following : L = 80[mm], h = 20[mm],
w=12[mm] and R= 1.5[mm]
In the case of Iosipescu tests, the corresponding standard (ASTM
D-5379) was followed using the specific Wyoming Test Fixture
setup for Iosipescu testing and measuring the plane shear strain
with a 0 − 90◦ rosette strain-gauge placed at +/-45◦ [163], as il-
lustrated in Fig. 3.20. The dimensions of the specimens were
4 ∗ 20 ∗ 80 [mm] with a v-notch of 90◦ opening angle and an end-
radius of 1.5 [mm].
The specimens were loaded at a constant displacement rate of
1 [mm/min] in a screw-driven Zwick-Roell universal testing ma-
chine. Note that no out-of-plane bending or twisting was observed,
nor measured via strain gauges on both sides of the specimen.
A minimum of 5 specimens were tested for both torsion and Io-
sipescu monotonic loading condition.
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Figure 3.21: Iosipescu test set-up : a) scheme and b) picture.
All tests were performed in a conditioned room with controlled temper-
ature (23◦C +/-3◦C) and relative humidity (50% +/-10%). The target
temperature and relative humidity are selected according to ASTM D-
3479.
To conclude on the monotonic characterization, Table 3.1 regroups the
dimensions and inspirational standards of all tested specimens.
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Type of test International
standard
Length
[mm]
Diameter
[mm]
Notch
radius [mm]
Uniaxial
compression
ASTM
D-695
12 12 -
Uniaxial
compression
testing sens-
itivity to
friction
ISO604 6 12 -
Uniaxial
compression
(cubic)
- 9 (height,
width and
thickness)
- -
Uniaxial ten-
sion
ASTM
D-638
50 (gauge
length)
9 -
Notched ten-
sion
- 50 (gauge
length)
9 (original
diameter)
and 4
(section
diameter in
the notch)
1, 3, 5
Torsion - 12 (gauge
length)
16 (outer
diameter)
and 12
(inner
diameter)
-
Iosipescu ASTM
D-5379
80 (length)
and 20
(height)
4 (thick-
ness)
v-notch of
90◦ opening
angle with
end-radius
of 1.5
Table 3.1: Summary of dimensions and corresponding inspirational
standards for all tested specimens.
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b) Cyclic Loading
This type of loading mode was applied only to compression and torsion
tests, as the material behavior was too brittle in tension to allow cycling
over sufficiently large strain values. The objective here was mainly to
study the unloading behavior of RTM6 as well as the effect of previous
cycling on the material response. However, it is important to distinguish
our approach from a fatigue loading characterization approach which is
clearly out of the scope of the present work.
Two types of cycling tests were performed :
• Cycling the material with a given strain amplitude for a specific
number of cycles n, as illustrated in Fig. 3.22;
ε   n cycles 
ε0 
t 
Figure 3.22: Schematic illustration of cycling tests at constant
strain amplitude
• Loading the material to different levels of strains and each time
unload to zero stress before continuing to the next level of strain
(cfr. Fig. 3.23). The successive chosen unloading strains were the
following: 0.11, 0.21, 0.32, 0.42 and 0.53. This cycling test was
inspired from a test performed by Van Dommelen and Boyce [105].
Both tests were performed under CCDR conditions. For the second
type of cycling, the influence of rate and temperature was studied in
compression within the same variation as for monotonic loading, i.e.
over three decades of strain rate (from 1 [mm/min] up to 100 [mm/min])
and three temperatures (23◦C, 100◦C and 150◦C). On the other hand,
torsion tests were performed only at room temperatures as no adapted
stove was available for the MTS machine.
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t 
ε   
ε1 
ε2 
ε3 
ε4 
Figure 3.23: Schematic illustration of large strain cyclic test.
In both case for cyclic loading tests, most of the time, only one speci-
men was tested per loading condition. Nonetheless, when experimental
curves are compared in the next chapters, the tested specimens always
come from a same curing batch in order to ensure a relevant comparison.
Note that a particularity of the torsion experiments was the ability to
perform fully-reversed loading, i.e. from positive angle of rotation to a
negative angle of rotation back and forth, as shown schematically in Fig.
3.24. This is of great interest as it cannot be done with compression-
tension tests due to the difference in clamping mode and specimen size,
but especially due to the difference of failure behavior.
ε0 
-ε0 
t 
ε   
Figure 3.24: Schematic representation of a fully reversed cyclic test.
Moreover, it offers the possibility to thoroughly assess the Bauschinger
effect. As illustrated in Fig. 3.25, a Bauschinger effect designates an
earlier entrance in the plastic regime upon reloading compared to the
previous loading step. Different conventions exist to characterize the
Bauschinger effect, but it is usually referred to as the difference between
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the two measured yield stresses, which is itself equal to two times the
proper internal back-stress [164,165].
σunloading − σreloading = ∆σ (Bauschinger) = 2 ∗ σbackstress (internal)
σu 
σ0 
ɛ 
σ   
σr 
2*σb |σu|  > |σr | 
Figure 3.25: Schematic illustration of the Bauschinger effect.
Even though we observe a very strong departure from linear unloading,
already in the first quadrant of the stress-strain diagram in the case
of RTM6, a simple compression test does not allow to investigate if it
indeed corresponds to the new entrance in the plastic regime, nor that
reversed plastic flow and corresponding strain hardening do take place
thereafter. The fully-reversed torsion will therefore be the most conveni-
ent solution to assess and quantify such behavior. Note, however, that
Govaert et al. [33] were able to perform such kind of investigation on PC
with compression-tension specimen but that required extra-machining
between both loading steps9.
c) Time dependent loading : creep, relaxation and recovery
This last section addresses the tests used to characterize the viscous
response of the RTM6 epoxy. In each of these tests, a relaxation step
was usually applied either by holding at a constant force (creep) or by
maintaining a prescribed displacement (stress relaxation) for a given
amount of time. Some more exotic tests were also performed to assess
9In our case, such approach was not possible as the behavior in tension is so brittle
that it does not allow to pass the yield transient.
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the effect of prior thermo-mechanical loading history (cycled or not) on
the viscous response, such as proposed by Holmes and Loughran [166].
Only compression tests were performed under CCDR conditions. The
different creep and relaxation tests performed here were not ideal in the
way that true stress or true strain were not kept constant, as it is the
the force and displacement that were controlled. Considering the large
variety of loading conditions for time-dependent testing, most of the
time only one specimen was tested. Nonetheless, when presented in the
next chapters, experimental curves for a given type of tests are always
compared with specimens coming from a same batch.
1. Creep tests
The protocol to perform a creep test is simple : the specimen is
first loaded under CCDR up to a given load, then the load is kept
constant10 for a given relaxation time and eventually the sample is
unload under CCDR conditions again. This is illustrated schemat-
ically in Fig. 3.26 and explains why creep tests can also be called
relaxation test at constant load. The tests were performed on the
usual screw-driven universal testing machine used for compression,
the Zwick-Roell Z-250.
Figure 3.26: Schematic illustration of creep test protocol.
The two main testing parameters are the applied load F0 and the
corresponding holding time tcreep which really define the test. At
room temperature, the following parameters were used :
10The machine switching to force mode control.
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• The applied force was varied to the following loads: 11 [kN]
- 12 [kN] - 13 [kN] - 14 [kN] - 15 [kN], the last load level
corresponding to the load just before yield.
• The relaxation time was varied to the following values: 500
[s] - 1000 [s] - 2000 [s] - 16.5 [h]. The reference holding time
for further tests is 2000 [s].
Besides room temperature tests (23◦C), the influence of temper-
ature was again studied for two high temperatures: 100◦C and
150◦C. Note that, as the yield point of the material varies with
the temperature, the ratio of the initial applied stress with respect
to the yield stress at the test temperature is the relevant index for
comparison.
Typically, creep tests are performed before yield in the case of
polymers showing softening, as the force can hardly be maintain
constant by the testing machine when the material softens. How-
ever, if the material is deformed enough to reach the rehardening
regime, post-yield creep tests are possible. In our work, the follow-
ing loads were applied and tested with the reference holding time
of 2000 [s] at 23◦C: 16 [kN], 17.7[kN], 20.5[kN] and 21.3[kN].
Beyond the influence of the external testing parameters, one can
also determine the effect of somemicrostructure related parameters
on the observed viscous response. Two of them have been partially
covered during my work:
• physical aging (or rejuvenation) will have an influence on the
plastic flow of the material and thus will modify the creep
response;
• the degree of cross linking of the epoxy has strong effect on its
rehardening behavior and might influence the creep response
as well.
Eventually, more exotic test schedules can be applied by combining
the creep test with other previously presented tests. For instance,
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changing the rate of loading or cycling the material could influ-
ence the creep response (as prior history); or, on the other hand,
influence of the holding time (if creep is used as a pre-step) can
be varied to study its effect on the unloading behavior. Some of
these tests have been performed and, exception made for the next
section, will be specifically addressed in the result chapters.
2. Recovery tests after unloading
A recovery test is a creep test performed after a full loading-
unloading cycle under zero force. The corresponding test protocol
is illustrated schematically in Fig. 3.27, both loading and unload-
ing ramps are performed under CCDR conditions.
Figure 3.27: Schematic illustration of recovery test protocol.
The goal is to quantify the strain recovery of a - previously de-
formed - free specimen. As discussed at the beginning of Chapter
2, epoxy resins tend to recover part of their apparent plastic de-
formation. This property is even used in the development of shape-
memory polymers (SMP) where epoxies constitute one of the can-
didate material [42].
The different parameters with potential influence on the recovery
that have been studied are the following :
• the effect of the previously applied deformation : app for the
following values 0.16, 0.22, 0.28, 0.33, 0.45 and 0.58 [−];
• the applied strain rate used either during the loading or the
unloading ramp, respectively : ˙load and ˙unload, ranging from
0.1 [mm/min] to 100 [mm/min];
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• the effect of temperature at which the recovery step is per-
formed11 : Trec, covering the following temperatures of 23◦C,
65◦C and 150◦C.
The main test parameter remains the time window over which the
recovery is observed. The accurate measurement of this recovery,
or better said the evolution of the specimens height after unload-
ing, is relatively challenging. Two techniques were used :
(a) At room temperature and for short time assessment (i.e. usu-
ally around 16 hours but going up to 65 hours), the com-
pressed specimens are kept in the Zwick-Roell universal
testing machine, in which a creep step with zero force12 is
maintained by force-control. The slow evolution of the spe-
cimen height is directly computed from the machine output
(crosshead displacement), thus enabling a continuous meas-
urement of the strain.
(b) For high temperature recovery and long-term assessment (i.e.
from a week to several months), the compressed specimens are
put in an air-circulated oven just after the end of the test13
for the duration of the recovery measurement. In this case,
the height measurements are obtained discontinuously. The
time intervals at which intermediate height assessments are
performed, initially follow a linear basis switching later to
logarithmic intervals. These intermediate measurements are
performed manually on a micrometer screw gauge, commonly
called « micrometer caliper » , and must thus be performed by
the operator at room temperature. The lap of measurement
time is thus limited to 3 [min] for high temperature recov-
ery to avoid cooling down the material too much. As the
specimens are not perfectly flat after deformation and post-
11NB: the temperature used for loading and unloading steps was always kept at
room temperature, i.e. 23◦C.
12A 15[N] load was actually asked to be maintained, which corresponds to quasi-
free-standing specimen, as regard to the usual loading forces.
13The transition from testing-machine to the oven was less than 3 [min].
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heating treatment, the average over 3 height measurements
is recorded.
In order to avoid any mis-understanding of the results graphs, note
that these will be presented either by showing the height evolution
of the specimen; or by showing the evolution of the recovered strain
rec. The rec is defined as the change in true strain, ∆, between
the time of the measure tmeasure and the start of the recovery step
t0, defined as when the unloading step ends.
The Creep tests and Recovery tests are two limiting cases of a con-
stant load relaxation test performed before and after unloading.
Between these two cases, one can also perform constant load re-
laxation test during partial unloading of the specimen. These are
intermediate unloading creep tests, as addressed in Chapter 5.
3. Stress relaxation tests
In this case, the specimen is loaded under CCDR conditions up
to a given applied displacement uapp, which is then maintained
constant for given period of time. During this step, the evolution
(decrease) of stress is monitored as a function of time, as shown in
Fig. 3.28 a).
u   
u1 
t 
relaxation 
time  
n relaxation 
steps 
t 
u   
u1 
u2 
u3 
a) b) 
Figure 3.28: Relaxation tests at constant displacement : a) single
relaxation, b) successive relaxations.
In general, as it is a very simple and usually short duration test,
several stress relaxations can be successively performed over the
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entire range of deformations of a material (cfr. Fig. 3.28 b)),
therefore allowing to specifically assess some regions of the stress-
strain curve. G’sell and Jonas [10] were among the first to make
an extensive use of such kind of tests to study the viscous response
of thermoplastics at large deformation, as pursued later by other
authors [113,167].
For the RTM6 characterization, a relaxation step of 30 [s] was
systematically used. Except from the different plastic strains at
which the stress relaxation was applied (ranging from 0.14 to 0.57),
no other testing parameter has been varied.
As for creep tests, the influence of the degree of curing was also
assessed.
To conclude, a parallel can be drawn between (stress) relaxation
tests and creep/recovery tests. Indeed, both kinds of tests allow
the determination of the time-dependent behavior of a material
either by looking at the evolution of strain for a constant load
(creep), or looking at the evolution of stress for constant applied
displacement (relaxation). Therefore, similar features and evolu-
tions can be expected : as the case of recovery for creep, stress
rising is also observed when performing a relaxation test directly
after unloading. These two behaviors being the extreme cases, in-
termediate unloading relaxation tests will also be performed and
analyze just as for creep.
4. Jumps of strain rate
Tests involving jumps of strain rate during the monotonic loading
of a specimen were also performed, i.e. the applied strain rate is
suddenly increased at different level of deformation.
If usually successive jumps with increasing strain rate are applied
until fracture [10,167], in the present case, succession of increasing
and decreasing jumps of strain rate were preferred, as respectively
illustrated in Fig. 3.29 a) and b). The tests were performed under
CCDR conditions starting typically at the lower strain rate (for
instance 1 [mm/min]) and increasing by one decade the strain rate
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Figure 3.29: Scheme of test for protocol for jumps of strain rate :
a) only increasing, b) multiple increase/decrease cycles.
(e.g. to 10 [mm/min]), before resuming to the initial strain rate
(1 [mm/min]), with repetitions until fracture. In the case of RTM6
the changes of rate were performed at the following true strains :
0.14, 0.21, 0.3, 0.38, 0.48 and 0.57.
Besides confirming the different stress plateau for each imposed
strain rate, this jump test was especially developed for quantifying
the activation volumes. Moreover, as explained by G’sell and Jonas
[10], another interesting aspect in this kind of test is the transient
behavior that arises just after the jump of strain rate, as discussed
in Chapter 5.
3.4.3 Micro-mechanical testing
The goal of these tests is to probe the response of the RTM6 at nano-
and micro-meter scales mainly to check the degree of homogeneity of the
material with respect to mechanical properties.
AFM
Atomic Force Microscope (AFM) was used to assess the local mechan-
ical properties, such as adhesion force, energy dissipation and especially
modulus14 [168] with a capacity to probe responses of volume with a size
14Usually called DMT modulus because of the corresponding model assumption in
the post-processing of AFM raw signal.
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ranging from 10 ∗ 10 ∗ 10 [µm] to 500 ∗ 500 ∗ 500 [nm]. This part of the
research was performed in close collaboration with A. Bahrami, another
Ph.D. student, working on the development of these new advance AFM
testing modes.
AFM testing was performed under HarmoniXtm mode. This mode is a
resonant probe AFM technique for higher harmonics imaging of mech-
anical properties. Torsional harmonic cantilevers (THC) are used with
the probe tip on one corner of a T-shaped cantilever, which promotes
the torsional vibration of the probe during tapping on the sample sur-
face. While tapping near its fundamental flexural resonance frequency
(50 [kHz]), the THC probe indents the sample surface and triggers
higher frequency vibrational harmonics of tip-sample interactions. The
torsional vibration spectrum of the cantilever is used to reconstruct the
force vs. distance (f − d) curves. The f − d curves are later analyzed in
real time in order to generate mechanical properties maps. HarmoniXtm
probes have a wide band width, which offers high force measurement
sensitivity in the range of 250 [MPa] up to 10 [GPa]. This makes the
HarmoniXtm mode a suitable technique for high resolution and fast map-
ping of mechanical properties on polymers such as epoxy resins.
The photodetector sensitivity was calibrated using a ramping procedure
on a clean Si wafer. Afterwards, the cantilever flexural spring constant
was calibrated using the thermal tune procedure. The force sensitivity
and the dissipation sensitivity were also calibrated through measurement
of the jump in the ramping curve on the Si wafer. Finally, the DMT
modulus sensitivity was calibrated using a reference polystyrene (PS)
sample with known modulus value. The same imaging conditions (tap-
ping ratio and scan rate) were then used for all samples. This calibration
procedure ensures the extraction of quantitative results.
The tip size of AFM probes used in this study was estimated between 8
and 11 [nm] using two procedures. First, an absolute tip size measure-
ment was realized by imaging a standard roughness sample from Bruker
(RS-12 M). In addition, the tip size was estimated using a relative cal-
ibration of the tip size by imaging the standard polystyrene sample.
As topography can have a strong effect on the mechanical properties
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analysis, great care was taken for the preparation of surface as flat as
possible in order to maintain similar tip-sample contact angle and con-
tact areas during the scan. To fulfill this objective, ultramicrotomy
surfacing technique was used to achieve flat surface at the nanoscale
without considerably altering the structure of the material. Samples
were first cut from the machined cylinders, then inserted and fixed to
AFM sample holders, and the surface was finally prepared by ultramic-
rotomy with the help of a diamond knife (LEICA EM FC6 microtome
system equipped with DIATOME Cryo 35◦ knife). The step size in
material removal from the surface was set around 50 [nm] in order to
minimize the shear stress on the surface and avoid any material damage.
Microtomy was performed at room temperature due to the high glass
transition temperature of the studied epoxy (i.e. ≈ 220◦C). Surfaces
were prepared just before the AFM analysis and the microtomed samples
were stored in a desiccator to avoid surface contamination. As demon-
strated in Amir et al. [168], the effect of possible topography artefacts
on the property measurements was fully discarded.
The obtained property maps and corresponding comprehensive analysis
will be shown and discussed at the beginning of Chapter 6.
Nano-indentation
The objective of this characterization was to compare similar testing
methodologies at different level of scale to eventually unravel a continuity
break in the physical properties due to size effect. Nano-indentation
did not give results with particular significance for the main questions
addressed in the thesis. The technique is nonetheless presented here.
The different tests performed were the following : usual indentation with
a Berkovich tip, CSM mode to attempt nano-DMA tests and eventually
creep test, the latter two being pursued with a flat punch tip (more
adapted for polymer testing). With either tip (but with a much stronger
effect in the case of the Berkovich), pile-up formation was observed at
the vicinity of the tip. This contradicts the usual material model of
a sink-in material used and developed by Oliver-Pharr [169] to post-
process the result of nano-indentation. A correction for pile-up proposed
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by Loubet [170] for soft materials was thus applied but a slight over-
estimation of the modulus still remained.
Attempts for characterizing the resin behavior at different temperatures
were made but large thermal drift and non-control homogeneous heating
of specimen and tip reveal to be too strong to analyse the results with
relevance. Another interesting test that would have been interesting to
study is to test thin films of RTM6 under large flat punch indentation
(as performed by Graham Cross et al. [171]). Not only size effect would
have been addressed but also the influence of strong hydrostatic pressure,
friction and stress-triaxiality. But, because of time constraints, this idea
was not pursued.
3.5 Physico-chemical characterization
3.5.1 Physico-chemical analysis
MDSC
The aim of using MDSC analysis in the present study, is mainly to meas-
ure the degree of conversion of the different produced samples. Thus,
we will only focus on that particular way of using an MDSC test, but
keep in mind that it is certainly not the only result that can be obtained
from this test15.
To run an MDSC test, we use a Mettler Toledo DSC 821e and need
to provide a few milligrams (between 3 and 10 [mg]) of material. This
has the advantage that we can easily make a measurement from the
machining chips, thus not wasting any usable parts. The few collected
milligrams are encapsulated in small aluminum capsules and carefully
weighted. The capsules are then inserted in the DSC analyzer for a
3 hours analysis. A minimum of 3 material samplings were analyzed
for each curing batch to validate the reproducibility and consistency of
curing degree between the produced specimens.
15Indeed, MDSC also allows to measure the Tg or the heat capacity of a given
material.
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Figure 3.30: MDSC heating curve compared to a classical linear
DSC heating ramp.
The particularity of an MDSC analysis compared to a classical DSC,
is that a sinusoidal heating signal is applied instead of a linear heating
curve (cf. Fig. 3.30). In our case, the heating ramp is a 2[◦C/min]
ramp from ambiant up to 300[◦C] with an amplitude of 0.5[◦C] and a
period of 48[s] as modulation conditions. The same heating curve is
applied to an empty capsule and used as a reference.
The analysis tool measures the difference of heat flux between the two
capsules as a function of time [J/m2.s]. Knowing the exchange surface
and the weight of the sample, the experimental results can thus be nor-
malized by weight to obtain the heat flux per gram [W/g] as a function
of time (or temperature).
This modulated DSC analysis enables to differentiate the irreversible
exothermic contribution of the cross-linking reaction from the revers-
ible endothermic heat flow when the resin passes the glass transition
temperature.
Once the irreversible contribution has been isolated, the residual exo-
thermic peak [J/g] corresponding to the residual enthalpy of reaction
∆Hres can be integrated, as illustrated in Fig. 3.31, and then normal-
ized by the total enthalpy of reaction ∆Htot (which is of 450 [J/g] for
the RTM6 epoxy resin), to eventually obtain the corresponding degree
of conversion X :
X = 1− ∆Hres∆Htot
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Figure 3.31: Illustration of the residual exothermic peak on the
irreversible contribution of the specific enthalpy of a cured RTM6
specimen.
DMA
Dynamic mechanical analysis (abbreviated DMA) is a technique used to
study and characterize the viscoelastic behavior of materials, especially
polymers.
In practice, a sinusoidal force is applied to the studied material and the
resulting displacement, and thus strain, is measured. From the in-phase
and out-of-phase response, the complex modulus, i.e. storage and loss
modulus, of the material can be determined.
Two testing modes exist for probing the viscoelastic behavior : either
varying the temperature at given frequency (temperature sweep - cfr.
Fig. 3.33) or varying the frequency of the sinusoidal signal at a given
temperature (frequency sweep). With the help of time-temperature su-
perposition principle, a clever successive use of both testing modes even
allows to build the full master curve of a material, as illustrated in Fig.
3.32.
The principal application of the frequency and temperature dependent
complex modulus is to determine the glass transition temperature Tg (α
transition) of the material, as well as the secondary (β) and tertiary (γ)
transitions if they exist.
Note that in the case of RTM6 a small secondary β and possibly a
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Figure 3.32: DMA master curve of RTM6 : (a) raw frequency
sweeps at different temperatures, used to build by superposition (b)
the final master curve for a reference temperature of 23[◦C].
tertiary γ transition can be observed on both Fig. 3.32 (b) and Fig.
3.33, slightly below 100◦C and around 0◦C for the latter graph. The
presence of such β transition in the low-temperature regions is commonly
observed in the case of cured epoxies [172,173], and was already reported
in the literature for RTM6 [174,175].
Figure 3.33: Example of Temperature sweep DMA on cured RTM6.
In our case, DMA tests were performed with a Mettler - Toledo
DMA / SDTA 861e on samples with the following geometry: length
9[mm], width 4[mm], thickness 1[mm].
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TMA
TMA stands for Thermo-Mechanical Analysis, but is better referred
to as a thermal dilatometry technique. This experiment measures the
dilatation of a thin flat specimen over a defined range of temperature.
Typically one can derive the thermal expansion coefficient from such
analysis.
The TMA device is a Metler TMA-40 model coupled with a thermal
controller provided by Metler-Toledo TA controller : model TC15.
The datas were processed and recorded with STARe software.
The experiment simply consists in heating up a thin flat circular sample.
In our case, the specimens were 12[mm] in diameter and approximately
2.5[mm] thick. The sample is then placed on a quartz displacement
probe and put inside the heating tube. The temperature ranges from 50
to 275[◦C] with a heating rate of 10[◦C/min]. The outputs recorded by
the software are the absolute value of the probe displacement, the time
and the temperature.
In the present case, TMA enables a clear identification of the glass trans-
ition temperature Tg, as illustrated in Fig. 3.34 where the value of
220[◦C] is confirmed for RTM6.
Figure 3.34: Example of the TMA displacement curve of a cured
RTM6 specimen, showing a clear Tg of 220, 3[◦C] (from [176]).
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Density measurements
Density measurements can be achieved by weighting the samples in
different fluid and deriving the density of the samples knowing the mass
of those fluids. Typically one will weight the samples in air and in
water, let’s thus denote mdry the mass of the sample in the air and mwet
when weighted immersed in water. The measurement is achieved using
a simple setup coupled with a Metler AE200 weighting platform.
The sample density is then derived using Eq. 3.1 where ρ stands for
the density in [kg/m3]. Note that, as the density of water varies with
temperature, a thermometer was used to take it into account.
ρ = mdry.ρH2O
mdry −mwet (3.1)
This method is non destructive as the samples are immersed in room
temperature water for very short durations, therefore water absorption
is neglected.

Chapter 4
Stress state influence, large de-
formation behavior and fracture
under monotonous radial loading
4.1 Introduction
Multi-scale mechanical modeling frameworks require reliable constitutive
models and failure criteria for the constituents as well as accurate exper-
imental data for parameter identification in order to reach the highest
possible predictive capability in the frame of virtual testing of complex
composite systems [2, 177]. Therefore, there is a growing demand for
better mechanical characterization of structural epoxies coming from
experts in modeling as well as from materials designers and engineers
dealing with the stress analysis of composites.
However, as discussed in Chapter 2, very few studies are dedicated to the
detailed modeling of the deformation and failure of the structural RTM6
epoxy resin itself. To this end, a large characterization and modeling
effort has thus been carried out on RTM6 in the present chapter1.
1Reproduced in part from: Morelle, X.P., Chevalier, J., Bailly, C., Pardoen, T.,
Lani, F. (2015) Mechanical characterization and modeling of the deformation and fail-
ure of the highly cross-linked RTM6 epoxy resin. Submitted to International Journal
of Plasticity.
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Chapter 4. Stress state influence, large deformation behavior and fracture
under monotonous radial loading
The first aim of this chapter is to lead to a better understanding of
the competition between thermally as well as stress activated shear-
dominated viscoplastic deformation and micro-cavitation-induced brittle
failure. The second expected outcome of the present chapter is to provide
the community with a carefully assessed empirical strain-rate, temperat-
ure and pressure sensitive constitutive model and a pressure-dependent
failure criterion (the latter at room temperature only) for the RTM6
epoxy resin involving the set of identified parameters for monotonic load-
ing. The models are ready for use “as is” in most commercial general pur-
pose finite element softwares, and in particular with Abaqus [124]. The
proposed constitutive model can be seen as a degraded version of more
complex finite strain elastic-viscoplastic constitutive models developed
and identified for instance by [73] on epoxy, and by [82, 96–98, 100, 178]
on PC or PMMA. While keeping most of the essential characteristics
of those models, it has the advantage of ease of use for engineers and
researchers, avoiding the need for user material subroutines.
The chapter is organized as follows. Section 4.2 presents the experi-
mental results (compression, tension, torsion) that will be used for the
identification and preliminary assessment of the constitutive model, as
well as a detailed fracture analysis after the different mechanical tests.
Section 4.3 explains the ingredients of the non-linear constitutive model,
its identification against experimental results and its validation. Sec-
tion 4.4 presents a selection of failure criteria, their identification and
validation. Section 4.5 contains a first critical full assessment of the
deformation and failure model by comparison of FE simulation results
and experimental data for the V-notch beam (Iosipescu) test. Final
conclusions are described in section 4.6.
4.2 Experimental results
4.2.1 Prerequesite
The mechanical response of the RTM6 epoxy resin under monotonic
loading will be carefully analyzed in terms of remarkable features and/or
points as defined in Fig. 4.1 :
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Figure 4.1: Illustration of the remarkable (, σ) points that char-
acterize the large stress-strain behavior of RTM6. Note that the
roman numbers refer to the different stages of deformation defined
in Chapter 2.
• the elastic modulus E
• the yield stress at a 0.2% plastic strain σY0.2%
• the peak yield stress and plastic strain at peak yield pU
• the lower yield stress σL
• the failure stress and plastic strain at failure pF .
The other data such as the plastic strain at the lower yield pL, or the
incremental strain-hardening coefficient at an intermediate plastic strain
pR in the fourth stage of deformation will not be presented in details
although they can be used to help identifying the hardening law.
Note on the determination of a representative strain rate
None of the constant true strain rate or the constant crosshead dis-
placement rate test conditions lead to a constant true plastic strain rate
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over the entire deformation range. However, when assessing the non-
linear deformation behavior of materials, comparison between hardening
curves is meaningful only when similar equivalent plastic strain evolu-
tions are encountered in the different tests, e.g. the authors of [24] in-
voke differences of strain-rate between different tests to explain certain
inconsistencies of hierarchy of yield strengths between different types of
tests. Therefore, two measures of the average equivalent plastic strain
rate are used which allow to rigorously compare the strain-rate sens-
itivity of the materials: a ‘low-range’ or small strain average (plastic
strain below 0.07) and a ’full-range’ or large strain average (up to 0.7).
When premature failure of the specimen is observed before the plastic
strain is reaching 0.07, the plastic strain evolution is extrapolated up to
0.07 in such a way as to mimic the response of a compression or torsion
test, providing an estimate of the low-range plastic strain rate average.
Besides, thorough examination of the compression tests shows that the
full-range average is about 3/2 of the low-range average, providing also
an estimation of the full-range average plastic strain rate for specimen
that do not exhibit large ductility.
Here is a summary of how these plastic strain rate averages are used:
• when comparing compression tests between them, the full-range
plastic strain rate average is available and used;
• when comparing tensile tests between them, the low-range plastic
strain rate average is used, either based on the available data or
estimated by extrapolation up to 0.07;
• when comparing different types of tests, the full-range plastic strain
rate average is used, either based on available data (for compres-
sion tests) or on estimations by extrapolation.
4.2.2 Strain-rate, temperature and pressure dependence
The variation of the elastic modulus in compression as a function of
plastic strain rate is shown in Fig. 4.2 a) and b) for various temperatures.
The temperature dependence of the elastic modulus in tension is shown
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in Fig. 4.2 c). Note that the compressive and tensile CSR tests were
made with the same batch while the CCDR compressive and tensile tests
were performed with samples coming from different batches, but without
samples coming from the ‘CSR batch’. As a result, the batch to batch
variability of the modulus is from 10 to 15%, whatever the temperature.
Figure 4.2: Measured temperature and strain-rate dependence of
the Young’s modulus in a) compression with Constant Strain Rate
(CSR) tests on a single batch, b) compression with Constant
Crosshead Displacement Rate (CCDR) tests and multiple batches,
c) tension under both CSR (single-batch) and CCDR (multi-batch)
test conditions.
Compression tests results at CSR and CCDR are shown in Fig. 4.3 a)
and b), respectively. Tensile test results at CCDR are shown in Fig.
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4.3 c). Not all but only representative true stress - true strain curves
are shown in these figures. The tensile curves obtained at CSR are not
shown as sliding within the grips was observed; although the tests had
to be invalidated, the measured elastic moduli and corrected failures
Figure 4.3: Representative uniaxial true stress versus uniaxial true
plastic strain curves for three temperatures (293K, 373K, 423K) in
a) compression with CSR tests (from 10−4 to 10−1 [1/s]) and a single
batch, b) compression with CCDR (from 0.1 to 100 [mm/min])
and multiple batches, c) tension with CCDR (the estimated average
plastic strain rates are also provided). Note: tensile tests conducted
at CSR were partially invalidated due to sliding in the grips and are
not shown (only the elastic modulus and corrected final failure stress
were kept in the database).
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stress were consistent and thus kept in the database. In Fig. 4.3 c) the
low and full-range averages of the true plastic strain rate are shown for
information. The comparison of Fig. 4.3 a) and b) reveals that there is
a 50 [MPa] and a 0.1 strain drop of failure stress and plastic strain at
failure, respectively, for the CSR tests conducted at room temperature.
No other explanation than the batch/operator variability can be given
to explain this difference. The Poisson ratio and the plastic Poisson ratio
were measured on a subset of uniaxial compression tests, giving average
values equal to ≈ 0.34 and ≈ 0.5 (minimum value: 0.48, maximum 0.51),
respectively. The latter suggests that plastic deformation is isochoric.
Figure 4.4: Evolution of the remarkable true stress values: a) 0.2%
plastic strain yield stress, b) peak yield stress, c) lower yield stress,
d) failure stress.
Fig. 4.4 illustrates the strain-rate and temperature dependence of the
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characteristic strength values defined in Fig. 4.1 for the uniaxial com-
pression tests. Batch to batch variability of up to 10% can be observed
for the 0.2% yield, the peak yield and the lower yield stresses, whatever
the strain-rate and temperature. In Fig. 4.4 a), b) and c), the stress
varies linearly with the logarithm of the true plastic strain rate. The
range of strain-rates addressed in this paper does not allow to observe
a transition from quasi-static to impact regimes such as observed by
Gerlach et al. in [17]. Fig. 4.4 d) suggests that the failure stress in
compression is almost insensitive to plastic strain rate, and also shows,
in general; a large variability.
To complement the analysis of the strain-rate and temperature depend-
ence of the uniaxial compression stress-strain curve, Fig. 4.5 a) and b)
also show the evolution of the plastic strain at peak yield and plastic
strain at failure, respectively. Both look rather insensitive to strain-rate,
and, when considering the CSR tensile tests at room temperature as out-
liers, the plastic strain at failure is almost independent of temperature.
Figure 4.5: Evolution of the remarkable true plastic strain values:
a) true uniaxial plastic strain at peak yield, b) true uniaxial plastic
strain at failure.
A comparison of representative Von Mises stress - effective plastic strain
curves determined based on the compression, tension and torsion tests
is shown in Fig. 4.6, where the estimated average plastic strain rates
are also indicated. In this figure, the effect of an error in the estimation
of the average plastic strain rate on the stress-strain curve is shown,
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Figure 4.6: Representative “Effective (Von Mises) stress versus
Equivalent plastic strain curve” for the different types of loadings
(compression, tension, torsion). Also shown: estimates of the low-
range and full-range effective plastic strain rates.
anticipatively using the constitutive model presented in the next sec-
tions. In particular, it highlights the fact that a correct estimation of
the plastic strain rate is important when attempting the identification
of the asymmetry of yielding between tension and compression.
Finally, the pressure and temperature dependence of the Von Mises
stress and effective plastic strain at failure are shown in Fig. 4.7 a)
to c). In these figures, the x-axis is the stress triaxiality computed as
tr = σmm3σe
(4.1)
where σe is the Von Mises stress and σmm3 is the hydrostatic stress. The
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Figure 4.7: a) Variation of the effective failure stress as a function
of stress triaxiality (tension = 1/3, torsion=0, compression=-1/3),
b) Variation of the effective plastic strain at failure as a function of
stress triaxiality, c) zoom on the effective plastic strain at failure for
positive triaxialities.
plotted stress and plastic strain values are actually averaged over all the
strain-rates.
4.2.3 Fractographic analysis
The tensile and notched tensile specimens failed in a brittle manner
after limited plastic deformation, with very similar fracture surfaces.
Fig. 4.8 a) shows SEM micrographs and Fig. 4.8 b) shows a schematic
representation of the typical pattern observed on these surfaces. First,
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the fracture process is triggered by the nucleation of a crack at a defect
in the gauge section. The crack initiation spot can usually be readily
located on the surfaces (see micrograph A in Fig. 4.8 a). The evolution
of the fracture surface pattern agrees with previous observations of the
fracture surfaces of epoxy resins [16, 179–181] or even of other glassy
polymers such as PMMA [182, 183]. Indeed, as described in [19], the
fracture of thermoset polymers follows several distinct stages which are
depicted in the central scheme of Fig. 4.8 b). After the initiation of
Figure 4.8: Detailed fracture surface analysis for tension (a) and
torsion (c) test specimens. The schematic (b) is taken from [184].
the crack at a defect, a smooth and featureless region, often referred
to as mirror-like, corresponds to the slow propagation of the crack. A
textured microflow, such as described by Greenhalgh [183], is also often
observed in this first region. Then, the acceleration of the crack leads to
a progressively rougher pattern. As the crack propagates, a population
of secondary cracks is generated as a result of the high local stress at the
vicinity of the primary crack, either due to the presence of secondary
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defects or to the important local triaxial state of stress near the main
crack tip [185]. The subsequent propagation of these secondary cracks
leads to the parabolas observed on the micrographs B and mostly C of
Fig. 4.8 a), as also reported by Fiedler et al. [16] for uniaxial tension.
The final region corresponds to the abrupt fracture of the specimen
leading to a much rougher surface without any regular pattern.
a) b)
Figure 4.9: a) Hollow tubular specimens loaded in torsion mostly
fail along helicoidal surfaces perpendicular to the Maximum Prin-
cipal Stress (MPS) direction, i.e. oriented at +/-45◦ wrt to the
specimen axis; b) crack deviation along maximum shear planes is
also observed.
The torsion specimens also failed in a brittle manner before any shear
banding process, with fracture surfaces oriented at 45◦ with respect to
the specimen longitudinal axis (see Fig. 4.9 a), suggesting a failure mode
dominated by the maximum principal stress value and orientation, con-
firming previous observations made by Fiedler et al. [16]. The evolution
of the pattern observed on the fracture surfaces of the torsion specimens
is illustrated in Fig. 4.8 c). The features of the fracture surface for
torsion are similar to those observed for tension, supporting the idea of
a fracture scenario in torsion led by principal stresses. Note, however,
that next to the brittle failure associated to normal principal stresses at
45◦ orientation, Fig. 4.9 b) suggests a deflection of the fracture path
along maximum shear directions, after significant plastic deformation.
The simultaneous presence of zones with brittle fracture related pat-
terns and zones involving important plastic deformation in shear was
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also reported by Fiedler et al. [16].
a) b)
Figure 4.10: Two different failure scenarios in compression speci-
men coming from the same batch of bulk resin (same testing tem-
perature and constant strain rate): a) apparently dominated by max-
imum shear stress and b) apparently dominated by the presence of
positive maximum principal stresses (MPS).
Fig. 4.10 shows two typical damage scenarios of a specimen loaded
in uniaxial compression. The scenario depicted in Fig. 4.10 a) shows
only a limited accumulation of cracks at the contact zone between the
specimen and the platens until the very last instants of deformation.
Failure mainly occurs along planes oriented at 45◦ with respect to the
loading direction, suggesting a shear dominated failure mode, causing a
sudden failure with a limited number of fragments. The scenario shown
in Fig. 4.10 b) is more frequent. At moderate plastic strains, several
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cracks initiate and propagate in the contact zone, then coalesce with
subsequent radial and hoop cracks leading to the formation of a diabolo-
shaped chunk, as observed for other brittle materials such as concrete.
However, these cracks do not directly lead to the final failure of the
specimen. Hence, the final failure of the specimen seems to result from
a combination of shear-localization and brittle fracture. The specimen
failure is, as in the case of tensile and torsion tests, very sudden with
the production of a large number of small fragments.
a) b)
Figure 4.11: Uniaxial compression: fragments after failure: a) typ-
ical conical fragment with rough fracture surface, b) typical other
fragment with essentially mirror-like fracture surfaces.
Fig. 4.11 shows the two main types of fragments observed after failure
of the specimen. Fig. 4.11 shows the typical cones with rough fracture
surfaces, which suggest at least a fraction of shear dominated failure.
Fig. 4.11 shows an example of fragment with mirror-like surfaces, which
is the result of brittle failure perpendicular to a positive Maximum Prin-
cipal Stress (MPS). It is not clear whether one mode is more dominant
than the other, and which one starts first and possibly triggers the other.
Specimens with fewer cracks initiated during loading provide larger but
fewer cones, while specimens exhibiting a large number of hoop and ra-
dial cracks provide a large number of smaller cones among the numerous
fragments.
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a) b)
Figure 4.12: Fracture surfaces after failure compression specimen
examined by scanning electron microscopy: a) morphology observed
on the fracture surface of the conical fragments, in line with the
observations by Hobbiebrunken et al. [55], b) mirror-like fracture
surface due to brittle failure.
The difference in roughness of the fracture surfaces already visible in Fig.
4.11 is confirmed by SEM observation in Fig. 4.12. Again, as illustrated
on Fig. 4.12 b), the truly mirror-like surfaces, showing the absence of
any topological feature, clearly results from positive MPS dominated
brittle failure. Characteristic features of a brittle fracture process such
as parabolas, textured microflow and river lines are also occasionally
encountered on these surfaces. Conversely, the rough fracture surface
observed on the cones along maximum shear direction (see Fig. 4.12
a) exhibits a triangular and rhombic morphology. While Fiedler et al.
[16] explained this typical morphology by the same mechanism as the
one forming the parabolas in tension (nucleation of secondary cracks
in the vicinity of the main propagating crack), the 45◦ orientation of
the fracture surface suggests that these rougher surfaces are instead the
result of a shear-dominated failure.
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Figure 4.13: Detailed fracture surface analysis along a conical frag-
ment in a failed compression specimen, from the tip (A) to the basis
(D). Note that the loading direction is horizontally sketched.
SEM micrographs of the fracture surfaces of a complete cone fragment
provide additional hints on the evolution of the actual fracture process.
The evolution of the fracture surface pattern along a single cone is given
in Fig. 4.13. A closer look at the tips of the cones shows that most of
the time there are several small cones initiated in a very confined area,
see yellow arrows in micrograph A of Fig. 4.13. Smaller cones seem to
merge into larger ones across the transition to a rougher fracture surface.
The fracture pattern at the tip of the cones suggests that the cones may
be initiated because of local high values of MPS. Indeed, the fracture
surfaces right after the tips of the cones show a very smooth pattern
(micrograph A of Fig. 4.13), followed by river lines (see micrograph A
and B of Fig. 4.13), which is typical of a Mode I brittle fracture initiation
followed by a mixed mode I/III propagation [186,187]. The subsequent
development of the cones gives rise to rougher surfaces, as observed on
the SEM micrographs C and D of Fig. 4.13, eventually leading to the
triangular and rhombic pattern already shown on Fig. 4.12 a).
As a conclusion, the initiation of the final failure of RTM6 in compres-
sion is most probably due to positive MPS, in the case of tension and
torsion. The propagation of these initiated cracks can be controlled by
the local MPS (longitudinal failure) or by shear stresses when meeting
the zones of maximum shear stress (plane at 45◦ with respect to the
loading direction).
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4.2.4 Note on the sensitivity of uniaxial compression results
to friction
Uniaxial compression tests are known to be sensitive to friction2 [16,
24, 160]. Friction between the specimen and the platens constraints the
lateral movement of the sample, creates a heterogeneous state of stress,
which departs from the uniform uniaxial target and can promote or
delay the deformation and failure mechanisms. The most visible result
of excessive friction between the specimen and the platens is the so-
called barreling effect, illustrated in Fig. 4.14. Fig. 4.14 a) shows
a cylindrical sample tested in compression with a PTFE film used as
solid lubricant: the specimen lateral edges are almost perfectly straight,
proving that friction could be minimized; on the contrary, the specimen
in Fig. 4.14 b) was loaded without any lubricant, and exhibits rounded
edges. A map of hydrostatic stress computed using the finite element
method and the constitutive model developed in the next sections is
superimposed on Fig. 4.14 b), it reveals large gradients and proves that
uniaxial compression tests with significant friction cannot be considered
as appropriate to identify the constitutive properties of polymers without
the help of complex inverse analysis procedures. Similar detailed stress
analyses of the barreling effect are reported in [160].
Hence, when post-processed with the assumptions of plastic incompress-
ibility and pure uniaxial stress, the constraining effect of friction provides
stress-strain curves which actually erroneously suggest a material that
exhibits a stronger apparent behavior than it really is, possibly missing
the softening response. Fig. 4.14 c) shows the effect of friction on the
apparent compressive behavior of the resin: for similar specimen dimen-
sions, friction provides higher estimates of the peak yield and lower yield
stresses. Moreover, theoretically, in the absence of friction, the aspect
ratio of the specimen should have no effect on the measured stress-strain
curve; on the contrary, with friction, increasing the diameter to height
ratio leads to an apparently even stronger material.
The effect of friction will be further addressed again using FE simulations
in Section 4.3.8, as part of the model assessment methodology.
2As previously announced in Chapter 3.
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a) b)
c)
Figure 4.14: Sensitivity of the compression test to friction between
the sample and the platens: a) profile of the specimen at large
deformation with solid lubricant (PTFE film), b) typical barrel-
like profile of the specimen at large deformation without lubricant,
the color map shows a distribution of hydrostatic pressure com-
puted using the finite element method, c) apparent true stress-strain
curves computed from the measured load displacement data with and
without solid lubricant for a shape ratio of 12/12, and without lub-
ricant for a 12/6 shape ratio.
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4.3 Constitutive model
4.3.1 Selection of the constitutive model
The constitutive model was selected in order to be directly applic-
able with the standard distribution of the general purpose finite ele-
ment software Abaqus [124], without the need for coding a user defined
material subroutine, favouring the application of the identified model
in current engineering practice. Nevertheless, the ingredients of the
model are chosen so that they can be directly compared or assessed
towards more advanced finite strain elastic-viscoplastic models of the
literature [73, 82, 99]. The behavior of the material is assumed to be
elastic-plastic with rate and temperature dependences taken into ac-
count through the hardening law. The dependence of the hardening be-
havior on the strain rate and temperature is given explicitely to Abaqus,
which allows for simulating loading rate and temperature effects in the
frame of quasi-static simulations. In its present formulation, the model
is not intended for use in the simulation of creep, relaxation or recov-
ery, nor for cyclic loading. The selected yield criterion follows a linear
Drucker-Prager [188,189] model, which is a pressure-modifed Von Mises
yield surface. Isotropic hardening is assumed. An original hardening
function incorporating pre-peak yield non-linearity, softening and re-
hardening is developed. Strain-rate and temperature dependences of
the true stress - true strain curve are introduced via the coefficients of
the hardening function.
4.3.2 Yield Criterion
The seminal linear Drucker-Prager yield criterion writes
F = σe +
σmm
3 tan (β)−
(
1− tan (β)3
)
σc = 0 (4.2)
where σe is the Von Mises effective stress, σmm is the trace of the stress
tensor, σc is the yield stress in compression. The term β is the friction
angle, defined as
tan (β) = 3− 3r1 + r (4.3)
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with the so-called ‘instantaneous uniaxial stress ratio :
r =
∣∣∣∣∣σcσp
∣∣∣∣∣ (4.4)
where σt and σc are the true stress in uniaxial tension and uniaxial com-
pression, respectively, at an arbitrary uniaxial plastic deformation p. In
the linear Drucker-Prager model implemented in Abaqus, no depend-
ence of the hardening behavior on the stress-state is allowed. Hence, the
hardening behavior is taken from uniaxial compression tests. Although
some strain rate and/or temperature dependence of the friction angle
cannot be excluded, they are not taken into account in the model.
4.3.3 Flow Rule
Beside the yield surface, a flow rule is selected based on the flow potential
G defined as
G = σe +
σmm
3 tan (ϕ) (4.5)
where ϕ is the ‘so-called “dilation angle” in the (σe,−σmm3 ) plane. Set-
ting ϕ = β results in associated plastic flow. With ϕ = 0, plastic in-
compressibility is assumed. The non-associated flow rule can then cause
convergence issues of the host finite element software when dealing with
heterogeneous stress states. The dilation angle at a given plastic strain
p is computed as
tan (ϕ) = −
3
(
1− 2νcp
)
2
(
1 + νcp
) (4.6)
where νcp is the plastic ‘Poisson coefficient measured in compression given
by νcp =
pcr
pcz
with pcr and pcz being the radial and axial plastic strains under
uniaxial compression, respectively. The plastic strain tensor is given by
pij = εij − Sijklσkl (4.7)
where εij is the strain tensor, σkl is the Cauchy stress tensor, Sijkl is the
elastic compliance tensor. Although some strain rate and/or temperat-
ure dependence of the dilation angle cannot be excluded, they are not
taken into account in the model.
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4.3.4 Elastic behavior
The resin is isotropic with Young’s modulus E and Poisson ratio ν. For
the sake of simplicity, the Poisson ratio is taken as rate and temperature
insensitive. The asymmetry of Young’s modulus between tension and
compression is neglected and, as a first approximation, the experimental
compression modulus is used. The compression modulus is assumed to
take the form
E (T, ln(ε˙) = E¯(293)eβT (T−293) + kε (ln(ε˙)− cε) (4.8)
where E¯(293) is the compression modulus averaged over all strain rates
at room temperature, cε is the average of the logarithms of all the tested
true strain rates, βT and kε are fitting parameters. The identified strain-
rate dependence of the Young’s modulus should hold up to strain rates
of 100 [s−1] according to [17]. In most quasi-static loading situations,
the dependence on strain-rate could even be neglected, taking kε = 0.
4.3.5 Hardening behavior
The strain hardening is assumed not to depend on the stress triaxiality,
which can be admitted for small to moderate strains; however, in general,
the re-hardening part (stage IV in Fig. 4.1) can be highly sensitive to
the hydrostatic stress. Poulain et al. [73] showed that the hardening
behavior of a moderately crosslinked epoxy is different in tension and
compression on the whole range of strain. The dependence on pressure
of the element describing the rehardening is thus not accounted for in
the model.
The hardening law (σy) is described by a sum of three contributions:
(i) the pre-peak hardening behavior (σY 02% + σA) related with the main
chain segmental motion activation, (ii) the softening part σB coming
from collective activated conformational motions combined with free
volume rearrangement [32] and then (iii) the re-hardening σC often re-
ferred to as the “entropic spring” contribution. This approach, illus-
trated in Fig. 4.15, is inspired by the pioneering work of Haward and
Tackray [11].
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Figure 4.15: Decomposition of the hardening curve σy into three
main contributions: (σY 02% + σA), σB and σC . The continuous line
indicates the resultant curve σy, while the dotted-dashed curves show
the three contributions.
The present formulation relies on the commonly accepted understand-
ing of the molecular motion of entangled or cross-linked glassy polymers
during straining, as presented in Chapter 2. Below the glass transition
temperature, in order to achieve large inelastic strain, the polymer has
to overcome two main types of physical-mechanical resistance: the inter-
molecular resistance (σY 02% + σA + σB) and the term analogous to the
entropic resistance σC11 , originally derived for rubber-elasticity theory.
At low strains, the polymer has to be loaded above the yield stress
σY 02% (and with an appropriate stress triaxiality) in order to exceed the
activation energy for main-chain segmental motion. The contribution of
this mechanism to the hardening law of the polymer is denoted σA and
is expressed as
σA = σA0
(
1− e−rAp) (4.9)
where σA0 is the overstress targeted plateau and rA is a fitting parameter
driving the hardening rate.
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The contribution of softening to the hardening law of the polymer is
denoted σB and writes
σB = σB0
(
1− e−rBp) (4.10)
where σB0 is the yield drop targeted plateau and rB is a fitting parameter
driving the softening rate.
At larger strains, the latest contribution accounts for the rehardening
behavior and comes from an analogy to the entropic resistance due to
the alignment of the molecular network. This contribution is inspired
from the Arruda-Boyce 8-chain model for rubber elasticity [87]
σC =
CR
3
√
N
λp
L−1
(
λp√
N
)
dev(B) (4.11)
where CR is the hardening modulus (CR is the rubbery modulus for
material in the rubbery state),
√
N the limiting chain extensibility,
B = FFT is the left Cauchy-Green tensor and dev(B) its deviator, with
F the plastic deformation gradient (assuming plastic incompressibility)
F =
 e
p11 0 0
0 ep22 0
0 0 ep33
 =
 e
p 0 0
0 e−0.5p 0
0 0 e−0.5p
 . (4.12)
The term λp is the stretch on a chain of the 8-chain network defined as
λp =
√
Bmm
3 . (4.13)
The symbol L−1 represents the inverse Langevin function, which is here
approximated by the explicit function
L−1(x) = 9− 3x
2
1− x2 . (4.14)
Other expressions for the re-hardening could be assumed, considering
for instance a Neo-Hookean behavior, a 3-chain or 8-chain model or the
full-chain model by Wu and Van der Giessen [88]. Note that entropic
springs such as the 8-chain model detailed in the expression of σC imply
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the existence of transverse stresses that should be iteratively removed
by applying an appropriate transverse strain in order to recover pure
uniaxial conditions; the present model overlooks this effect by taking
into account the axial component of σC only. First, the impact of neg-
lecting the transverse stresses brought by the entropic spring is that the
identified parameters will be slightly different. Second, considering the
spring as a simple hardening function3 relating the effective stress and
the equivalent plastic strain cancels the ‘multi-axial contribution’ and
inherent pressure-sensitivity.
The yield stress hardening law (σy) of the resin can then be expressed
as
σy = σY 02% + σA0
(
1− e−rAp)+ σB0 (1− e−rBp)+ σC11 (4.15)
where σC11 is the axial component of the re-hardening stress. Because of
the underlying thermally and stress activated deformation mechanisms,
the strain-rate and temperature dependence of the stress parameters
σY 02% and σA0 is assumed to follow the Eyring’s equation, i.e.
σi =
kBT
ΩAi
(ln(p˙)− ln(p˙0)) + ∆G
NAΩAi
(4.16)
with i = Y 02% or i = A0 and NA is the Avogadro number. Inspired by
the work of [82] where the saturation stress is taken as a constant fraction
of the so-called ‘athermal shear strength’, the strain rate and temperat-
ure dependence of σB0 is introduced through σB0 = −kσU where k is a
strain-rate and temperature insensitive fitting parameter named ”yield
drop coefficient” while σU is the strain-rate and temperature dependent
peak yield stress, which also obeys Eyring’s equation. The parameters
rA and rB governing the pre-peak hardening rate and the softening rate
are taken as
rA = rA,aTnA + rA,b (4.17)
and
rB = rB,aTnB + rB,b. (4.18)
3Backstress effects are not considered here, as the model is intended only for
monotonic loading and as the expression of entropic spring is simply used for the
description of σy.
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In line with the approach of [87], CR appearing in equation 4.14 is as-
sumed independent of strain rate and temperature. Then
√
N is taken
independent of strain-rate while its sensitivity to temperature is ex-
pressed as
N(T ) = n(293)N(293)
Bh +Ah
(
1− e−
Eh
kBT
) (4.19)
where n(T ) is the chain density at temperature T , Eh is the thermal
dissociation energy and Ah and Bh are fitting parameters. This last
expression expresses the fact that the number of efficient rigid links per
chain n(T )N(T ) remains constant whatever the temperature. Alternat-
ively, for materials below the glass transition temperature, Rottler [142]
and Govaert et al. [36] indicate that the hardening modulus CR should
depend linearly on the yield stress (hence having the same strain-rate
and temperature sensitivities) and on the hydrostatic pressure.
4.3.6 Parameters identification
Variable Parameters
Modulus βT , kε, E¯(293), cε
Poisson ratio ν
Stress ratio r
Plastic Poisson ratio νcp
Activation volumes ΩAU , ΩAY 02% , ΩAA0
Activation enthalpies ∆GU , ∆GY 02%, ∆GA0
Reference transformation rates p˙0U , p˙0Y 02% , p˙0A0
Yield drop coefficient k
Hardening kinetics coefficients rA,a, rA,b, nA
Softening kinetics coefficients rB,a, rB,b, nB
Rubbery modulus CR
Efficient chain segments Ah, Bh, Eh, N(293)
Table 4.1: List of the parameters of the constitutive model
Table 4.1 summarizes the parameters that must be identified. Some
parameters can be directly identified from the experimental results,
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while others are identified through an inverse procedure of global fit-
ting of the stress strain curves. The minimum set of experiments must
involve four compression tests, e.g. two tests at different constant true
strain rates and room temperature, and two tests at different temper-
atures, whatever the selected strain rate and one tensile test at room
temperature and at a constant true strain rate (for which a room tem-
perature compression test is also available).
The identification of the model parameters is made through a two-step
procedure:
• Several model parameters (13) can be identified directly against
the experimental results: the modulus parameters βT , kε, E¯(293),
cε, the Poisson ratio ν, the stress ratio r, the plastic Poisson ra-
tio νcp (at room temperature, at a true plastic strain of 3%), the
stress parameters σY 02% and σU (activation volumes, enthalpies
and reference transformation rates that appear in Eyring’s equa-
tion 4.16).
• The remaining model parameters (15) are identified by minimizing
the distance between the predicted compression true stress-true
plastic strain curves and the remarkable experimental stress-strain
couples shown (, σ) in Fig. 4.1. Additionally the slope of the stress
strain curve should be zero at the peak yield and lower yield. A
gradient based optimizer provided in Matlab [16] is used for that
purpose.
Table 4.2 shows the values identified for the parameters of the con-
stitutive model.
The identified activation volumes are in the same range as those reported
in [62] for a DGEBA epoxy resin. The main parameters of the re-
hardening part (CR, N) are also comparable with values reported in the
literature for other glassy polymers [73,87].
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Table 4.2: List of parameters values identified for the constitutive
model
The true compression stress - true plastic strain curves resulting from
the identification procedure are shown in Fig. 4.16 b), with represent-
ative experimental results reproduced in Fig. 4.16 a) for the sake of
comparison. A good agreement is found in terms of capability to re-
produce the hardening behavior in the studied range of strain rates and
temperature.
Fig. 4.16 c) shows the behavior predicted in tension, obtained by mul-
tiplying the hardening curve identified in compression (for the same
temperature and strain rate conditions) by the stress ratio identified at
a 3% plastic strain.
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Figure 4.16: a) Experimental uniaxial compression curves obtained
with constant strain rate tests, b) predicted uniaxial compression
curves using the hardening law identification procedure, c) behavior
predicted in tension, obtained by multiplying the hardening curve
identified in compression (for the same temperature and strain rate
conditions) by the stress ratio identified at a 3% true plastic strain.
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4.3.7 Constitutive model as implemented in Abaqus
First, for what concerns the linear elastic behavior, the asymmetry of
elastic modulus is neglected, the dependence of the modulus on the
strain-rate is not taken into account and the Poisson ratio is assumed
constant. Therefore, tabulated pairs of elastic modulus and temperature
are provided to Abaqus.
Second, the linear Drucker-Prager model is selected, and the friction
and dilation angles identified in the previous section are specified. The
hardening behavior is introduced in Abaqus by providing tables of pairs
of Von Mises stress and equivalent plastic strains (i.e. the hardening
curves in compression) at different strain-rates and temperatures. In this
context, Abaqus requires a virtual ‘zero strain rate’ hardening response,
which can for instance be arbitrarily taken as the curve predicted by the
constitutive model at a plastic strain rate of e.g. 10−12 [s−1]. Abaqus
interpolates linearly between the curves provided by the user, but keeps
the highest strain-rate hardening curve provided by the user if the com-
puted strain-rate exceeds this highest value of maximum strain-rate.
Other parameters are left to the default value.
The model is thus readily available in Abaqus. Due to the softening of
the resin, in certain circumstances (e.g. large gradients, or very local
stress concentration), the standard quasi-static non-linear finite element
solver could encounter major convergence issues. In this case, switching
to arc length methods helps. However in several occasions, the user
will have to change to fully explicit simulations, with appropriate mass
scaling and viscosity, to reach a consistent, converged solution.
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4.3.8 Validation of the constitutive model
The predictive capability of the identified model is assessed against ex-
perimental results which were not used for parameters identification, i.e :
• the hardening behavior in shear at room temperature, obtained by
torsion testing of hollow cylindrical specimen at a rotation rate of
7 [◦/min]. Fig. 4.17 a) shows the responses identified in compres-
sion and tension, and the prediction of the model for the case of
torsion. Despite minor differences of experimental plastic strain
rates, the prediction for shear is equidistant from the compression
and tension curves due to the hypothesis of linear dependence of
yielding on the hydrostatic pressure, and falls close to the curve
representative of shear loading.
• The hardening behavior in tension at temperatures of 373K and
423K and at a CCDR of 1 [mm/min]; Fig. 4.17 b) shows the
predictions of the model in terms of the tensile behavior at higher
temperatures. The agreement is here not very good, as the stress
ratio identified at room temperature seems to be temperature de-
pendent. Hence, the tension-compression asymmetry is underes-
timated at 373K and 423K.
The tension-compression asymmetry being attributed to the dif-
ference of free volume behavior under tensile and compressive
stresses4 and the evolution of this free volume (movement, cre-
ation and annihilation) being thermally activated, it is reason-
able to think that an additional temperature dependence of the
stress ratio has to be incorporated, instead of a non temperature-
dependent Drucker-Prager.
4Positive triaxial state of stress (tension) being more favorable for the creation of
free-volume during deformation than negative triaxiality (compression).
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• The non-linear relationship between the diameter reduction in the
minimum cross section and the tensile load on the tensile tests
conducted on notched specimens at a CCDR of 1 [mm/min], at
room temperature, for three different notch radii. In this case,
explicit simulations were performed using Abaqus v6.12 in order
to properly account for the important heterogeneity of hydrostatic
stress and strain-rate in the gauge length. Fig. 4.17 c) reveals a
very good agreement between the FE results and the experimental
data for the three notch radii.
• the compression true stress - true strain curves obtained at room
temperature and a 1 [mm/min] CCDR with different conditions
of friction with the platens. Chevalier et al. [190] have shown that
a friction coefficient of 0.07 is necessary in order to perfectly re-
produce the barreling profile using FE simulation with the model
presented in this section. Fig. 4.17 d) shows that the FE sim-
ulation of the compression test without lubricant, for a similar
diameter to height ratio (12/12), is remarkably close to the cor-
responding apparent experimental uniaxial true stress-true strain
curve.
Note that the discrepancies in the non-linear behavior could partly
be attributed to batch to batch variability as the model was iden-
tified on another batch. Increasing the diameter to height ratio
(e.g. here 12/6) makes the constraining effect of friction more
prominent. Hence, the friction coefficient must be increased to 0.2
in order to capture the experimental behavior. In this case, part
of the error lies in the inability of the model to deal with larger
stress gradients and another part in the too simplistic modeling of
friction.
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Figure 4.17: Constitutive model assessment: a) ‘Von Mises stress
versus Equivalent plastic strain’ curves for uniaxial compression,
tension and for torsion, predicted using the identified hardening law
and the identified pressure dependence of yielding (linear Drucker-
Prager); b) predicted temperature dependence of yielding under
tensile loading, note the apparent dependence of pressure sensitivity
on temperature; c) variation of the load with the reduction of dia-
meter of the minimum cross-section for three different notch radii
and a constant crosshead displacement rate of 1 [mm/min]; d) pre-
diction of the apparent compression true stress – true strain curves
with and without solid lubricant, and for different cylinder diamet-
er/height ratios.
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4.4 Failure criterion
4.4.1 Preamble
No detectable damage evolution is observed in RTM6. Despite signific-
ant non-linear deformation, there is no evidence of intrinsic progressive
damage mechanisms such as void growth and coalescence observed for
instance in ductile metals or blended polymer, or crazing which is com-
monly observed in thermoplastics [14, 21]. Hence, in section 4.2.3, no
microstructural features or morphologies on the fracture surfaces could
be associated with an intrinsic progressive damage mechanism or extens-
ive plasticity. No progressive drop of the Young’s modulus is observed
either, which could have been considered as an indirect proof of dam-
age incurred in the specimen. Furthermore, we observed on RTM6 a
rapid saturation of the backstress upon unloading (as will be discussed
in Chapter 5), which is another argument in favor of the idea of the
absence of progressive damage. Hence, failure appears to be brittle in
all circumstances (tension, notched-tension, torsion and compression)
whatever the amount of plastic deformation. This is in-line with the
researches reported in [16, 55, 57, 68] which converge to the idea of a
competition between shear-dominated yielding and brittle failure driven
by a positive hydrostatic and/or MPS related with micro-cavitation and
chain scission. The brittle character of failure is most probably due
to the high crosslinks density which impedes the very large molecular
movements at the local scale which are necessary to achieve a config-
uration of crazing; and it might be, as well, triggered by the presence
of local small defects (e.g. voids or local density or crosslink density
fluctuation) that would act as preferred initiation sites due to their local
stress concentration5.
Here, failure has thus been addressed in an engineering perspective based
on an un-coupled approach as a post-processing task, considering that
fracture occurs when some combination of stress or strain reaches a
critical value, and that cracking is catastrophic, with almost no post-
failure (visco-) plastic dissipation.
5Recent work in that direction has been performed by collaborators [190].
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4.4.2 Failure criteria
Four different macroscopic failure criteria, written in generic form as
f(σij) = 0 or f(pe) = 0, have been selected and assessed:
• FC-I. In-line with the common understanding of brittle failure in
highly-crosslinked epoxies, the first criterion considers that fail-
ure occurs when a pressure-modified maximum principal stress is
reached (Eq. 4.20):
FC-I : σMAX − aσH − b = 0. (4.20)
This criterion can be easily identified using the failure stress data
in tension and compression.
• FC-II. The second criterion is an hyperbolic criterion, similar in
form to some crazing initiation criteria as reviewed in [160]:
FC-II : σe − a
σH + b
− c = 0. (4.21)
This criterion is actually a pressure-modified “critical distortional
strain energy criterion”. The three parameters must be identified
using the failure stress data in tension, compression and torsion.
• FC-III. The third criterion is a pressure-modified maximum shear
criterion, similar to a pressure-modified Tresca criterion, motivated
by the occasional observation of a shear-dominated failure mode
as observed in Fig. 4.10 a):
FC-III : |σMAX − σMIN | − aσH − b = 0. (4.22)
This criterion can be easily identified using the failure stress data
in tension and compression
• FC-IV. The fourth criterion is a triaxiality-dependent critical equi-
valent plastic strain at failure criterion, often used in the modeling
of the ductile failure of metals:
FC-IV : pe − ae−b
σe
σH − c = 0. (4.23)
The three parameters can be identified using the failure stress data
in tension, compression and torsion.
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4.4.3 Parameters identification and validation
The parameters of the four failure criteria have been identified directly
using the experimental failure stress data, see Table 4.3.
Criterion a b c
FC-I 1064[−] 66[MPa] -
FC-II 5352[MPa] 105.7[MPa] 63[MPa2]
FC-III −0.8824[−] 132[MPa] -
FC-IV 0.04042[−] 7.815[−] 0.02558[−]
Table 4.3: Value of the parameters identified for the four failure
criteria.
Fig. 4.18 a-c) show the variation of each stress indicator f(σij) as a
function of the hydrostatic stress, for failure criteria FC-I, FC-II and
FC-III; while failure criterion FC-IV is presented with the evolution of
equivalent plastic strain at failure as a function of the stress-triaxiality
in Fig. 4.18 d).
FC-I and FC-III can be assessed by comparing the predicted failure
stress in torsion with the experimental value, as the latter was not used
for identification, showing excellent agreement.
The four failure criteria were used in combination with the constitutive
model in FE simulations of the notched tensile tests in order to predict
the maximum load and notch diameter reduction at failure.
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Figure 4.18: a) Pressure-dependent critical maximum principal
stress failure criterion (FC-I) identified with the compression and
tension data, b) pressure-dependent critical Von Mises stress fail-
ure criterion (FC-II) identified with the compression, tension and
torsion data, c) pressure-dependent critical maximum shear stress
failure criterion (FC-III) identified with the compression and ten-
sion data; b) critical equivalent plastic strain at failure criterion
(FC-IV) identified with the compression, tension and torsion data.
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For the maximum load at failure, Fig. 4.19 a) shows that all but the
pressure-modified MPS criterion (FC-I) predict an increase of the load
with an increasing notch radius. The pressure-modified maximum shear
stress criterion (FC-III) significantly underestimates the various loads.
Despite the fact that it does not reproduce the correct load evolution
with notch radius, criterion FC-I falls within the experimental variability
for the 1 and 3 [mm] notch radii. On the other hand, the triaxiality-
dependent equivalent plastic strain at failure (FC-IV) performs very
well, as its predictions for the failure load are the closest to the average
experimental values, as illustrated in Fig. 4.19 a).
In terms of notch radial displacement at failure as shown in Fig. 4.19
b), all the criteria correctly predict the increase of notch diameter re-
duction with increasing notch radius, and it is again the triaxiality-
dependent plastic strain at failure criterion FC-IV which performs best.
The pressure-modified MPS criterion performs also quite well.
Figure 4.19: Model assessment (non-linear behavior and failure)
against experimental results on notched tensile tests: a) experi-
mental versus predicted maximum load at failure, b) experimental
versus predicted radial displacement in the notch (local striction).
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In conclusion, if all identified fracture criteria seem to qualitatively re-
produce the experimental failure trends, the triaxiality-dependent plastic
strain at failure (FC-IV) is the only one to provide fully quantitative pre-
dictions and is therefore chosen as the most relevant criterion.
Criterion FC-IV is readily introduced in Abaqus using « Ductile fracture
criterion » capability. Pairs of equivalent plastic strain at failure and
stress triaxiality must be provided, for different temperatures and strain-
rates. In this case, the failure criterion was provided at a reference strain-
rate of 10−3 [s−1] and a temperature of 293K, assuming first that failure
is independent of strain-rate. This allows simulating crack initiation in
deformed components.
4.5 Full model assessment - Iosipescu case study
The original motivation of this work is to build, identify, and assess a
model that can be used in the framework of the multi-scale modeling
of the deformation and failure of carbon-epoxy composites where highly
heterogeneous stress and strain fields are encountered. However, before
addressing this level of complexity, it is important, in terms of meth-
odology, to first assess the model against a simpler configuration where
the field heterogeneity is moderate but with a clear contrast between
zones with distinct shear-dominated and hydrostatic stress / maximum
principal stress dominated conditions.
The test selected for validation comes from the ASTM5379 V-notched
beam method standard, with set-up and sample illustrated in Fig. 4.20
a). The V-notched beam method is in principle dedicated to the meas-
urement of the shear properties of composite materials with continuous
or short fibres [163]. Hence, a good portion of the ligament between
the V notches undergoes uniform shear stresses. However, as depicted
in the stress triaxiality map right before failure in Fig. 4.20 b) (see de-
scription of the FE model below), although most of the deformed zone
is the shear-dominated zone A, high tensile stresses are generated at the
surface close to the notch roots (zone B), while compressive stresses are
induced at the end of the contact zone with the load fixture (zone C).
4.5. Full model assessment - Iosipescu case study 145
With an unreinforced isotropic material, this test is somehow critical as
the non-linear behavior should be mostly determined by the response
in shear between the notch roots, while failure should be triggered else-
where.
a)
b)
Figure 4.20: a) The V-notch beam test sample instrumented with
back-to-back bidirectional strain gauges, and load introduction fix-
ture; b) Map of stress triaxiality on the V-notch specimen just be-
fore failure: zone A is the shear-dominated zone (triaxiality close
to zero), zone B is dominated by tensile stresses and exhibits the
maximum triaxiality (above 1.2), zone C is essentially compressive.
The V-notched beam specimens were produced with the processing and
machining conditions described in Chapter 3. A series of five tests were
performed on a screw-driven universal Zwick-Roell testing machine with
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an external load cell of 250 [kN], at 293K and a crosshead displace-
ment rate of 1 [mm/min]. The maximum and minimum principal strain
were measured using back-to-back bi-directional strain gauges positioned
between the notch roots at 45◦ with reference to the horizontal axis.
A two-dimensional explicit finite element model was set-up in Abaqus
6.12 to simulate the test, with a global mesh size of 0.5 [mm], using
linear triangular plane stress elements. A local mesh size of 0.1 [mm]
was imposed at the notch roots. Frictionless contact was assumed. The
constitutive model was introduced as explained in section 4.3.7. The
failure criterion FC-IV identified at room temperature and a strain rate
of 10−3 [s−1] in section 4.4.2 was introduced in Abaqus as explained in
section 4.4.3. In addition to that, progressive failure analysis, using a
smeared crack approach, was enabled by using the Damage Evolution
feature of the « Ductile failure criterion » with an exponential softening
law, given an arbitrary “post-failure” energy of 1 [mJ ], which leads to
rapid failure when the criterion is met. Appropriate mass scaling was
used in order to accelerate the simulations while not perturbing the
solution.
The model is assessed against experimental results as follows:
• The predicted and experimental load-displacement curves, max-
imum load and displacement at failure are compared (see Fig.
4.21 a)). Good agreement is found although the predicted load
at failure falls below the error box.
• The predicted and experimental shear strain at the locus of the
strain-gauge between the notch roots are compared (see Fig. 4.21
b)). Good agreement is found regarding the linear part of the
measured shear strain, however, after the onset of plasticity, the
prediction overestimates the experimental response by up to 20%.
• The predicted and observed failure hierarchy and final crack path
are compared (Fig. 4.21 c)). Excellent agreement is found, in-
line with the failure mode observed by Hodgkinson in [163] for
unreinforced brittle thermoset materials.
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c)
Figure 4.21: a) Experimental representative load-displacement
curve between the notch roots and predicted counterpart. The grey
rectangle is the error box for the pair experimental load at failure
- displacement at failure; b) Comparison of the shear strain meas-
ured experimentally between the notch roots (representative curve)
and the computed shear strain averaged over the strain gauge area
in the FE model; c) Comparison of the experimental (TOP) and
predicted crack paths (BOTTOM). The bottom image shows a map
of the value of the failure criterion, the elements which have failed
have been deactivated and eventually constitute the crack path.
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The explanation for the underestimation of the load at yielding and for
the overestimation of the non-linearity is four-fold:
• Early plasticity is predicted in the simulation in the stress concen-
tration areas located at the end of the contact zone between the
load introduction rig and the sample (zone C in Fig. 4.20 b)). This
stress concentration favours a “root rotation” of the shear domin-
ated zone and lead to an overestimation of the specimen tangent
compliance.
• The absence of friction in the simulations accelerates the onset of
yielding and leads to a more compliant overall response. Hence,
adding friction between the load introduction rig and the sample
in the simulation helps delaying the onset of yielding, but not
sufficiently. Note that the experimental maximum and minimum
principal strains measured by the strain gauge are slightly asym-
metric (up to 10% of difference); according to the simulations, this
asymmetry increases with increasing friction.
• Part of the discrepancy might be attributed to batch-to-batch vari-
ability which is known to be of up to 10% for what concerns the
peak yield in compression.
• The constitutive model overestimates (either or both) the strain-
rate sensitivity (note: the equivalent plastic strain rate in the sim-
ulation amounts from 0.0002 to 0.0008 [s−1]) and the pressure sens-
itivity of yielding of the material.
Finally, it is worth mentioning that fracture being driven by a positive
MPS, a fracture surface similar to tensile and torsion specimens was
expected. The detailed fracture surface analysis shown in Fig. 4.22
confirms the different steps in terms of successive crack surface patterns,
and shows again that cracking initiates in the zone where the MPS is
critical.
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Figure 4.22: Detailed fracture surface analysis after failure of the
V-notch beam specimen.
4.6 Conclusion
The elastic, viscoplastic and fracture behavior of the RTM6 epoxy resin
was characterized as a function of strain rate and temperature under
various loading conditions involving uniaxial tension, notched tension,
uniaxial compression, torsion and shear. When loaded in compression,
RTM6 was shown to behave like amorphous thermoplastics in the glassy
state, with the expected distinct deformation stages up to large strains,
and exhibiting among others similar dependences of the peak yield on
temperature and strain-rates. Limited ductility was observed however
for the other loading conditions. Unlike thermoplastics, brittle failure
was always observed, and no progressive damage mechanism could be
identified. Detailed fractographic analysis provided insight into the com-
petition between shear yielding and maximum principal stress driven
brittle failure.
A Drucker-Prager pressure-dependent constitutive model was built. A
specific hardening law was developed with strain-rate and temperature
dependent parameters, owing to Eyring’s theory of transition of state
and to the theory of rubber elasticity. The pressure-dependence and
hardening law, as well as four different failure criteria were identified
against the experimental results using a two-step procedure involving
direct identification and reverse analysis. This identification procedure
requires at most four uniaxial compression tests and one uniaxial tensile
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test. After thorough verification, the constitutive model and a plastic
strain at failure criterion were readily introduced in the standard ver-
sion of Abaqus. The model was successfully assessed against results
of progressive failure in V-notched beam shear test in terms of overall
load-displacement curve, local shear-strain / shear-stress and predicted
failure path.
Chapter 5
Unloading behavior and time de-
pendence of plastic flow
5.1 Introduction
In Chapter 4, the large strain behavior of RTM6 was studied under
essentially monotonic loading. A phenomenological constitutive model
was built, relying on a strong experimental data basis and theoretically
compared to other current state-of-the art models for glassy polymers.
The proposed model includes a rate and temperature dependent harden-
ing law as well as a pressure dependent yield locus, leading to proper
prediction of yielding, softening and rehardening processes. Moreover,
a plastic strain at failure fracture criterion was also proposed and valid-
ated through FE inverse analysis of the experimental tests. Nonetheless,
this model cannot be used for creep and relaxation.
Although this is a first step towards more accurate prediction of compos-
ite behavior through multi-scale modeling approach, there exists other
practical loading conditions that imply large deformation of the mat-
rix and involve non-monotonic loading paths such as cyclic behavior, as
well as creep or relaxation. For instance, creep in a load-bearing joint
composite panel due to out-of-plane compression of the bolt or cyclic
off-axis loading of a biaxial composite laminate as illustrated in Fig. 5.1
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are two examples where the previously developed model cannot prop-
erly predict the time-dependent and cyclic behavior. Even though these
types of composite transverse loading conditions, involving large strain
of the epoxy matrix, are rarely encountered in structural applications,
it has to be accounted for in multi-scale modeling strategies and is of
great use in the study of fracture mechanics of epoxy adhesives.
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Figure 5.1: Cyclic loading of a carbon-fibre biaxial composite (with
a RTM6 epoxy matrix) under 45◦ off-axis tensile test.
The objective of the present chapter is thus to further inquire about
the understanding and modeling of the viscoplastic behavior of RTM6,
focusing on its time-dependent behavior and with an emphasis on back-
stress upon unloading. For this purpose, both unloading behavior and
time-dependency will be thoroughly studied via specific characterization
tests1 to identify the most critical parameters and try to unravel their
physical origin.
The present chapter is organized as follows :
The evolution of the strong kinematic hardening observed upon unload-
ing, quantified by the departure from a linear elastic unloading behavior,
is studied as a function of parameters such as plastic strain, temperat-
ure and imposed rate during both loading and unloading steps. This
1These are described in Chapter 3.
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study will be mainly based on compression tests, while torsion tests will
permit fully reversed cycles.
The time-dependent behavior will be investigated through jumps of
strain rates as well as creep, relaxation and recovery tests under com-
pression loading. The influence of plastic strain, applied load or rate
(respectively for creep or recovery), temperature and even physical aging
will be studied. The competition between (forward) creep at high stress
and (backward) recovery at zero stress after deformation is eventually
highlighted at different levels of partial unloading, revealing the presence
of rate-reversal creep phenomenon.
Making use of the activation volume formalism, the chapter closes with
a discussion about the possible physical origin to the two observed de-
formation mechanisms. An attempt is then made to underline the com-
mon ties between the characteristic features of unloading and the time-
dependent behavior of RTM6. Eventually, a phenomenological model-
ing approach taken from the literature, and specifically developed for
rate-reversal creep prediction, will be implemented and applied to the
RTM6 epoxy system. This modeling approach will fail to fully repro-
duce the observed experimental unloading and time-dependent behavior
of RTM6, therefore suggesting a lack of physical foundation in the se-
lected approach.
5.2 Unloading behavior
In this section, the focus is on the non-linear behavior during unloading.
For this purpose, a phenomenological study of the material response
under cyclic loading will be pursued first. The effect of various external
parameters, such as strain-rate, temperature, level of plastic strain and
possible chain orientation effects, will be progressively covered through
this cyclic characterization study.
Then, building on this knowledge we will address a more thorough quan-
tification of the degree of non-linearity in the unloading response as
a function of a selection of parameters. A clear distinction between
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major influencing parameters and secondary arbitrary effects will thus
be drawn, enabling us to make some speculations regarding the micro-
mechanical origin to this strong kinematic hardening.
5.2.1 Phenomenological study of unloading behavior under
cyclic loading
a) Cyclic loading
As described in Section 3.4.2, two types of cyclic loading can be per-
formed :
1. Cyclic loading at constant applied strain :
In this case, the applied strain was chosen to ensure pre-yield cycling2.
The aim is to potentially differentiate the unloading behavior before
and after yielding. Holmes and Loughran [166] suggested that cycling
before yield enables a study of the viscoelastic contribution to strain
since plastic flow has not yet taken place.
Cyclic tests involving up to 15 cycles were performed both in compres-
sion and torsion. For compression, shown in Fig. 5.2, the following
values of applied strain were used : 0.008, 0.015, 0.03, 0.045 and 0.06 [-];
while for torsion, only one test3 was performed up to a strain of 0.14 [−].
Another difference for the torsion test was that cycling was performed
from 0◦ to 30◦ back and forth (cfr. Fig 5.3), i.e. the unloading is pur-
sued to reach zero total strain (rather than zero stress as in the case of
compression).
Some general features for the cyclic behavior at constant strain of the
RTM6 epoxy can be highlighted for both compression and torsion load-
ing:
• The presence of a hysteresis loop for the complete loading-unloading
cycle can be observed already at small applied strains (below 2%).
As illustrated in Fig. 5.2 a), the hysteresis becomes larger and
2Post-yield cycling will be studied for the second type of cycling.
3Torsion specimens are more scarce due to difficulties of machining and associated
cost.
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larger, with increasing applied strain as it gets closer to the yield4.
This indicates a viscous contribution, even at small strains, and
it certainly contributes to explain the early loss of linear elastic
behavior in favor of a non-linear anelastic behavior.
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Figure 5.2: Pre-yield cyclic loading of RTM6 in compression for
various applied strains : a) first cycle, b) all ten cycles are pictured.
4NB: The yield in compression is around σ = 125 [MPa] and of τ = 70 [MPa] in
torsion.
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Figure 5.3: On-yield cyclic loading of RTM6 in torsion, ten cycles
are applied at a constant strain of 0.14 [-].
• Concerning the effect of successive cycles at a constant strain, a
cyclic softening behavior as well as a tendency to stabilization in
a steady-state hysteresis can clearly be observed on both Fig. 5.2
b) and Fig. 5.3. By « cyclic softening » , it is meant that for
each new cycle the corresponding applied strain is reached at a
lower stress. Moreover, the corresponding steady-state must not
be very far from 10 cycles as the difference between two cycles is
already very small for the last presented cycles. Those observations
have been also reported in the literature with similar cyclic loading
conditions by Avanzini [115] for the case of UHMWPE, and by
Rabinowitz [48] for the case of PC and PMMA. It can thus be
thought as a signature of a glassy polymer exhibiting viscoelastic-
viscoplastic behavior.
• Instead of a traditional elliptic shape such as observed by Avanzini
[115], in the present case, the unloading shape looks more and
more as an » S « . The same kind of pre-yield unloading curve
has been reported for PC and PMMA by Rabinowitz [48] and for
other epoxy resins used for high-performance composites by Shen
and Ellyin [76] and by Littell et al. [72].
A distinction can thus be made between the upper part and the
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lower part of the unloading curve at yield, respectively above and
below the observed inflexion point. For the upper part the hys-
teresis is much more strongly marked, implying a stronger viscous
effect when the material is approaching its yield transient. This
could be related to the idea of transient plastic events happening
already before yield such as discussed by Marano and Rink [27]
and Hasan and Boyce [26].
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Figure 5.4: Pre-yield cyclic loading of RTM6 in compression at a
constant strain of 0.008 [-] : a) for different strain rates, and b) for
different temperatures. Note that the presented data is measured by
a strain gauge and that only the first 3 cycles are illustrated for sake
of clarity.
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To conclude on pre-yield cycling tests, the influence of strain rate and
temperature were also investigated for low applied strains, as shown in
Fig. 5.4 a) and b). Even though negligible change of modulus, according
to Chapter 4, is observed when the strain rate is increased, suggesting
small viscoelastic effects, an increase of the hysteresis loop is however
observed. In contrast, a change of temperature strongly affects the mod-
ulus while no significant change of the hysteresis loop can be reported.
This suggests that the non-linear unloading and the corresponding hys-
teresis might not be directly related to a viscoelastic effect.
2. Cyclic loading at increasing levels of strains :
This second type of cyclic loading is originally inspired from a test
performed by van Dommelen and Boyce on semi-crystalline polymers
in [105]. If the original purpose of their test was slightly different5,
we found it interesting in order to study the backstress upon unloading
at large strains, i.e. here during the post-yield response. It has the
advantage of characterizing the unloading behavior over the whole range
of plastic strains in a single test. Even though the effect of previous
cycling might have an influence on the current loading cycles, it provides
an efficient approach for a phenomenological study.
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Figure 5.5: Cyclic compression loading test at large strains at room
temperature (23◦C) and at a constant crosshead displacement rate
of 1 [mm/min].
5To study the effect of crystallinity on loading-unloading-reloading behavior.
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As can be seen in Fig. 5.5, some features of the post-yield unloading
behavior are in clear line with previous observations made prior to yield
: a strong hysteresis loop is still observed, even more pronounced than
before, and upon reloading the stress is lower for the same applied strain.
This latter observation, previously called cyclic softening in the case of
cyclic test at constant applied strain, can be related in the case of post-
yield cycling to the idea of mechanical rejuvenation proposed by Govaert
et al. [40].
Note that the first unloading pictured in Fig. 5.5 is performed before
the yield and corresponds indeed to the characteristic S-shape curve dis-
cussed previously. The next unloadings involve a strong but relatively
constant kinematic hardening, except for the unloading from the highest
stress value where the first cracks had already occurred without leading
to the ruin of the sample. Indeed, the curvature and slope of the all
unloading curves are very similar and will be analyzed more thoroughly
in subsection 5.2.2.
Eventually, the effects of temperature and strain rate are also regarded
in the case of large strains cycling tests, as illustrated in Fig. 5.6 a) and
b), respectively.
When changing the temperature and strain rate, the previously observed
effects during monotonic loading remain true with the expected evolu-
tion of the strength with strain rate and temperature.
As for pre-yield cycling at constant applied strain, here increasing the
strain rate also tends to increase the hysteresis of a given loading-
unloading cycle. This observation is also reported for another epoxy
resin by Littell et al. in [72]. Please note, however, that the case of
100 [mm/min] slightly overestimates the observed hysteresis due to ma-
chine limitations6 during the change of loading direction.
6Indeed, the crosshead has to pass from +100 [mm/min] to -100 [mm/min] in a
few tenths of a second, for this to be practicably doable the machine must slow down
and then progressively reaccelerate before and after the change of direction.
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Figure 5.6: Cyclic compression loading tests : effect of a) temper-
ature, and b) strain rate.
To conclude, the experimental results indicate a strong kinematic harden-
ing over the entire range of plastic strains. At first sight, no significant
effect of increasing plastic strains is to be noticed. Similarly to pre-yield
cycling, temperature does not seem to influence the non-linearity upon
unloading, while the strain rate affects slightly the amount of hysteresis
on a given loading-unloading cycle, thus illustrating only a slight viscous
contribution to the backstress.
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b) Fully-reversed loading in torsion
The fully reversed torsion tests on RTM6 are shown in Fig. 5.7. Unfor-
tunately, only pre- and just-at-yield cycling were performed because the
specimen tend to break just after reaching the yield point. Nevertheless,
we can already see that for the on-yield fully-reverse cycle no significant
change of yield stress can be observed after complete reloading7, both
loading directions yield strengths being close to ≈ 65 [MPa]. This sug-
gests that the observed behavior is not a usual Bauschinger effect (cfr.
Chapter 3 on p. 90 for definition).
Figure 5.7: Fully reversed torsion tests performed on RTM6 for the
following applied engineering shear strains γ : 0.06 (black), 0.12
(blue) and 0.14 (red). Black arrows indicate the shape evolution
with increasing number of cycles.
Moreover, although the S-shape unloading behavior is maintained for
both loading directions during the first few cycles, it seems to progress-
ively vanish and revert toward a usual concave shape. Such convex
curvature hysteresis loop with two inflexion points, already observed
in the case of other polymers [48] including epoxies [75, 76], is rarely
observed in the case of metals, exception made for some precipita-
tion strengthened aluminum alloys [165] and some nickel based super-
7except, from the slight effect of, previously described, cyclic softening.
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alloys [191] where the large observed Bauschinger effect is due to the
internal backstress caused by strong non-shearable precipitates.
A last attempt to perform fully-reverse loading beyond to the plastic
yielding of RTM6 was attempted via successive compressive loading in
the different directions of a cubic specimen, such as schematically illus-
trated in Fig. 5.8 a). The corresponding test result is presented in Fig.
5.8 b) as a usual cyclic stress-strain plot.
Figure 5.8: Successive compression in the different direction of a
cubic specimen with 9 [mm] side and for a constant strain rate of
10−3[1/s] : a) Loading directions, b) stress-strain result, with gray
dot-dashed line as the reference curve for monotonic loading.
For the second and third loadings, the level of stress reached for plastic
flow is far below the expected level for a usual monotonic loading. This
is partly due to the fact that the cubic specimens tend to either buckle or
more often strongly shear, implying that for the next loading only part
of the specimen was actually taking up the load effectively. Moreover,
the effect of anisotropy and chain orientation could also be part of the
answer. Unfortunately, no solution was found to correct this artefact.
Nonetheless, besides the differences of stress level, other observations
must be made :
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• As expected, a pre-loading erases the previously measured yield
and significantly reduces the reloading yield strength. This con-
firms the previous observation of cyclic softening or mechanical
rejuvenation effect.
• Despite the large change in stress level and in the shape of the
hysteresis curve, the effect of softening and strain hardening can
still be assumed during the second and third reloading.
• Eventually, an unloading response with a convex curvature between
two inflexion points seems to prevail for the case of a fully reverse
behavior. Indeed, the two inflexion points can be clearly spotted
for the two latter loading steps in Fig. 5.8 b), each loading curve
being considered as the second half of the reverse unloading of
prior loading direction, as more clearly illustrated on Fig. 5.9.
Figure 5.9: Successive compression in the different direction of a
cubic specimen with 9 [mm] side and for a constant strain rate of
10−3[1/s] : stress-strain curves presented as in the case of a fully-
reversed loading. Note, however, that it is not a true fully-reversed
loading; but only sketched as such for easier reading.
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c) Complex loading cycles
To close this phenomenological study on the unloading behavior of the
RTM6 epoxy, a last series of more exotic tests was run. These tests
combine a creep test followed by an unloading step at different crosshead
displacement rates.
Two testing parameters were studied :
• the effect of different unloading rates after a creep holding of
1000 [s].
• the effect of the creep holding time for a constant unloading rate
of 1 [mm/min];
In both case, the creep test was performed at a constant load of 15 [kN ]
(just before yield8) and the loading ramp to reach this load was per-
formed for a CCDR of 1 [mm/min]. The results are presented in Fig.
5.10.
Concerning the effect of the unloading strain rate on the backstress upon
unloading, the main aim of the test was, once more, to try to isolate the
viscoelastic effect from the measured non-linear behavior, separating
from the effect of prior thermo-mechanical history by imposing a com-
mon creep loading. As shown in Fig. 5.10 a), although the influence of
the rate is indeed noticeable, the overall effect remains small despite a
variation over four decades of strain rate. Moreover, the observed trend
suggests that a higher strain rate induces a lower non-linearity upon un-
loading, i.e. if more time is given to the material, reverse deformation
starts earlier. Once more, this results confirms that part of the origin of
the strong kinematic hardening comes from a viscous contribution, but
that it cannot alone explain the entire non-linearity.
The influence of the creep holding time on the unloading non-linearity is
illustrated in Fig. 5.10 b). As demonstrated previously from post-yield
cycling test, a plastic deformation does not influence significantly the
measured kinematic hardening. Hence, the effect shown in Fig. 5.10 b)
is purely due to the material deformation and relaxation under creep.
8The corresponding applied stress corresponds to 95% of the yield stress.
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Figure 5.10: Study of the unloading behavior after a creep test at
15 [kN ] : a) effect of unloading strain rate, b) effect of creep holding
time (dashed red lines show initial unloading modulus).
In contrast with the effect of strain rate, the influence of creep relax-
ation is significant and a longer creep step contributes to considerably
reduce the amount of backstress during unloading. In other words, when
the material is allowed to homogeneously relax under high stresses, i.e.
where main-chain segmental motions are taking place, its unloading re-
sponse will be much closer to a typical linear elastic unloading behavior.
This could also be considered as another viscous contribution (with a
longer relaxation time) to the backstress, but needs to be related to the
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conjugated action of applied stress.
5.2.2 Quantification of the degree of non-linearity upon un-
loading and summary of main influencing parameters
Before summarizing the main effects observed during unloading and
drawing some conclusions about the possible origin to the strong kin-
ematic hardening, we will first quantify more thoroughly the degree of
non-linearity upon unloading.
Simple loading-unloading compression tests have been performed for dif-
ferent applied strains and with no previous cycling to avoid any prior-
mechanical history effect. The three main parameters that will be re-
viewed are :
• the effect of applied strain app;
• the effect of different loading rates, ˙load, for a constant unloading
rate of 1 [mm/min];
• the effect of different unloading rates, ˙unl, for a constant loading
rate of 1 [mm/min].
NB: the effect of temperature was not studied here as it was shown sev-
eral times before that no significant difference can be observed.
Previous attempts [158] to quantify the back-stress and to compare dif-
ferent unloading curves through normalized graphs have been unsuc-
cessful or biased. The easiest way to eventually compare such curves
was simply to plot the unloading curve fixing the start of the unload-
ing as the origin of a new stress-strain diagram. This is illustrated in
Fig. 5.11 for different applied strains covering the entire range of plastic
deformation.
As previously suggested from post-yield cyclic tests, the right-hand graph
of Fig 5.11 confirms that almost no difference in terms of unloading non-
linearity is found between the different applied strains, even though the
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ɛunl 
σunl 
Figure 5.11: Comparison of the different unloading curves in a new
stress-strain diagram which origin is fixed on each start of unloading.
The orange dotted circle highlights the parts of the curve which are
represented on the right-hand graph.
unloading was performed at different level of stress. This is even more
clearly seen of the right-hand graph of Fig. 5.12, where the sampling
of non-linear « plastic » behavior during unloading is assessed. By
« plastic » , we mean that the contribution of unloading modulus was
suppressed, as illustrated on the left-hand graph of Fig. 5.12.
The only case where a significant effect was observed in terms of the
unloading behavior non-linearity is when the unloading was performed
prior- or at- yield transient, with the characteristic S-shape curves dis-
cussed in the pre-yield cycling tests.
If we now consider the effect of prior-loading rate on the non-linearity
upon unloading, we obtain for an applied strain of 0.28 [−] the unloading
curves sketched in Fig. 5.13
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Figure 5.12: Sampling assessment of degree of non-linearity of un-
loading curves : evaluating level of unloading stress for different
specific unloading plastic strains for initial tot = 0.16 unloading
curve, dashed lines are shifted unloading modulus (left) and com-
parison of unloading stress for all initially applied strains curves
(right). Curve colors show the level of plastic unloading strain at
which the unloading curves are evaluated.
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Figure 5.13: Effect of different loading rates on the corresponding
non-linear unloading response : a) full stress-strain curve, b) com-
parison of unloading response only. The dashed lines correspond to
the initial unloading slope.
Except from a small artefact just after the change of loading direction9
9Such kind of artefact especially for the highest applied strain rate (100 [mm/min])
was already observed for the post-yield cyclic tests at same CCDR.
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highlighted by the initial slopes, the rest of the unloading response can
be said to be almost identical, thus implying negligible effect of prior
loading rate on the degree of non-linearity.
Eventually, the effect of the applied unloading strain rate was assessed on
the degree of non-linearity of its unloading response. The corresponding
curves are shown in Fig. 5.14.
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Figure 5.14: Effect of different unloading rates on the corresponding
non-linear unloading response : a) full stress-strain curve, b) com-
parison of unloading response only. The dashed lines corresponds to
initial unloading slope.
In the present case, Fig. 5.14 clearly shows a significant effect of the
lowest rate of unloading on the start of the unloading curve therefore
tending to reduce the final observed backstress. This result is in direct
contradiction with the previously observed effect of unloading strain rate
after a creep test (cfr. section 5.2.1, page 164) where the largest strain
rate resulted in a smaller backstress.
To try to disentangle such contradictory observations, a closer analysis
on the similarities and differences between both results must be per-
formed :
• On the one hand, the common point between the highest strain
rate after creep (Fig. 5.10 a)) and lowest strain rate for standard
unloading (Fig. 5.14) is that a difference of two orders of mag-
nitude compared to the reference crosshead displacement speed
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was required to observe a significant effect on the unloading non-
linearity. Once again, this confirms that if a viscous effect is at
the origin of the non-linear behavior, it has either a much longer
relaxation time or much shorter, but in both cases the effect on
the degree of non-linearity is only partial.
• On the other hand, the difference between both results is that
if they both tend to reduce the unloading non-linearity, their re-
spective action targets two different zones : for the lowest rate
of standard unloading (Fig. 5.14) it specifically affects the start
of unloading at high stress, while for highest unloading rate after
creep (Fig. 5.10 a)) it is at the end of unloading when applied
stress is close to zero.
As will be discussed in more details in the next section, these
zones correspond to the dominance of two directions of plastic
flow, respectively (forward) creep and (backward) recovery. The
above mentionned contradiction will then be resolved.
Conclusion
Varying the plastic strain, the temperature or the strain rate does
not significantly affect the magnitude of the backstress upon unloading.
However, kinematic hardening has always been observed over the entire
range of performed tests, revealing that it is an intrinsic characteristic
of the studied epoxy.
If we try to relate hysteresis upon cycling, i.e. the Bauschinger effect
upon unloading, to the behavior of other materials, similar behavior can
indeed be observed not only for other glassy polymers (PC, PMMA,
other epoxy resin) as illustrated in Fig. 5.15 a) & b), but also in the
case of some specific aluminum alloys exhibiting a non-usual Bauschinger
effect with convex curvature and inflexion points (cfr. Fig. 5.15 c)).
The literature on such phenomena, for instance in the case of thin metal-
lic films by Saif et al. [192] or by Masing in aluminum alloys [193], shows
that kinematic hardening can be explained by the presence of strong
plastic heterogeneities during the material deformation process, leading
to very inhomogeneous stress distribution inside it.
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In con t ra s t ,  a l loys  with s h e a r a b l e  p r e c i p i t a t e s  such 
a s  GP, GPB and ~ ' ,  exhib i t  s t r e s s - s t r a i n  h y s t e r e s i s  
loops  s i m i l a r  to that  of s ing le  phase  a l l oy s .  F ig .  3(d) 
i s  t y p i ca l  of the 2024-T4 a l loy  t e s t s .  R e v e r s e  y i e ld ing  
o c c u r s  at  C ind ica t ing  a s m a l l  o r  " n o r m a l "  B effect .  
In c o n t r a s t  with the t h r e e  p r e v i o u s  e x a m p l e s ,  2024- 
T4 exh ib i t s  cyc le  ha rden ing  ( B - B ' )  up to s a tu ra t ion .  
C o m p a r a b l e  loop shapes  and cyc l i c  ha rden ing  behav io r  
was a l so  o b s e r v e d  in the A1-Cu- Mg-T 4 ,  7075-T6 and 
A1-Cu-0"  a l l o y s .  
In o r d e r  to quant i fy the B effect  in t h e s e  a l l oys ,  the  
cons t ruc t ion  of F ig .  l(d) was used .  F ig .  4 i s  a sum-  
m a r y  of the  B a u s c h i n g e r  s t r a i n  fl~ for  the f i r s t  s t r e s s  
r e v e r s a l  p lo t t ed  aga ins t  app l i ed  p l a s t i c  s t r a i n  a m p l i -  
tude,  ep. Da ta  po in ts  f rom A 1 - C u - M g - T 6 ,  A1-Cu-Mg-  
T851, 2024-T6 and 7075-T73 a l l  f a l l  a long the s a m e  
l ine  up to p l a s t i c  s t r a i n s  of 2 pc t  whi le  the A1-Cu-0 '  
exhib i t s  a s l i g h t l y  lower  Bausch inge r  s t r a i n .  On the 
o ther  hand,  the  a l l o y s  with s h e a r a b l e  p r e c i p i t a t e s ,  A1- 
Cu-Mg-T4 ,  2024-T4,  7075-T6 and A I - C u - 0 "  show a 
s ign i f i can t ly  lower  B s t r a i n .  The s l igh t  i n c r e a s e  in B 
s t r a i n  fo r  the c o m m e r c i a l  s h e a r a b l e  a l l oys  2024-T4 
and 7075-T6 can be a t t r i bu ted  to the Mn and Cr  i n t e r -  
m e t a l l i c  p a r t i c l e s .  
A s a t u r a t i o n  in fll vs ep o c c u r s  a t  2 pc t  p l a s t i c  s t r a i n  
for  the 2024-T6,  A1-Cu-Mg-T851 ,  and 7075-T73,  at  3 
pct  for  A 1 - C u - M g - T 6  and at  1 pc t  for  A1-Cu-0 ' .  In 
each  ins t ance ,  when a s a t u r a t i o n  in the  B s t r a i n  i s  
r eached ,  the  n o r m a l  concave h y s t e r e s i s  loop i s  ob-  
s e r v e d .  F i n a l l y ,  the dot ted  line in F ig .  4 is  d rawn 
for  fl '  = Ep to ind ica te  the l imi t  of c o m p l e t e  p l a s t i c  
s t r a i n  r e v e r s i b i l i t y ,  at  the r e v e r s e  s t r e s s  l eve l  a r  
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Figure 18 Hysteresis loops demonstrating the cyclic 
softening exhibited by PMMA at 298K when crazing is 
suppressed by thermal pre-stressing. 
A sample of PMMA was thermally pre- 
stressed as described above. Fig. 18 shows the 
first several hysteresis loops when the sample 
was cycled to AET = 0.1 at room temperature. 
When crazing is suppressed, PMMA behaves in 
a ductile manner at room temperature and 
exhibits macro cyclic softening. A similar soften- 
ing can be induced in untreated PMMA by 
heating to about 40~ at this temperature, 
crazes form but are relatively impotent as 
crack-nucleating defects [14]. 
One conclusion to be drawn from these 
observations is that cyclic softening is also 
surface nucleated. Apparently, the nucleation of 
softer regions in the sample interior is sufficiently 
difficult as to delay the process beyond the 
craze-breakdown event in normal semi-ductile 
response. 
A different type of instability, manifest as a 
"tensile-only" softening, can occur in the cyclic 
stress-strain behaviour of semi-ductile polymers 
when craze growth proceeds to unusually large 
craze area prior to crack formation. Fig. 19 shows 
cr 
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Figure 19 Complete set of hysteresis loops for a sample of 
PC tested at 77K in liquid nitrogen, 2 N~ = 23 reversals. 
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the complete set of hysteresis loops for a sample 
of PC tested at 77K, in liquid nitrogen, at 
Ae~ = 0.22 and 2Nf = 23 reversals to failure. 
At this high peak tensile strain (e = 0.11) in 
cyclic deformation, PC crazes grow completely 
through the specimen cross-section prior to 
fracture in liquid nitrogen. The crazes actually 
grow incrementally on each tensile half-cycle in a 
manner described in detail elsewhere [23, 24]. 
On the initial cycle, the principal mode of strain 
accommodation is bulk flow in both tension and 
compression - note the large strength differential 
on the first cycle, characteristic of  ductile type 
bulk flow. As craze area and craze thickness 
increase on each successive cycle, more and more 
of the (fixed) total tensile strain is accommodated 
in the crazes, at the expense of bulk flow. Since 
the crazes are more compliant than the uncrazed 
polymer [14], a progressive decrease in the 
resistance to tensile deformation occurs. On the 
compression half of each cycle there is no 
craze-strain contribution to the total applied 
strain, and the stress-strain relation remains 
unchanged. Note, however, that the point at 
which the current stress-strain relation merges to 
the initial cycle response shifts to ever increasing 
compressive stresses as deformation proceeds. 
This effect is probably caused by the increased 
difficulty of craze closure as craze thickness 
increases. 
In many cases, confirmation of the incremental 
nature of craze growth, and the causal associa- 
tion with the stress-strain behaviour shown in 
Fig. 19, can be obtained directly from the 
fatigue fracture surface; an example is shown in 
Fig. 20. As discussed in detail elsewhere [24], the 
prominent concentric rings on the fracture 
surface mark the points of cyclic craze growth 
arrest as the craze grows inward from the sur- 
face in an annular ring configuration. There is a 
one-to-one correspondence between the number 
of rings and the number of cycles to failure in this 
low-cycle fatigue experiment. 
Fatigue fracture occurs abruptly, as in other 
semi-ductile polymers; the sudden drop in load 
to zero is shown in Fig. 19. Crack nucleation 
within the craze proceeds in the conventional 
manner. However, with a large expanse of well- 
formed craze ahead of the crack as it begins to 
grow, the fatigue crack is channelled in the craze 
and a very smooth, planar fracture surface 
results. It is the smoothness of the surface that 
permits the sharp resolution of the craze arrest 
ring markings. 
C Y C L I C  D E F O R M A T I O N  A N D  F R A C T U R E  O F  P O L Y M E R S  
microstructures tend to exhibit a longer period 
of cyclic incubation in reversed deformation than 
do multi-phase microstructures. It is not meant 
to suggest that the character of the mobile defects, 
nor the mechanisms of their formation, multipli- 
cation, and interaction are similar within these 
material groupings; only the phenomenology of 
cyclic deformation is being described. It is 
possible, however, that studies of the kinetics of 
cyclic incubation can provide a means of 
characterizing, and perhaps identifying, specific 
defects and defect mechanisms in individual 
polymer systems. 
In spite of the commonality of cyclic softening 
in all discontinuously yielding materials, it is 
interesting that the opposite effect, cyclic harden- 
ing, common in many metals displaying a variety 
of yield behaviours, is never obtained in poly- 
mers. Metals cyclically harden for the same basic 
reasons that they work harden in monotonic 
deformation - mobile defect-exhaustion, annihi- 
lation, mutual interference, etc. Work-hardening 
in polymers has not been studied simply because 
the molecular orientation hardening that in- 
variably accompanies large scale bulk flow 
overwhelms and obscures any defect-hardening 
mechanism. However, the fact that polymers 
don' t  cyclically harden would indicate that such 
defect work hardening is small. 
3.1.2. Transition 
In the transition region, the stress-strain response 
changes rapidly; the peak stress decreases and 
the cyclic hysteresis increases from one cycle to 
the next. Fig. 6b shows the continuous stress- 
strain trace for a polycarbonate sample cycled 
at a relatively high strain amplitude - the speci- 
men began to soften on the first cycle, and had a 
fatigue life of about 200 reversals to failure. It can 
be seen that from cycle to cycle the resistance to 
non-elastic deformation decreases and the 
cyclic energy dissipation increases in a contin- 
uous manner. Two important aspects of this 
softening process are noteworthy. First, there is 
no thermal contribution to the material soften- 
ing; the transition region represents a true 
mechanical instability.* Second, softening pro- 
ceeds approximately symmetrically in tension 
and compression - in other words, cyclic soften- 
ing is not a manifestation of crack growth (cf. 
the behaviour in the crack propagation region in 
~ 8  K , / J 7  Y jY/ 
" I% 
(a) (b) 
Figure 6 (a) Typical hysteresis loops for PC, showing the 
initial loop and a loop in the fully cyclically softened 
condition; (b) continuous trace of hysteresis loops for a 
PC specimen cycled between high strain limits showing 
continuous softening to steady state (heavy trace) 
condition. 
Fig. 4). In all ductile polymers, the transition 
region extends over only a few cycles, and 
constitutes a negligible fraction of the fatigue 
life. However, the changes that are induced in 
both mechanical response and molecular packing 
in the transition region have a profound effect 
on the fatigue resistance of ductile polymers; 
these phenomena are revealed in studies of the 
stress-strain behaviour of ductile polymers in the 
cyclic steady state. 
3.1.3. Cyclic stability 
In the fully softened condition, a ductile polymer 
maintains a new, steady-state stress-strain 
relation as cyclic deformation proceeds. The 
energy dissipated in driving the specimen through 
a complete cycle remains constant from one 
cycle to the next, and dynamic strain recovery 
processes balance the cyclically applied strain to 
give a constant cyclic non-elastic strain range. 
Fig. 6 contrasts hysteresis loops obtained in 
the initial state and in the softened steady state 
for samples of polycarbonate tested at two 
different peak strain levels. Fig. 6a sh ws the 
first cycle, and a loop taken after attaining the 
steady state response, for a polycarbonate sample 
with a fatigue life of about 10 3 reversals. The 
high strain experiment illustrated in Fig. 6b 
has already been described - the sample began to 
soften on the first cycle and quickly established a 
cyclic steady state in which successive hysteresis 
loops superimposed to produce the heavy 
recorder trace. 
*Thermal softening can occur in high strain and/or high strain-rate cycling, but the processes of heat generation and concomitant material softening are often runaway in a constant amplitude test; the specimen usually fails by melt- ing or collapsing without ever attaining a cyclic steady-state response. 
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a) 
c) 
b) 
Figure 5.15: Cyclic loading with Bauschinger effect in the literature:
a) for PC b) for PMMA fr m [48] c) for Al-Cu-Mg-T6 alloy from
[165].
In other words, due to the internal stress field build up in the mater-
ial, some regions ield while other remain elastic. Therefore, when the
applied load on the material is removed, the stress difference between
the differently deformed regions remains as some of them will directly
unload and even start to enter everse-plasticity while other will still
be under previously applied local stress field, all this giving rise to the
observed macroscopic backstress upon unloading.
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If we indeed look back at the other materials exhibiting similar beha-
vior, their plastic deformation mechanisms usually involve very localized
plastic events in the form of shear bands or similar processes. These
plastic localization processes come with a characteristic size, distribution
and number of heterogeneities that depend on the chemistry involved :
• for PC, PS and PMMA, different type of shear band systems,
from thin localized to large diffusive, can be observed through
cross polarized transmission optical microscopy and are illustrated
in [14], [127] and [128];
• for Al − Cu alloys series, the size and distribution of precipitates
will determine whether they are shearable or not, and thus if they
can build sufficient strong internal stress to enhance Bauschinger
effect significantly [165];
• for epoxies or other crosslinked polymers, regions next to crosslinks
are much stiffer and resistant to plasticity than other regions, in-
ducing very local strong stress heterogeneities. This effect of local
heterogeneities on the mechanics of polymers has been recently
discussed and reviewed by Rottler [142] at the nano-scale through
molecular dynamics (MD) simulations.
In agreement with the above interpretation, unloading after creep shows
a reduction of the non linearity : the backstress can be significantly re-
duced after long relaxation time at constant load (high stress) as stress
relaxation occurs leading to a « re-homogenization » of the material
(yielding of all the regions), as shown in Fig. 5.10 b). Similar results
and explanations for thermally activated stress relaxation mechanisms
in glassy polymers were also made by Rink et al. [27].
Eventually, another part of the origin of the observed unloading non-
linearity has been related to possible viscous effects. If these are not
simple viscoelastic effects, a conjugated effect with the actual level of
applied stress seems to play an important role and requires more invest-
igation. This will be studied in greater depth in the next section.
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5.3 Time-dependence
Even if the time-dependence can vary from one polymer system to the
other, it is always an intrinsic feature of the mechanical behavior. The
case of epoxy resins, even highly cross-linked as the RTM6 resin, is no
different from any other.
In the previous section, some important features of the time-dependent
behavior on the observed mechanical response (and more specifically on
the unloading behavior) have been unveiled. However, no direct evalu-
ation of the characteristic quantities related to time-dependent behavior
were performed. The aim of the present section is thus to address it
specifically and characterize the corresponding behavior with adequate
testing methods10, i.e. strain rate, relaxation, creep and recovery tests.
One extra advantage of such type of characterization is that it also
enables to estimate the corresponding activation volume11 of the con-
sidered thermally activated and time dependent behavior. Therefore,
for each of the presented tests, computation of the corresponding activ-
ation volume will be performed in order to build up a more quantitative
argument.
It should be noted that the concept of time-dependency is taken here
in a broad sense as it not only refers to the effect of time, rate and
temperature on the observed mechanical behavior; but also includes
the idea of previous thermo-mechanical history influence, and hence the
effect of physical aging and thermal rejuvenation.
5.3.1 Strain rate effects
Strain rate jumps tests can be performed either in ascending or descend-
ing order, such as illustrated in Fig. 5.16 for RTM6.
10For the precise description of the mechanical tests, please refer to Section 3.4.2
on p. 90.
11More explanation about this concept and the corresponding calculation can be
found in Appendix A.
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Figure 5.16: Rate jumps compression tests in CCDR conditions: a)
only increasing jumps from 0.1 to 100 [mm/min], b) only decreas-
ing jumps from 100 to 0.1 [mm/min]. Dashed lines represent the
monotonic curves for boundary rates.
However, varying strain rate over four decades during a single test is
difficult in terms of machine control and strain measurement. For in-
stance, if a small measurement shift arises from an increasing rate jump,
performing successive jumps will cumulate the corresponding error, giv-
ing rise to a more important mismatch at the end of the test. This
might partly explains the difference between the curves for the applied
rate jumps and the corresponding boundary rate reference curves in Fig.
5.16, as well as batch variability between the two sets of curves.
For further analysis, we therefore preferred to perform tests with mul-
tiple cycles of successive increasing and decreasing strain-rate jumps, fol-
lowing G’sell and Jonas who studied various other polymer systems [10].
The resulting curve for rate jumps between 1 and 10 [mm/min] is rep-
resented in Fig. 5.17.
From both increasing and decreasing jumps respectively, the quasi in-
stantaneous increase (∆σjump = σb−σk) or decrease (∆σjump = σg−σr)
of stress for a given change of strain rate (∆˙ = ˙1 − ˙2) can be used to
compute the corresponding activation volume Ωact, as detailed in [194]
and explained in Appendix A. The computed values for Ωact are plotted
as a function of the total applied strain in Fig. 5.18.
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Figure 5.17: Rate jumps compression test with successive in-
crease and decrease between the two reference curves of 1 and
10 [mm/min].
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Figure 5.18: Calculated activation volumes Ωact for both increasing
(blue up triangle) and decreasing (red down triangle) rate jumps
performed in Fig. 5.17.
The average value of activation volume for jumps of strain rate tests is
around ≈ 0.5 [nm3]. Activation volumes are shown to slightly decrease
with increasing plastic strains but this might be biased by the important
increasing hardening slope12.
12Indeed, an increasing slope tends to overestimate the ∆σ for an increasing jump
176 Chapter 5. Unloading behavior and time dependence of plastic flow
Besides from activation volume determination, another feature that can
be studied is the transient behavior observed just after the applied jump.
G’sell and Jonas have identified two types of transients in polymers : a
normal and an inverse transient, pictured in Fig. 5.19 a). The normal
transient corresponds to a round smooth transition from one level of
stress to the new level of stress; while the inverse transient first presents
an overshoot before reaching the final level of stress. As shown by G’sell,
these transients occur similarly during increasing and decreasing jumps.
Figure 5.19: a) Two types of transient behavior observed in poly-
mers by G’sell an Jonas, b) Jumps of strain rate tests on various
polymer systems run by G’sell and Jonas. The two figures are taken
from [10].
In the case of RTM6, we observe a behavior closer to the inverse tran-
sient with a slight overshoot, very similar to a small yield bump effect.
It can be argued that the presence of this overshoot is closely related
to the amount of free volume13 available for further deformation. In
viscoelastic-viscoplastic material, an abrupt increase of strain rate de-
mands a sudden increase of plastic flow. In order to activate sufficient
plastic deformation events, to build up the required plastic flow, an over-
and therefore underestimates the value of Ωact ∝ ln(˙)∆σ .
13By free volume, we mean chain mobility in a more general sense, such as suggested
by Struik [80].
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shoot of mechanical energy must therefore be provided for the nucleation
of these extra deformation events. Similarly for a decreasing jump, be-
fore reaching the steady-state response, the excess of shear deformation
events available in the material must be drastically reduced in order to
adjust and limit the plastic flow to new rate of strain.
5.3.2 Stress relaxation tests
In this subsection, we will focus on stress relaxation tests14 at constant
applied displacement, as defined previously in Chapter 3. The results
are presented in Fig. 5.20.
Figure 5.20: Results of 30 [s] stress relaxation tests on RTM6: a)
corresponding stress-strain curve, b) Stress drop as a function of
relaxation time. The black dashed line on a) corresponds to the
monotonic reference curve.
The first observation that can be made from Fig. 5.20 b) is that for
the full range of post-yield relaxation tests, the material response in
terms of stress drop is almost independent of the plastic strain imposed
before relaxation, except for a slightly slower relaxation rate for the first
holding. This trend was reported by Krempl as well for PPO [111] (cfr.
Fig. 5.21 b)). It implies that the viscoelastic response of the epoxy is
independent of the accumulation of plastic deformation.
14Note that these tests are sometimes called stress dip tests in the literature.
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The transient behavior after relaxation can also be analyzed. Again,
and as also shown by G’sell and Jonas [10] for other polymer systems
(cfr Fig. 5.21) or by Krempl for PPO [111], a small yield bump can
be systematically observed. The previous analysis can be extended in
the following way : after the material has stopped deforming and has
relaxed for a short period of time, an extra amount of mechanical energy
is again required to re-activate the plastic flow process. Stress relaxation
tests could even be seen as a mechanical process of physical aging in the
sense that the stress relaxation step under load allows the system to get
closer to equilibrium conformation from the highly out of equilibrium
rejuvenated state built during plastic flow.
and Khan and Krempl !10". Recent work has focused partly on the
development of a tensor based, finite deformation model, Khan
and Krempl !11". This paper introduces the changes made to the
model for the purpose of expanding its modeling capability vis-à-
vis the creep and relaxation behavior of polymers when such tests
are performed on the unloading segment of a stress-strain curve.
Simplified loading paths, such as step-wise loading to a target
load value for a creep test, can mask critical aspects of a materi-
al’s deformation behavior. For example, accumulated creep strain
can increase nonlinearly in response to increases in the loading
rate used to arrive at the target load value. Therefore, it is impera-
tive that a model be able to project the influence of prior loading
rate in its predicted response. Even in instances when a constitu-
tive model is able to incorporate prior loading rate effects in
stress-relaxation and creep simulations/predictions, the loading
history in question predominantly comprises of monotonic stress
or strain rate controlled loading to the target point. A need to
evaluate changes t the relaxation and creep behavior stemming
from a material having experienced loading and partial unloading
to arrive at the target test p int has been identified since this
loading path emulates conditions polymeric components can eas-
ily experience in service.
The study presented here departs from existing efforts in the
area of constitutive modeling by considering material response on
the unloading segment of the stress-strain curve. The loading his-
tory at any point of interest, therefore, comprises of loading and
partial unloading segments of the stress-strain curve. As shown in
the following section, the simple addition of a partial unloading
interval results in a qualitative change in the nature of the defor-
mation response characterized by a reversal in the rate of change
of the output variable, i.e., stress in relaxation tests and strain in
creep tests. Preliminary modification to VBO are then described,
which essentially include the addition of a second standard linear
solid element that has shown the capability of qualitatively repro-
ducing the differing material response.
Experimental
Materials tested in this study included: Amorphous: polycar-
bonate, poly#phenylene oxide$ PPO #commercial name: Noryl$,
and poly#ethersulfone$ PES #commercial name: Radel-R$; semi-
crystalline: high-density polyethylene HDPE, poly#ethylene
terephthalate$ PET, and Nylon 66. All materials were purchased
from Curbel Plastics Inc. in unfilled, extruded rod stock form and
machined to form cylindrical button head specimen. Due to good
consistency in the measured response characteristics of all six
thermoplastics plastics, only data from HDPE #semi-crystalline$
and PPO #amorphous$ is presented in this study. Special metal
collars, which allowed tensile and compressive loading were used
to install the specimen in hydraulic collet grips. A MTS servo-
hydraulic test frame with digital control and data acquisition was
used. Immediate control mode change capability afforded the abil-
ity to load specimen under strain rate control and immediately
switch to load control upon reaching a target value to initiate a
creep test for example. Strain was measured using a clip-on ex-
tensometer. All data presented are in engineering stress and strain
form, which should not introduce any significant errors given that
the strain range in all tests was kept below 10%. All tests were
performed at room temperature.
A general test control sequence is shown in Fig. 1. Strain rate
control is used to load the specimen to the test point at which time
the strain rate is made zero #horizontal line segment$. Recording
the signal from the load cell indexed with time provides the stress
relaxation data. For a test on the unloading stress-strain segment,
segment AB will be absent but a similar strain rate hold would
occur along points DE in Fig. 1.
Tests on the Loading Stress-Strain Segment. To highlight the
qualitative difference that arises with creep and stress-relaxation
tests performed on the unloading versus the loading segment of a
stress-strain curve, the following observations in the instance of
stress relaxation and creep on the loading stress-strain path are
presented foremost.
Stress-relaxation:
• The full loading and unloading path associated with the re-
laxation tests is shown in Fig. 2. The stress-time response is
highlighted in the inset plot. The stress drop occurs mono-
tonically over time as seen in the smaller plot in Fig. 2. The
magnitude of the rate of change of stress is initially very
high and tapers off to a near steady value for long time
intervals.
• In the flow stress region, i.e., when stress-strain curves for
different rates are equidistant and exhibit a low tangent
modulus, the drop in stress is found to be independent of the
value of the strain at which a stress relaxation test is per-
formed. As seen in Fig. 2, the drop in stress at 5% and 7%
strain, represented by the symbols ! and !, respectively, is
nearly indistinguishable. It is pertinent to add that in in-
stances of tests conducted at points along the quasi-elastic
region of the stress-strain curve, the drop in stress increases
Fig. 1 The strain controlled loading history imposed on the
specimen undergoing a relaxation test is shown. For a test on
the loading segment, AB represe ts the strain hold interval,
while DE=0. Alternatively, for tests performed on the unloading
segment, AB=0 implying uninterrupted loading from O to C
followed by immediate unloading to D. DE represents the relax-
ation response. Sr is the residual strain recorded upon unload-
ing the specimen to zero load.
Fig. 2 Material: PPO, Loading rate: !˙=1Ã10−4 s−1. The stress-
strain curves of two specimen undergoing 1-h stress-
relaxation at 5% and 7% strain followed by a resumption in
loading are shown. The convergence of the plots provides evi-
dence of fading memory vis-à-vis subsequent deformation be-
havior. The inset plot highlights the stress-time response, but
more importantly suggests that the drop in stress can be inde-
pendent of the test point.
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Figure 7 Transients observed after relaxation periods of 2 min during tensile tests performed at 10 -2 sec -1 . 
magnitude of  each 2 rain stress decrease is readily 
evident, as well as the shape o f  the true stress- 
strain curve after straining is resumed at 10 -2 sec -1 . 
There is considerable similarity between this 
behaviour and the results o f  the strain rate changes 
displayed in Fig. 5. F r LDPE, HDPE, PTFE and 
PP, the o - e  curve rejoins the continuous curve 
in a gradual and rounded way, except at high 
strains (e > 1), where a more and more marked 
overshoot is observed. For PVC, periods of  stress 
relaxation are followed by a sharp overshoot, even 
1962 
at small strains. (It is interesting to note that the 
overshoot peak observed after the first relaxation 
period performed at e---0.08 has exactly the 
same shape as the true yield peak observed at the 
beginning of  the tensile test.) Finally for PA 6 
and PA66,  the relax-and-resume behaviour is 
similar to that of  PVC, except that at strains less 
than 0.2, no overshoot peak is observed. 
The influence of  relaxation time was also studied 
for the typical case of  PVC. In Fig. 8, a test is 
illustrated in which a PVC specimen was subjected 
a) b) 
Figur 5.21: St ess r laxation tests performed on various polym r
syste s : a) by G’s ll nd J n s taken from [10], b) for PPO by
Krempl and Khan taken fr m [111].
This behavior clearly diverges from the observed behavior during cyc-
ling at large strains, discussed previously (cfr. Section 5.2.1, page 158).
When reloaded, the material softens, i.e. passing by the same applied
strain at a smaller stress, due to a possible effect of mechanical rejuven-
ation. This is exactly the opposite to what happens here for a stress
relaxation test, even though in both case the material has undergone a
decrease followed by an increase of the applied stress.
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As in the case of rate jumps tests, the activation volume can be estim-
ated for each stress relaxation. Caillard and Martin [194] propose two
methods for computing the Ωact in the case of stress relaxation tests.
Both techniques give equivalent results here, therefore we decided to re-
tain the more general approach, making no assumption on the shape of
the stress relaxation response15. The variation of activation volume as
a function of the total applied strain is plotted in Fig. 5.22, next to the
activation volumes obtained previously with strain-rate jumps.
0 0.1 0.2 0.3 0.4 0.50
0.5
1
1.5
True total strain   ε  [−]
Ac
tiv
at
io
n 
vo
lu
m
e 
  Ω
a
ct
 
[nm
3 ]
 
 
increasing jump
decreasing jump
σ  relaxation
Figure 5.22: Calculated activation volumes Ωact for stress relaxation
tests performed on cured RTM6.
The graph in Fig. 5.22 shows that the results obtained for stress re-
laxation are almost identical to the activation volumes from rate jumps
tests. The steady trend as a function of total applied (post-yield) strains
is confirmed in the present case and the average value is again around
≈ 0.5 [nm3]. As reported by Caillard and Martin [194], this small value
of activation volume is consistant with the observation of fast stress
relaxation kinetics.
15Event though, in the present case, the assumption of a logarithmic decay is very
reasonable as regard to Fig. 5.20 b).
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5.3.3 Creep tests
Creep tests are the most widely performed tests for assessing the time-
dependent plastic flow response of a material.
As detailed in Section 3.4.2 on page 90, the effect of applied load, plastic
strain (with pre- and post-yield tests) and temperature on the creep re-
sponse of RTM6 will be successively addressed here. Alternatively, the
influence of physical aging and degree of curing, as internal material
parameters, will also be studied in a second step. The calculation of the
corresponding activation volume for pre- and post-yield creep tests will
eventually be presented.
The stress-strain curves corresponding to creep performed within the
pre-yield region are given in Fig. 5.23 a), together with the evolution of
creep strain with time, i.e. the increment of true strain during relaxation
in Fig. 5.23 b).
Figure 5.23: Pre-yield creep tests on RTM6 at various applied load
for a holding time of 2000 [s] : a) stress-strain curves, b) strain
increment as a function of relaxation time.
As expected for a viscoplastic material [80, 111, 195], Fig. 5.23 shows
that for a higher applied load, the corresponding plastic flow increases.
Moreover, a strongly non-linear behavior is observed for RTM6, as also
reported for other glassy polymers in the literature [26, 196], as well as
for another epoxy resin [77].
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Moreover, even though the creep test is started before yield, the corres-
ponding activated plastic flow allows the material to reach strain levels
deep in the post-yield region. Indeed, as can be seen in Fig. 5.23 a), the
typical S-shape unloading behavior observed prior-to-yield is progress-
ively erased with increasing applied load.
Fig. 5.24 shows post-yield creep tests. The conclusions are now different.
In this case, the higher the applied load, or better said the larger the
applied strain at which creep is started, the lower the accumulation
plastic flow during creep. This paradox is nonetheless understandable,
as in the case of post-yield creep tests, the material starts to creep at a
much higher accumulated plastic strain where the contribution of chain
alignement is now dominant. Indeed, some chains have already started
to locally align and the presence of physical and chemical crosslinks
therefore forbids unrestricted plastic flow.
Figure 5.24: Post-yield creep tests on RTM6 at various applied load
for a holding time equal to 2000 [s] : a) stress-strain curves, b) strain
increment as a function of relaxation time. Note that pre-yield creep
test for an applied load equal to 15 [kN ] (cyan), from the same batch,
is indicated as a reference.
In conclusion, the capacity for plastic flow is therefore at its maximum
in the yielding-softening region of the stress-strain curve. This conclu-
sion is in very good agreement with the idea presented by Meijer and
Govaert [9] that yield corresponds to the activation of main-chain seg-
182 Chapter 5. Unloading behavior and time dependence of plastic flow
mental motion, therefore providing important mobility to the molecular
chains, resulting in a increased capacity of macroscopic plastic flow.
The effect of temperature on the creep response has also been studied
and is presented in Fig. 5.25. As explained in Section 3.4.2, in order to
compare creep tests at different temperatures, the ratio of initial applied
stress over yield strength for the corresponding temperature must be
kept constant, in the present case at a value of σTapplied/σTy ≈ 88%.
Figure 5.25: High temperature creep tests on RTM6 at a constant
σTapplied/σ
T
y ratio of 88% and for a holding time of 2000 [s] : a)
stress-strain curves, b) strain increment as a function of relaxation
time.
Fig. 5.25 confirms that temperature has a tremendous effect on the
plastic flow capacity of the material, increasing by a factor five the strain
achieved at the end of the creep step of 2000 [s] for an increase in true
temperature by a factor ≈ 1.44. Moreover, as reported previously by
Govaert [197] or by Hasan and Boyce [26], a true softening behavior oc-
curs (cfr. curve for T = 150◦C), followed by re-hardening, in a constant
load test.
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In other words, the three types of creep stages, usually defined for metals
[198] or polymers [26,111], can be observed in Fig. 5.25:
• primary creep, where the creep rate ˙creep is decreasing with time,
as observed at room temperature and for the rehardening part of
the test at 150◦C;
• secondary creep, also called steady-state creep as the creep rate
˙creep remains constant throughout the test, as observed for the
test at 100◦C with a constant slope;
• tertiary creep, where the creep rate ˙creep is observed to increase
with time and which usually leads to fracture in the case of metals,
but which is here eventually counter-balanced by the strain-hardening
(network) contribution, as illustrated for the case of T = 150◦C.
Having assessed the effect of different external testing parameters on
the creep response of RTM6, the investigation is pursued by testing
some controlled internal material parameters. To this end, the original
physical state of the studied epoxy resin was modified in two ways : the
thermo-mechanical history of the resin via different sub-Tg annealing
steps (physical aging), or by playing with the crosslinking density via
the production of a partially cured resin batch16.
Concerning the effect of physical aging, the speci:ens were subjected to
accelerated aging before testing, via the application of different anneal-
ing times at a temperature of 150◦C, thus below the glass transition Tg.
Specimens were subsequently tested under a creep loading at 15 [kN ]17
for 2000 [s] before being unloaded. The experimental results are illus-
trated in Fig. 5.26 a) and b).
16For more information concerning the corresponding adapted curing cycle and
other effect of curing degree on mechanical properties, please refer to Appendix B.
17Note that as observed by Van Nieuwenhuyse [176], no significant change of yield
stress was observed, and that the conditions of creep assessment are therefore similar.
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Figure 5.26: Creep tests on RTM6 with different level of physical
aging and a holding time of 2000 [s]: a) stress-strain curves, b) strain
increment as a function of relaxation time. The specimens aged was
accelerated by a annealing step at 150◦C prior-testing.
As shown in Fig. 5.26, physical aging tends to considerably reduce
the plastic flow capacity of a material, i.e. increasingly aged samples
exhibit smaller tendency to creep. This result is in good agreement with
creep results on aged PVC reported by Struik [80]. Microscopically
speaking, physical aging tends to reduce the amount of free volume
therefore stiffening the system and hindering the mobility of chains.
In other words, aging brings the chains to a more stable conformation
(denser packing), more energy (or time in the case of a same amount
of available mechanical energy) is thus required to activate main-chain
segmental motion and corresponding plastic flow.
Morevover, if we specifically focus on the plastic strain rate during the
creep test, as illustrated in Fig. 5.27, a clear difference at the early
stages of creep is observed between the as-cured and the physically aged
specimens. The area below the curves presented in Fig. 5.27 can be
seen as the cumulative sum of all microscopic plastic events, i.e. crank-
shafts, that have occurred, hence experimentally confirming the previous
comments.
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Figure 5.27: Influence of physical aging on the measured creep
plastic flow ˙pcreep of RTM6 creep tests presented in Fig. 5.26. Note
that cyan curve corresponds to a creep test performed at a higher
temperature, i.e. at 70◦C.
It worth noting that in the case where the creep experiment exhibits a
softening inflexion point, such as in high temperature testing as illus-
trated on Fig. 5.27, this plastic strain rate bump effect is even larger,
showing a peak of free-volume generation.
Concerning the effect of partial curing18, pre- and post-yield creep tests
have been performed on a less crosslinked batch as shown in Fig. 5.28.
Compared to the reference creep curve at room temperature (at a load of
≈ 95% of the corresponding yield stress), a dramatic increase of plastic
flow ability can be observed for the partially cured resin, already exhib-
iting the softening stage at room temperature.
This clearly confirms the previous conclusion that the epoxy network
exerts a strong hindering contribution to plastic flow.
18In the present case, the partially cured batch has only reached 80% of the total
enthalpy of polymerization, determined by MDSC.
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Figure 5.28: Pre- and post-yield creep tests on partially cured RTM6
(80%) for a holding time of 2000 [s] : a) stress-strain curves, b)
strain increment as a function of relaxation time. Note that pre-
yield creep test for an applied load of 15 [kN ] and a degree of curing
of 95% (cyan) is indicated as a reference.
Summary of observed effects
To conclude, here is a summary of the main observations resulting from
the analysis of the creep tests :
• as for other polymers (including other epoxy resins), a strong non-
linear viscoplastic response is observed;
• concerning the effect of total strain, the plastic flow capacity shows
a maximum at yield and probably in the softening region, this is in
agreement with the idea of activated main-chain segmental motion
at yield presented by Meijer and Govaert [9];
• Increasing the temperature accelerates the creep rate and has re-
vealed all three types of creep stages, including a true softening
at constant load; such phenomena can also be observed at room
temperature but would require a much broader time window as
illustrated in Fig. 5.29;
• as reported by Struik [80] for PVC, physical aging tends to strongly
slow down the creep kinetics of RTM6, therefore confirming that
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Figure 5.29: Increasing the measuring time window, leads to true
softening response even at room temperature.
maximum plastic flow at yield is indeed related to free-volume/molecular
mobility effects;
• eventually, in contrast with thermoplastics, the presence of chem-
ical crosslinks strongly hinders the plastic flow of the studied epoxy
at large strains.
Activation Volume
In the case of creep, the determination of the activation volume has
been performed on pre- and post-yield tests at room temperature. As
the mechanical tests are performed in constant load rather than con-
stant stress, the decrease of true stress during creep must be accounted
for with the corresponding plastic strain evolution. Therefore, the gen-
eral approach19 for the determination of the activation volume has been
used as it is the only valid method in the present case. The results are
presented in Fig. 5.30.
As illustrated in Fig. 5.30, the activation volume shows a non-monotonic
evolution with deformation. A minimum value of 0.8 [nm3] is obtained
at yield, precisely where plastic flow has been observed to be maximum.
19Making no assumption on the shape of the strain response.
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Figure 5.30: Activation volume for pre- (blue) and post- (red) yield
creep tests on RTM6 epoxy resin at room temperature.
The progressive increases that follows could be related to the hindering
contribution of the crosslinked network as more and more crosslinks are
involved in the deformation process when chains are aligned.
For the pre-yield region, the first three tests are clearly one order of
magnitude above previous estimations, suggesting that they were still
in the anelastic region and that full plastic activation cannot be assumed.
5.3.4 Recovery after unloading
Recovery of apparent plastic deformation in polymer systems20 is not
something new and was already reported by Bowden and Raha in 1974
for PMMA [41]. However, among the vast world of thermoplastics char-
acterization literature, only few works specifically address the topic21,
and even less in the case of structural thermoset polymers.
The present subsection therefore aims at highlighting the major influ-
encing parameters on such observed phenomena. The effect of plastic
20Note that it has also been reported for metals in the case of thin nano-crystalline
films by Saïf et al. [199,200] and Lonardelli [201].
21Exception made for the research domain of shape-memory polymers where this
feature is particularly looked after.
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deformation as well as of the test temperature and prior applied strain
rate will thus be successively studied. As usual, an estimate of the cor-
responding activation volume will eventually be performed.
As illustrated in Fig. 5.31 a), a recovery test is performed after loading
to a given applied strain app, followed by an unloading step to zero
stress. Eventually, recovery takes place and the change of dimensions of
the specimens is monitored (cfr. Fig 5.31 b)).
σ   
recovered 
strain  
ɛ 
no load  
(free sample) 
residual 
strain  
a) b) 
Figure 5.31: Schematic illustration of a recovery test and definitions
of the corresponding output strains.
The results of such recovery tests will be presented either in terms of
recovered strain rec (given as an absolute value : rec = current −
unloading) or residual strain res (given as a proportion of the fully re-
covered state). Both are complementary, as shown in Fig. 5.31.
The first studied parameter is the influence of the initial applied strain.
The complete characterization campaign is illustrated in Fig. 5.32.
From both Fig. 5.32 b) and c), we can conclude that the higher the
applied strain, the higher the final recovered strain for a same relaxa-
tion period, thus indicating a higher rate of recovery. The initial applied
strain therefore seems to act as the driving force to the recovery mech-
anism.
However, it is important to keep in mind that the values of recovered
strain rec and rate ˙rec are absolute values that do not take into account
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Figure 5.32: Effect of initial applied strain app on the recovery
kinetics : a) stress-strain curves, b) recovered strain evolution, c)
recovered strain rate evolution.
the distance to full recovery. Indeed, and as reported by Rink et al.
[28,43], in terms of residual strain remaining for complete recovery, the
higher the applied strain, the lower the relative recovery of the material.
This is illustrated with the isochronous graph in Fig. 5.33, and suggests
that even though the driving force is more important, the recovery kin-
etics eventually slows down earlier when the accumulated plastic strain
is larger. Note that the graph in Fig. 5.33 is inspired by similar graphs
proposed by Rink et al. [28, 43] and often used to determine the true
onset of plastic regime in glassy polymers [27,44,81].
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Figure 5.33: Isochronous graph of the effect of initial applied strain
app and recovery time trec on the residual recovery strain res. The
left y-axis corresponds to the amount of res that remains to be re-
covered to achieve full recovery.
Another influence that can be studied through Fig. 5.32 and 5.33 is
the evolution of recovery over time. Quite obviously and as expected,
for a given applied strain, the residual strain decreases as the recovery
time increases. The evolution of the recovered strain follows a typical
S-shape on a logarithmic plot (also observed in the case of PC by Rink et
al. [28]), therefore exhibiting a maximum rate after ≈ 30 [s] which pro-
gressively decays later, giving rise to a saturation of the recovered strain.
The temperature effect on strain recovery was also investigated by de-
forming the specimen at a fixed temperature (room temperature) and
by measuring its recovery with the specimen height evolution at differ-
ent temperatures : 23◦C (reference), 65◦C and 150◦C, as shown in Fig.
5.34. The effect of thermal dilatation is not significant22 when compared
to the increase of height and can thus be neglected.
22RTM6 linear thermal coefficient is equal to αT = 52.7 [1/K], and would give rise
in the worst case (T = 150◦C) [151] to a dilatation of +0.67%.
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Figure 5.34: Effect of recovery temperature Trec on the recovery
kinetics through the variation of the specimen height with time.
As shown in Fig. 5.34, increasing the recovery temperature strongly
accelerates the kinetics of recovery. Moreover, the effect is already pre-
dominant at the very early stages of the recovery step (≤ 10 [min]).
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Figure 5.35: Effect of recovery temperature Trec on the recovery
kinetics : a) for the evolution of rec with an app = 0.278, b) for
the res at three levels of app.
Fig. 5.35 exhibits the evolution of both recovered and residual strain
with temperature and confirms the previous observation : the effect of
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temperature allows to recover more strain in a few minutes at 150◦C
than after a month at room temperature. The influence is especially
marked on the first minutes and then stabilizes to a similar level of
steady-state recovery rate for all tested temperatures, as can be seen in
Fig. 5.35 a) when looking at the corresponding slope evolutions of rec.
Full recovery is achieved for the smaller applied strain (app = 0.165) as
shown in Fig. 5.35 b). Quinson and Rink reported that for temperatures
sufficiently close to the glass transition (T ≥ Tg − 20 [K]) full recovery
can be systematically observed over the entire range of strains [28].
Finally, the effect of both loading and unloading applied strain rate ˙app
on the recovery kinetics was assessed. The corresponding results are
presented in Fig. 5.36 for loading rate and Fig. 5.37 for unloading rate,
respectively.
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Figure 5.36: Effect of loading applied strain rate ˙appload on the
recovery kinetics : a) stress-strain curves, b) recovered strain evolu-
tion, c) recovered strain rate evolution.
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As featured in Fig. 5.36, for a given applied strain (app = 0.278) at
room temperature, no significant effect is observed on the recovered
strain evolution, and the corresponding recovery rates show a very sim-
ilar behavior. Marano and Rink [27,44,81] report that no effect of strain
rate is observed on the final level of recovery (plastic regime onset) for
various polymer systems but do not specify if the kinetics are different.
In contrast, Quinson and Rink [28] show that in the case of PMMA in-
creasing the applied strain rate on the complete loading-unloading cycle
tends to accelerate the recovery kinetics.
As no effect was observed for the loading rate on the recovery kinetics,
let us now focus on the possible effect of unloading applied strain rate.
Fig 5.37 shows that the unloading strain rate does not seem to strongly
influence the evolution slope of the recovered strain (and thus the cor-
responding recovery rate), but has a more significant effect on delaying
the start of recovery process as highlighted by the arrows.
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Therefore, in agreement with the observation of Quinson and Rink, the
lower the unloading strain rate, the later the recovery process starts and
thus the lower the measured recovery after a given period of time. The
present test presents the advantage of highlighting that the observed
difference in terms of kinetics is mainly due to physical processes taking
place during unloading.
In the present case, the effect of prior-physical aging on the recovery
kinetics could not be studied as a full cycle of loading-unloading in the
post-yield region is a prerequisite, thus inducing a mechanical rejuven-
ation that will erase any possible effect of prior-aging.
Summary about recovery
The recovery of RTM6 deformation involves the following features:
• The effect of prior-applied strain app on recovery has two main
effects : (i) the initial amount of applied deformation and associ-
ated entropy acts as a driving force as observed from the absolute
value of recovery rate and recovered strain after a given time; (ii)
in terms of relative recovery, increasing accumulated plastic strain
tends to slow down the recovery kinetics.
• Increasing the recovery temperature Trec strongly accelerates the
recovery kinetics achieving the same amount of recovery in shorter
times. The effect is particularly important already at the very
early stages of the recovery step (≤ 10 [min]), while at longer times
a similar kinetics is observed. If temperature is sufficiently high
(near and above the glass transition) full recovery can be achieved
for any level of prior deformation [28,29].
• Concerning the rate effect, no influence of prior-loading applied
rate is observed whereas the time-scale of the unloading step affects
the start of recovery process.
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Recovery is thus a thermally activated mechanism23, hence making rel-
evant the determination of the corresponding activation volume.
Activation volume during recovery
In the case of recovery tests, the most general method for activation
volume calculation could not be applied as stress was close to zero, and
therefore slight oscillations could give rise to large errors of the corres-
ponding stress derivative. An alternative approach proposed by Cail-
lard and Martin [194] was therefore undertaken, making the assumption
that the corresponding recovery evolution was logarithmic. As shown
in Appendix A, this assumption fits relatively well the recovered strain
evolution after unloading.
The corresponding calculated values of activation volume for the case of
recovery tests are thus sketched in Fig. 5.38, here below.
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Figure 5.38: Activation volume for recovery tests (magenta squares)
on RTM6 as a function of app at room temperature, next to other
previously calculated Ωact for other mechanical tests.
As can be observed in Fig. 5.38, the obtained values for recovery tests
are remarkably close to previous observation, and follow a slight decrease
23Quinson and Rink [28] have even shown that a recovery master curve can be built
from different isothermal tests.
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with increasing plastic strain such as in strain-rate jumps tests. Again,
the average value is very close to ≈ 0.5 [nm3].
5.4 Discussion
In this section, a first part addresses the strong connection between
unloading and time-dependent behavior through the observation of a
rate-reversal phenomenon for intermediate unloading creep and relax-
ation tests. In a second step, this particular behavior will be modeled
with one of the phenomenological models described in literature spe-
cifically developed by Khan and Krempl to predict rate-reversal creep
upon unloading in the case of other amorphous and semi-crystalline
polymers [111–114]. After a first parametrization, the model will also
be tested in the case of other characteristic loading conditions (jump of
strain rate, softening-rehardening process, stress relaxations) to assess
its overall predictive capability. We will eventually come back, in a third
part, to the activation volume characterization of the epoxy under the
different types of performed tests to unravel the possible differences or
similarities in terms of elementary deformation process for both forward
and backward plastic flow. Finally, the fourth part will be dedicated
to an overall conclusion of the chapter, suggesting the common physical
origin to the observed characteristic behavior.
5.4.1 Rate-reversal phenomena
Forward plastic flow at high stress (for creep tests) and backward plastic
flow near zero stress (during recovery tests) occur respectively just before
and after unloading, one could wonder how the transition from one
mechanism to the other takes place. To this end, intermediate unloading
creep and relaxation tests were performed in order to investigate the
corresponding transition and eventually quantify the dominance zones
of each mechanism.
The corresponding creep results for four different level of intermediate
unloading stress are presented in Fig. 5.39.
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Figure 5.39: Creep tests at different level of unloading stress after
an applied strain app of 0.25 : a) stress-strain curves, b) strain
evolution with relaxation time. Arrows show the direction of de-
formation and red dots indicate the points of rate-reversality. The
percentages correspond to the portion of initial unloading stress at
which the creep tests were performed.
As can be seen in Fig. 5.39, pure creep and recovery are indeed the
two limiting cases, and a competition rather than a smooth transition
between forward and backward deformation mechanisms takes place at
intermediate level of unloading. Indeed, for the case of 50% and 60% of
initial applied stress, a rate-reversal phenomenon can be observed, i.e.
the material first starts to recover (˙creep < 0) and then progressively
stops recovering (passing by the red dot at ˙creep = 0) in order to start
flowing forward again (˙creep > 0) at later times.
This coexistence during the same creep test clearly indicates that the
dominance zones of each deformation mechanisms actually overlap but
also that the two deformation processes occur over two different time
scales. The same kind of rate-reversal behavior was reported by Khan
et al. [112, 114] for HDPE, but was also observed in the case of thin
nano-crystalline films of Ni by Van Swygenhoven et al. [202, 203] or
reported for Sn−Pb alloys by Neu et al. [167]. Some of these references
are reproduced in Fig 5.40.
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This behavior is shown in Fig. 7, which contains data from several
specimen, all tested at different strain values. The following trend
in the relaxation behavior can be discerned: The magnitude of the
initial increase in stress relative to that of the subsequent decrease
becomes larger as tests are conducted at smaller strain !or stress"
values. The vectors drawn in at test points A, B, and C in Fig. 7
are meant to serve as visual aids: The direction of the vector
indicates the direction of change of stress and the size of the
vector alludes to the magnitude of the change. For example, at
point A, the stress initially increases a little, and then decreases by
a considerably larger amount. This upward then downward tran-
sition will be called the “stress rate !or strain rate" reversal” since
the rate of change of stress during relaxation undergoes a change
in sign from positive to negative. The battery of tests shown in
Fig. 7 has also revealed that the time for the reversal to occur
increases as the test point is shifted away from the unloading
point. The time to reversal can increase so dramatically that at low
stress values in tension, only an increase in stress is registered
during the hour-long relaxation period. This behavior has been
observed in all the polymers included in this study. In order to
identify any correlation between this phenomenon and the test
parameters, specimens were tested at various strain rates ranging
from !˙=1"10−5 to 1"10−3 s−1 and the maximum strain value
was varied between 3% and 10% strain. In all instances the rate
reversal behavior was observed, albeit with quantitative differ-
ences only which were expected given the prior rate effects that
had been related earlier.
This aforementioned rate reversal behavior was also observed
in compression as the specimen was unloaded from a maximum
compressive load. This result is shown in Fig. 8.
Creep. Akin to the qualitative transformation that occurred in
the relaxation behavior following partial unloading, creep experi-
ments have demonstrated non-monotonic changes in strain. When
a creep test is performed after partial unloading !i.e., on the un-
loading segment of a stress-strain curve" from a maximum strain
point, the strain first decreases and then begins to increase. The
rate of change of strain is, therefore, negative at first and then
becomes positive. This behavior, as in the instance of relaxation,
has been termed “creep rate reversal behavior.” The initial de-
crease in strain tends to dominate as the test is performed at rela-
tively low stress values. In fact, in a 1-h test at point E shown in
Fig. 9, only a decrease in strain is measured. Based on the data
from several specimen it can be stated that the time to rate rever-
sal increases as the creep tests are performed at lower stress val-
ues. Figure 10 provides a comparison of creep behavior between
tests performed at 15 MPa on the loading and unloading stress-
strain segment. A qualitative and quantitative difference is
apparent.
Creep tests were also performed in compression, with separate
specimens loaded directly into compression and symmetrical
tension-compression loading. Creep tests performed in a compres-
sive stress state following partial unloading from −5% strain also
showed rate reversal behavior. A comparison of the strain-time
behavior at ±10 MPa is provided in Fig. 11. Remarkable simili-
tude in the data is observed, and this quality facilitates model
development that need not provide for tension-compression asym-
metry.
Modeling
A physical analog of the structure and quantities used in VBO
can be established from the workings of a standard linear solid. A
representative spring and dash-pot element is shown in Fig. 12.
The capabilities of the model are expanded by making the spring
in the Voigt component nonlinear and hysteretic, and the dashpot
Fig. 7 Material: HDPE. Strain rate magnitude for loading and
unloading: !˙=1Ã10−3 s−1. The relaxation behavior of three
specimen at 4.5%, 4.0%, and 3.5% strain shows the occurrence
of an increase in the stress magnitude followed by a decrease.
The relative swing in each direction changes with the place-
ment of the test.
Fig. 8 Material: HDPE. One-hour relaxation tests in compres-
sion with a prior tension-compression loading history. The test
at −3.5% strain on the unloading segment clearly displays the
occurrence of a decrease followed by an increase in the mag-
nitude of the stress. The arrowhead lines highlight this behav-
ior. Strain rate: !˙=1Ã10−3 s−1.
Fig. 9 Material: HDPE. Results of eight specimen are shown to
highlight the transformation in the creep behavior as tests are
performed at various stress levels. At point E „5 MPa…, strain
during creep only decreases during the 1-h load hold. Speci-
men H was loaded directly into compression. Strain rate: !˙=1
Ã10−3 s−1.
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strain rate _etot of 10
!4/s whereas the others were deformed
at 10!3/s. Fig. 3a and b describe respectively the evolution
of inelastic strain and the FWHM of the (311) diﬀraction
peak as a function of time during creep periods of
30 min. The (311) peak was chosen because both sim-
ulations and former in situ experiments show that the
(311) peak exhibits the greatest increase in peak width
when the microstructure of the sample is dominated by
dislocations [28,29]. Two distinguished behaviors of the ini-
tial inelastic strain rate _er;i can be recognized immediately
after the stress drop: when the stress drop is mild (regimes
I and II) _er;i > 0 which means that the sample continues to
deform plastically in a forward direction, however, with
decreasing inelastic strain rate _einel. At larger stress drops
(regimes III and IV) the immediately measured strain rate
_er;i is negative, evidencing the dominance of anelastic back
flow. After suﬃcient relaxation of the internal back stresses
driving the back flow, forward straining is observed again,
at least when the stress drop is not too large. This positive
strain rate _einel reaches a relative maximum _er;max, after
which _einel decreases further with increasing creep time.
For the lowest R (largest stress drop) no forward straining
is observed, but this might be due to a too short measuring
time. Combining the inelastic strain behavior with the sig-
natures for the FWHM, four regimes can be recognized.
In regime I, corresponding with the smallest stress drops,
positive inelastic strain is measured together with an
increase in FWHM. In regime II, corresponding with
slightly larger stress drops, still positive inelastic strain is
produced, but the FWHM decreases. At larger stress drops,
regime III, a transient behavior is observed where first
negative and then positive inelastic strain is produced both
accompanied by a reduction in FWHM. At the largest
stress drops, regime IV, the inelastic strain seems to be
always negative during the time of observation and com-
bined with a reduction in FWHM.
Inspection of the behavior of the FWHM in regime II
hints to an increasing FWHM at the end of the 30 min
creep regime. Therefore, two additional in situ stress
reduction experiments were carried out in regime II with
diﬀerent values of reduced stress and diﬀerent values of
initial plastic strain, both followed by a creep period of
60 min. This is schematically sketched in Fig. 4a. A stress
drop corresponding with R = 0.67 (r0 = 1.75 GPa,
rr = 1.16 GPa) was performed, followed by 60 min creep.
The evolution of the strain rate _einel and the FWHM is
shown in Fig. 4b. While the strain rate (black curve)
decreases continuously, the FWHM of the (311) reflection
starts to increase again after a plastic strain of approxi-
mately 1 " 10!3 was produced. This cross-over in the
peak broadening could not be observed for the other
diﬀraction peaks which remained decreasing. The second
in situ test (Fig. 4c) with creep time of 60 min was carried
out after reaching a flow stress of 2 GPa, corresponding to
a larger plastic strain at the moment of the stress drop.
Fig. 4c shows the corresponding behavior of the strain
rate (black curve) and the FWHM of the (311) diﬀraction
peak (blue curve). Also here the strain rate remains
decreasing, while the FWHM first decreases and then
increases. For this sample such a behavior was observed
for all diﬀraction peaks. The strain at which the FWHM
starts increasing again is larger in this sample, suggesting
that the strain produced by mechanisms that reduce the
FWHM depends not only on the reduced stress, but
probably also on the amount of plastic strain obtained
prior to the stress drop.
Fig. 3. Transient responses in dependence of R for r0 = 1.75 GPa: (a) inelastic strain, and (b) FWHM of the (311) diﬀraction peak as a function of
creep time; subscript 1 denotes the initial state during the creep period after the stress reduction. Regimes I to IV are phenomenologically discerned
by an increase of FWHM in regime I, and decrease of FWHM in II to IV; and by the inelastic strain rate _er;i > 0 in I and II, and initial anelastic back
flow with _er;i < 0 in III and IV.
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Figure 5.40: Rate-reversal creep phenomena reported in the liter-
ature: a) by Khan et al. for HDPE taken f om [112], b) by Van
Swygenhove et al. i nano-crystalline nickel taken from [203].
Note that this rate-reversal behavior can also be observed through stress
relaxation tests during partial unloading. This is illustrated in Fig. 5.41
for the case of RTM6 and was also reported by Khan for PC [113] and
HDPE [112] as sketched in Fig. 5.42.
Consideri g his new pe spective, the origin of the strong kinematic
hardeni g upon unloading in RTM6 is, t least par ially, related to the
competition between forward and backward deformation mechanisms at
the different levels of unloading stress.
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Figure 5.41: Relaxation tests at different level of unloading strain
after an initial applied strain app of 0.25 : a) zoom on the unloading
part of the stress-strain curves, b) stress evolution with relaxation
time. Red arrows refer to stress drop while black arrows refer to
stress rise during relaxation.
This behavior is shown in Fig. 7, which contains data from several
specimen, all tested at different strain values. The following trend
in the relaxation behavior can be discerned: The magnitude of the
initial increase in stress relative to that of the subsequent decrease
becomes larger as tests are conducted at smaller strain !or stress"
values. The vectors drawn in at test points A, B, and C in Fig. 7
are meant to serve as visual aids: The direction of the vector
indicates the direction of change of stress and the size of the
vector alludes to the magnitude of the change. For example, at
point A, the stress initially increases a little, and then decreases by
a considerably larger amount. This upward then downward tran-
sition will be called the “stress rate !or strain rate" reversal” since
the rate of change of stress during relaxation undergoes a change
in sign from positive to negative. The battery of tests shown in
Fig. 7 has also revealed that the time for the reversal to occur
increases as the test point is shifted away from the unloading
point. The time to reversal can increase so dramatically that at low
stress values in tension, only an increase in stress is registered
during the hour-long relaxation period. This behavior has been
observed in all the polymers included in this study. In order to
identify any correlation between this phenomenon and the test
parameters, specimens were tested at various strain rates ranging
from !˙=1"10−5 to 1"10−3 s−1 and the maximum strain value
was varied between 3% and 10% strain. In all instances the rate
reversal behavior was observed, albeit with quantitative differ-
ences only which were expected given the prior rate effects that
had been related earlier.
This aforementioned rate reversal behavior was also observed
in compression as the specimen was unloaded from a maximum
compressive load. This result is shown in Fig. 8.
Creep. Akin to the qualitative transformation that occurred in
the relaxation behavior following partial unloading, creep experi-
ments have demonstrated non-monotonic changes in strain. When
a creep test is performed after partial unloading !i.e., on the un-
loading segment of a stress-strain curve" from a maximum strain
point, the strain first decreases and then begins to increase. The
rate of change of strain is, therefore, negative at first and then
becomes positive. This behavior, as in the instance of relaxation,
has been termed “creep rate reversal behavior.” The initial de-
crease in strain tends to dominate as the test is performed at rela-
tively low stress values. In fact, in a 1-h test at point E shown in
Fig. 9, only a decrease in strain is measured. Based on the data
from several specimen it can be stated that the time to rate rever-
sal increases as the creep tests are performed at lower stress val-
ues. Figure 10 provides a comparison of creep behavior between
tests performed at 15 MPa on the loading and unloading stress-
strain segment. A qualitative and quantitative difference is
apparent.
Creep tests were also performed in compression, with separate
specimens loaded directly into compression and symmetrical
tension-compression loading. Creep tests performed in a compres-
sive stress state following partial unloading from −5% strain also
showed rate reversal behavior. A comparison of the strain-time
behavior at ±10 MPa is provided in Fig. 11. Remarkable simili-
tude in the data is observed, and this quality facilitates model
development that need not provide for tension-compression asym-
metry.
Modeling
A physical analog of the structure and quantities used in VBO
can be established from the workings of a standard linear solid. A
representative spring and dash-pot element is shown in Fig. 12.
The capabilities of the model are expanded by making the spring
in the Voigt component nonlinear and hysteretic, and the dashpot
Fig. 7 Material: HDPE. Strain rate magnitude for loading and
unloading: !˙=1Ã10−3 s−1. The relaxation behavior of three
specimen at 4.5%, 4.0%, and 3.5% strain shows the occurrence
of an increase in the stress magnitude followed by a decrease.
The relative swing in each direction changes with the place-
ment of the test.
Fig. 8 Material: HDPE. One-hour relaxation tests in compres-
sion with a prior tension-compression loading history. The test
at −3.5% strain on the unloading segment clearly displays the
occurrence of a decrease followed by an increase in the mag-
nitude of the stress. The arrowhead lines highlight this behav-
ior. Strain rate: !˙=1Ã10−3 s−1.
Fig. 9 Material: HDPE. Results of eight specimen are shown to
highlight the transformation in the creep behavior as tests are
performed at various stress levels. At point E „5 MPa…, strain
during creep only decreases during the 1-h load hold. Speci-
men H was loaded directly into compression. Strain rate: !˙=1
Ã10−3 s−1.
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!depicted by the close proximity of ! and ! symbols
representing relaxation at 4% and 5% strain, respectively,
with prior rate of 1"10−4 l / s, and the overlap of " and "
symbols for 1"10−3 l / s". Figure 6 also illustrates the ef-
fects of prior rate: A faster prior loading rate engenders a
larger drop in stress. The drop in stress at either test point
!4% or 5% strain" increases nonlinearly in response to an
increase in the prior rate of loading or unloading. The
results of HDPE which are shown in Fig. 6 are represen-
tative of the behavior observed with PET, PPO, and Nylon
66.
!iii" Strain accumulation during creep at a specified stress level
increases nonlinearly with increasing prior rate. In spite of
the negligible rate dependence observed in Fig. 4 for PC,
the effect of prior rate on the creep behavior is noticeable
in Fig. 7. Creep strain also increases nonlinearly with
stress. At a given stress level, creep strain is generally
larger in tests performed on the loading versus the unload-
ing segment of the stress–strain curve.
!iv" In recovery tes s !zero stress after loadi g and unloadin ",
the magnitude of the change in strain increases with in-
creasing magnitude of the prior unloading strain rate. See
Fig. 8 and inset in Fig. 1. In each case the recovery test is
performed after loading a specimen to 10% strain and un-
loading to zero load at a constant strain rate magnitude.
!v" No permanent cyclic hardening is reported for either
amorphous or semi-crystalline solid polymers despite the
different internal deformation mechanisms, see Ariyama
and Kaneko #8$.
In completely reversed strain controlled cycling, it is tacitly
assumed that the response is also completely reversed. However,
not infrequent reports state that a tension/compression asymmetry
is observed. A model should be able to reproduce these observa-
tions. It is also pertinent to add that while linear elasticity is an
excellent idealization of material behavior, it is not a good mate-
rial model for solid polymers.
Fig. 4 Material: PC. Solid lines represent tensile experimental
data which was available only for the loading segment shown.
Strain controlled loading to 5% strain shows divergence in the
stress-strain curves accompanied by very little rate sensitivity.
Necking occurs at approximately 5.5%–6.0% strain accompa-
nied by a precipitous drop in stress. Symbols represent VBO
simulation data.
Fig. 5 Material: PC. Multiple relaxation tests on the loading
and unloading segments of the stress–strain curve. The drop in
stress increases as the test point is shifted to a higher strain
value „on loading…. The dotted line represents the postulated
path of the equilibrium stress and does not illustrate the
change in magnitude during relaxation. Its placement relative
to the stress–strain curve allows for increasing positive over-
stress „!–G… during loading and negative overstress during
unloading.
Fig. 6 Material: HDPE. Drop in stress during relaxation at 4%
and 5% strain. Experimental and simulation results are shown
for the two indicated strain rates. The drop in stress is found to
be independent of the test point, but strongly influenced by the
prior strain rate. A faster prior rate engenders a larger drop in
stress.
Fig. 7 Material: PC „Simulation data: solid symbols…. Creep
stress l vel 44 MPa „loading str ss–strain segment…. Prior rate
effects are appar nt in the material’s behavior.
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Figure 5.42: R te-reversal relaxatio phenomena reported in the
literature: by Kha et al. a) for PC taken from [113] and b) for
HDPE taken from [112].
Whether or not these two mechanisms have a different micro-mechanical
origin remains unclear at the moment. The activation volume calcula-
tion approach should thus shed some more light on a possible answer.
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Fig. 5.43 and 5.44 schematically illustrate the major observations of the
present chapter concerning the time-dependent plastic flow of RTM6 as
a function of applied strain app and/or as a function of the current level
of stress. Fig. 5.44 shows a close up at the important link between
the measured non-linearity upon unloading, which has been shown not
to evolve significantly over the plastic regime, and the observed time-
dependent deformation mechanisms.
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Figure 5.43: Schematic illustration of the main observations con-
cerning the time-dependent behavior at large strains of the RTM6
epoxy resin : a) creep vs recovery, b) stress drop vs stress rise in
relaxation tests. Arrows indicate the magnitude and direction of the
identified mechanism.
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Figure 5.44: Zoom on the effect of time-dependent deformation
mechanisms on the strong kinematic hardening upon unloading ob-
served in RTM6 : a) creep vs recovery, yellow arrows indicate the
limiting cases while blue arrow show the successive contribution of
each mechanism on a same test, b) stress drop vs stress rise in re-
laxation tests, green arrows indicate limiting cases, while black and
red arrows show the contribution of each mechanism on a given in-
termediate test.
5.4.2 First modeling approach
The model of Khan et al. [114] developed specifically to predict rate-
reversal behavior has been chosen as a first phenomenological modeling
approach to rationalize the unloading and time-dependent behavior of
RTM6 epoxy.
The approach of Khan uses a state variable based constitutive model, the
viscoplasticity theory based on overstress (VBO). Originally developed
for metals, it was adapted for the description of polymer behavior by
Khan and Krempl [111,112], specifically for the qualitative and quantit-
ative prediction of rate and temperature sensitivity, as well as relaxation
behavior and creep anomalies. This peculiarity makes the model par-
ticularly interesting for the modeling of the time-dependent behavior of
RTM6 while it preserves the ability to correctly describe its monotonic
behavior.
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Model description In the present case, we have implemented the ver-
sions of the model described in Khan and Yeakle [114]. They proposed
a standard (original) version of the model and a modified one to predict
the rate-reversal phenomenon during a same creep test. The modifica-
tions with respect to the standard VBO essentially include the addition
of a second inelastic component as will be described later.
A representative analog of the structure and quantities used in the VBO
model is the combined spring and dashpot elements represented in Fig.
5.45. The difference is that the spring in the Kelvin-Voigt component
is made non-linear and hysteretic, while the dashpot is made non-linear
and dependent upon the overstress.
nonlinear and dependent upon the overstress. The model uses an
overstress format which is given by the difference between the
stress and the equilibrium stress. The equilibrium stress is the
stress the material can sustain at rest. Following a brief introduc-
tion to the uniaxial form, modification made to the model for
accommodating the aforementioned rate reversal behavior will be
described in the context of the standard linear solid.
Considering a uniaxial state of stress and letting ! and " be the
true axial components of the stress and strain, respectively, the
total strain rate is expressed as the sum of the elastic and inelastic
strain rates and constitutes the central flow law provided in Eq.
!1". A superposed dot denotes a material derivative. The model is
formulated as three coupled differential equations incorporating
three state variables: the equilibrium stress g, the kinematic stress
f , and the isotropic stress A
"˙ = "˙elastic + "˙inelastic =
!˙
E
+
!! − g"
Ek##,A$
!1"
where k is the viscosity function with dimension of time and # is
the overstress invariant which, in the uniaxial case, equals %!−g%.
Growth laws for the equilibrium stress and the kinematic stress
are provided in Eqs. !2" and !3". The kinematic stress f sets the
tangent modulus at the maximum strain of interest
g˙ = $
!˙
E
+ $& !! − g"Ek − !g − f"A #Ek + !!˙ − g˙"E ' + &1 − $E' f˙ !2"
f˙ = & %!%
# + %g%'Et !! − g"Ek !3"
In the equations above, $ is the positive shape function that mod-
els the transition from quasi-linear elastic behavior to inelastic
flow, Et is the final tangent modulus, and A is the isotropic stress.
Only the key components of the model are included here. For
greater detail, see Krempl #6$ and most recently, Krempl and
Khan #9$ and Khan and Krempl #10$. Associated functions are
provided in Table 1, which also lists the values of some of the
constants used in the simulations.
The preceding set of first order, coupled, nonlinear differential
equations can be numerically integrated with stipulated boundary
conditions to simulate material response in relaxation !"˙=0 s−1",
creep !!( !¯=const.", inelastic recovery !!=0 MPa", and rate
sensitivity.
The response of the model is governed by the values of the state
variables that are used as boundary conditions in performing the
numerical integration of the equation set. Therefore, the model
circumvents the need to integrate along the entire loading history
to predict subsequent deformation. The equations are reconfig-
Fig. 10 Material: HDPE. Comparison of the creep response
over 1200 s at 15 MPa on the loading and unloading segment.
In the latter, the strain decreases, then begins to increase. The
dashed gray line is provided to compare the post-creep stress-
strain curve to one representing uninterrupted loading. Load-
ing and unloading strain rate: !˙=1Ã10−3 s−1.
Fig. 11 Material: HDPE. Comparison of the creep response at
±10 MPa shows good similitude in the data.
Fig. 12 Spring-dashpot representation of VBO. In this single-
element model, the total strain equals the sum of the strain of
spring 1 and that across spring 2 and the dashpot. The total
rate is expressed as a time derivative.
Table 1 Functions and material constants used in VBO simu-
lations
PPO
Moduli E=2600 MPa, Et=10 MPa
Isotropic stress A=80 MPa
Viscosity function,
k=k1#1+ %!−g% /k2$−k3
k1=2500 s, k2=15 MPa, k3=11
Shape function,
$=C1+ !C2−C1" / exp!C3"in"
C1=50 MPa, C2=2750 MPa, C3=70
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Figure 5.45: Spring and dashpot analog representation of VBO con-
titutive model. Taken from [112].
The overstress is defined, as illustrated in Fig. 5.46 a), as the difference
between the actual stress and the equilibrium stress. The model postu-
lates the existence of an equilibrium stress corresponding to the stress
h material can sustain at rest, i.e. the actual stress has to overcome
the equilibrium stress before inelastic flow is possible.
The full model is formulated as three coupled differential equations in-
corporating the three following state variables : the equilibrium stress
g, the kinematic stress f , and the isotropic stress A. The interaction
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Figure 5.46: Standard monocomponent VBO formulation : a)
schematic explanation of the working principle of overstress contri-
bution as a function of the 3 state variables of the model, b) different
stress contributions in VBO model. Taken from [112] and [111].
between the state variables are evidenced in Fig. 5.46, while the differ-
ential equations for the mono-component formulation, Eq. 5.1, 5.2, 5.3,
can be found here below :
˙tot = ˙1 + ˙2 = ˙el + ˙inel =
σ˙
E
+ (σ − g)
E ∗ k(σ, g) (5.1)
g˙ = Ψ(g) σ˙
E
+ Ψ(g)
( (σ − g)
E ∗ k(σ, g) −
(g − f) ∗ Γ(σ, g)
A ∗ E ∗ k(σ, g)
)
+ (1− Ψ(g)
E
)f˙
(5.2)
f˙ = Et
(σ − g)
E ∗ k(σ, g) (5.3)
where k is the viscosity function with dimension of time, Γ is the over-
stress invariant which, in the uniaxial case, equals |σ − g|, Ψ is the pos-
itive shape function that models the transition from quasi-linear elastic
behavior to inelastic flow, E is the Young’s modulus and Et is the final
tangent modulus. Please refer to [114] for the description of the internal
functions of the model.
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Figure 5.47: Two components VBO formulation : a) Illustration
of the 2 equilibrium stress g and h, b) schematic explanation of
working principle for prediction of rate-reversal relaxation. Taken
from [112].
The modified version of the model for the prediction of rate-reversal be-
havior only doubles the spring-dashpot component, and thus the number
of state variables. The working principle is illustrated in Fig. 5.47 b)
for the case of rate-reversal stress relaxation during unloading.
Modeling results The resolution of the system of three differential
equations was performed explicitly using a Matlab script. Optimization
of the model parameters was performed through the cf-tool toolbox
of Matlab by a least-square minimization of a distance function defined
as the difference between the experimental curves (both for loading and
unloading) and the model output for identical boundary conditions.
First, the standard formulation of the VBO model was implemented and
calibrated on the constant strain rate condition (Fig. 5.48 a)). Then,
jump of strain rate test and stress relaxation test were used in order to
assess if the model was indeed good at predicting both the monotonic
loading as well as rate sensitivity and relaxation behavior. The results
are presented in Fig. 5.48.
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Figure 5.48: Mono-component VBO model prediction for RTM6
epoxy resin under : a) constant strain rate, b) jumps of strain rate
test, c) stress relaxation test. Magenta curves correspond to the ex-
perimental data, while blue curves illustrate the model output. Note
that the same set of model parameters is used for performing all the
calculations.
As can be seen in Fig. 5.48, the standard formulation of the VBO
model gives a good qualitative prediction of the different characteristics
of RTM6 large strains behavior :
• a good qualitative prediction of the hardening law, showing yield-
ing followed by softening and then a re-hardening behavior (Fig.
5.48 a));
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• a good qualitative prediction of both intrinsic change of stress and
the transient behavior after an increase/decrease jump of strain
rate (Fig. 5.48 b)), or after a stress relaxation (Fig. 5.48 c)).
However, it must be noticed that the predictions show poor quantitat-
ive capability and that, for the chosen set of parameters, the unloading
behavior does not show any sign of non-linearity (cfr. Fig. 5.48 a)). Non-
etheless, the model does predict the transition from forward to backward
creep with decreasing level of stress during unloading, as illustrated in
Fig. 5.49.
Figure 5.49: Mono-component VBO model prediction for RTM6
epoxy resin for intermediate unloading creep tests : a) stress-strain
curves, b) strain evolution.
Let us now consider the double component model. A first check of the
model capability at predicting rate-reversal creep was performed with
the model parameter given in [114]. The result is shown in Fig. 5.50 and
confirms that the model is indeed able to predict rate reversal behavior,
even though the stress range over which it is observed is quite narrow
(≤ 0.2 [MPa] in the present case) compared to the experimental results.
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Figure 5.50: Double-component VBO model can predict rate-
reversal creep at intermediate unloading stress level. (The used
model parameters come from [114].)
If we now adapt the set of model parameters of the double-component
model to best fit the loading-unloading behavior of RTM6, we obtain
the result in Fig. 5.51 which does not show any yielding and soften-
ing process, nor a strong non-linearity upon unloading. The optimiza-
tion procedure had thus to be adapted to also take into account in the
« distance » function the slope difference (∂σ/∂) between experimental
results and model outputs. Unfortunately, no better fit was obtained
whatever the relative weight given to the difference of first derivative
compared to the difference of predicted stress level.
Figure 5.51: Best fit of double-component VBO model for prediction
of RTM6 epoxy resin loading/unloading behavior.
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Moreover, as shown in Fig. 5.52, the model not only requires careful
fitting of the monotonic loading segments but also of the predicted creep
responses. Again, although general trend for the transition from forward
plastic flow to recovery is qualitatively correct, in terms of quantitative
prediction the model is not rich enough to reproduce the experimental
data.
Figure 5.52: Double-component VBO model prediction for RTM6
epoxy resin for intermediate unloading creep tests : a) stress-strain
curves, b) strain evolution. Continuous lines are the experimental
material response while dashed lines correspond to the model predic-
tions.
5.4.3 Activation volume formalism
Coming back to the activation volume characterization, the original goal
of this approach was to investigate if the two observed deformation mech-
anisms, forward plastic flow at high stress and backward recovery near
zero stress, could involve different elementary mechanical deformation
process. Indeed, as explained in Appendix A and shown in Eq. 5.4,
the concept of activation volume can be related to the actual material
volume Vmat subjected to a deformation/shear transformation by the
elementary thermally activated deformation process24.
24For instance, in the case of metals, through the Burgers vector (= elementary
shear deformation), the activation volume can be related to actual volume where
dislocation movements occur.
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˙ = C exp
(
−(∆G− σΩact)
kBT
)
with Ωact = γ0 Vmat (5.4)
Therefore, the determination of the of activation volume for tests per-
formed either at high stress (creep, jump of strain rate, stress relaxation)
or in the case of a free specimen (recovery) can help unraveling the origin
to the two observed deformation mechanisms.
All calculated activation volumes as a function of the corresponding
applied strain are gathered in a single graph presented in Fig. 5.53 as
well as in Tab. 5.1.
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Figure 5.53: Variation of the activation volume for all performed
tests on RTM6 as a function of app at room temperature. The light
red shaded zone regroups Ωact from 0.5 to 1 [nm3].
The first observation is that most of the calculated activation volumes,
whatever the stress level, are found in the range between 0.5 and 1 [nm3],
as highlighted by the red shaded zone in Fig. 5.53. The only exceptions
to that observation are the early pre-yield and post-yield creep tests
results. Both of these data sets were previously explained to be potential
outliers, respectively due to too small applied deformation (still partly
in the elastic regime) or due to the important hindering contribution
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of the crosslinked network at high strains25 on the actual main-chain
segmental motion observed at yield.
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seg ental motion observed at yield.
Type of
test
 act [nm3] Calculation
Method
Stress
level
Molecular chain
state
Time win-
dow
Jumps of
strain rate
0.65-0.45 general high ¬ & √ of tension
but under average
continuous tension
quasi-
instantaneous
1-3 [s]
Stress
relaxations
0.55-0.50 general
and log fit
high relaxation but un-
der global tension
30 [s]
Creep tests 20-0.8-2.5 general high continuous tension 2000 [s]
Strain
recovery
0.65-0.4 log fit low free relaxation from 2000[s]
up to 20 [h]
Table 5.1: Summary of activation volume  act calculations and cor-
responding post-processing details as well as micro-structural state.
Note that  act values are given for increasing ‘app order.
Moreover, Tab. 5.1 also exhibits two other parameters that could a ect
the actual calculation : the stress level (and thus molecular chain state)
and the time frame of the performed tests. Indeed, the creep tests are
the only tests performed over a large time window and at high level of
stress, while other tests are either performed over short time scales at
high stress or on longer time-scale but at very low stress, which could
be considered as energetically equivalent.
Eventually, coming back to the initial question, from the obtained meas-
urements we can only conclude that there is no real di erence in terms
of activation volume between both forward and backward deformation
mechanisms. In other words, the underlying physical origin of these
two deformation mechanisms must involve the same elementary micro-
deformation process.
In terms of quantitative analysis, the average value of measured activ-
ation volume (¥ 0.5 ≠ 0.8 [nm3]) is in good agreement not only with
the value obtained for the Eyring flow rule fit performed in Chapter 4
for rate- and temperature- yield dependence, but also with the meas-
Table 5.1: Summary of activation volume Ωact calculations and cor-
responding post-processing details as well as micro-structural state.
Note that Ωact values are given for increasing app order.
Moreover, Tab. 5.1 also exhibits two other parameters that could affect
the actual calculation : the stress level (and thus molecular chain state)
and the time frame of the performed tests. Indeed, the creep tests are
the only tests performed ov r a l rg time window and at high level of
stress, while other ests are either performed over short time scales at
high stress or on longer time-scale but at very low stress, which could
be considered as energetically equivalent.
Eventually, coming back to the initial question, from the obtained meas-
urements we can only conclude that there is no real difference in terms
of activation volume between both forward and backward deformation
mechanisms. In other words, the underlying physic l origin of these
two deformation mechanisms must involve the same elementary micro-
deformation process.
In terms of quantitative analysis, the average value of measured activ-
ation volume (≈ 0.5 − 0.8 [nm3]) is in good agreement not only with
the value obtained for the Eyring flow rule fit performed in Chapter 4
25This is also the case for the last jump of strain rate outlier which calculation is,
as previously discussed, biased by the important hardening slope.
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for rate- and temperature- yield dependence, but also with the meas-
urements on other polymer systems made in the literature. For in-
stance, Quinson and Perez [127] report a value of 0.8 [nm3] for PMMA;
Kramer [129] reports a value of 0.46 [nm3] for PS; Govaert et al. [12,33]
report activation volume of the order of magnitude of 1 [nm3] in the
case of PC; Gómez-del Río [62] reports the same order of magnitude for
another epoxy resin tested in the same range of strain rate; eventually
Röttler in his extensive review [142] of MD results on glassy polymers
also reports activation volume values below 1 [nm3].
This value, assuming an elementary shear deformation of γ0 = 0.1 such
as proposed by Argon [15, 204], gives an actual material volume that
could be related to the Kuhn length or statistical segment length of the
polymer backbone [205]. This implies that the corresponding common
elementary deformation mechanism comes from a crankshaft mechanism
or any other type of local conformational change such as a kink or a twist.
As discussed in Chapter 2, two of the most known molecular theories
of yield, respectively developed by Argon [15, 206] and by Bowden and
Raha [41], were derived from such elementary deformation process and
were able to correctly predict the yielding and activated plastic flow of
different glassy polymers. On his side, Perez [207] in his self-consistent
model associates these elementary motions to conformational changes
related to the β transition.
5.4.4 Conclusion
The initial objective of this chapter was to better understand the strong
kinematic hardening upon unloading (also called Bauschinger effect)
coupled with the presence of creep and recovery mechanisms.
This Bauschinger effect and its degree of non-linearity was shown not
to be significantly influenced by applied strain, temperature or prior
applied strain rate. Although it still showed a certain time-dependent
behavior, highlighted through the observation of an evolving hysteresis
loop upon cycling or as affected by prior creep relaxation time, it can-
not be assimilated to simple viscoelasticity, even though, in a general
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framework, such mechanical features could be accounted for by a com-
plex viscoelastic model. Indeed, in the case of RTM6, the viscoelastic
contribution to the mechanical response is shown to be very small dur-
ing loading (cfr. DMA results in Chapter 3) and therefore cannot ex-
plain the magnitude of the backstress upon unloading, suggesting more
a viscoplastic origin. Moreover, the associated time-dependence was
later related to the strong competition between the two observed flow-
ing mechanisms : forward creep at high stress and backward recovery
for a previously deformed specimen.
However, it was shown based on the activation volumes that the two
mechanisms shared the same elementary micro-deformation process, i.e.
conformational transitions type at the scale of the polymer backbone.
The overlapping of their corresponding dominance zones gives rise to
a peculiar and complex behavior called rate-reversal phenomenon, that
can be observed through creep and relaxation tests at intermediate level
of unloading. A proper modeling of such behavior was attempted in the
case of the RTM6 epoxy resin via the implementation of a phenomen-
ological viscoplastic model based on an over-stress formulation. Unfor-
tunately, the identified model showed only poor qualitative predictions
and proved to be insufficiently rich to predict all intrinsic features of
RTM6 viscoplatic behavior.
The lack of sufficient physical insights in the modeling approach has
pushed us to investigate the micro-mechanical origin of the overall ob-
served behavior. To this end, a review of the other materials exhibiting
similar behavior has allowed us to stress a common physical trait. In
all cases, ranging from Al-Cu alloys to nano-crystalline thin metallic
films, the observed strong kinematic hardening upon unloading and/or
the possibility of rate-reversal behavior during partial unloading seems
to be linked with the presence of strong local microstructural heterogen-
eities which lead to polarized fluctuations of the internal stress field.
Indeed, the local yielding of material regions at different level of stress
will induce strong backstress in the surrounding matrix, which upon
reverse loading will force the early yielded regions to first recover and
then resume plastic yielding much earlier, therefore exhibiting important
macroscopical kinematic hardening.
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Moreover, it has been reported several times in the literature that plastic
flow in glassy polymers is of a highly local nature [15], whether it is
inherited by the multiple length scales that characterize the structure
of a long molecular chain [205] or related, at a higher scale, to the
important localization processes occurring in the form of shear bands
formation and propagation [14,127–129].
Hasan and Boyce propose to consider macroscopic inelastic deforma-
tion as the result of local, strain-producing, shear transformations [31].
They assume the presence of pre-existing defects that facilitate local
conformational change, otherwise said, regions where the local resist-
ance to inelastic rearrangements is lower (and which can be associated
to a higher local amount of free-volume). These fluctuations in the local
energy landscape will trigger, what Chen and Schweizer [208] call, a
mechanical disordering deformation process.
The cooperative nature of these local rearrangements will produce local
shear micro-domains, as designated by Quinson and Rink [28], which,
once sufficiently numerous and large, will interact with one another to
create large local perturbation zone with macromolecular chain orient-
ation, i.e. plastic deformation in the form of shear bands, as shown by
G’sell in [34].
Moreover, Oleinik [29,135,136] was able to experimentally show through
deformation calorimetry and for several polymer systems including an
epoxy-aromatic amine resin, the progressive internal energy storage as-
sociated with the formation and growth of these identified plastic shear
events.
Eventually, it is to be noted, as stated by Hasan and Boyce in [26], that
this highly distributed nature of microstructural state of the glassy ma-
terial can be modeled and referred to in equivalent ways as a distribution
of local free volume, a distribution of internal stress or a distribution of
activation energies for local thermally activated inelastic shear trans-
formations.
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Based on the above mentioned discussion on the identified physical origin
of the non-linear elastic-viscoelastic-viscoplastic behavior of RTM6, a
micro-mechanical modeling approach will be developed and implemented
in the next chapter. Its aim is to validate the corresponding micro-
mechanical assumption and evidence the good qualitative predicability
of such physically inspired modeling approach over the full range of
performed experimental tests.

Chapter 6
Micro-mechanisms based model-
ing
In Chapter 4 and 5, the entire range of deformation of the RTM6 epoxy
resin was extensively covered and characterized, from monotonic to cyc-
lic loading as well as the time-dependent behavior. Our results show
peculiar deformation characteristics (e.g. strong kinematic hardening
upon unloading or rate-reversal phenomena) which are challenging to
capture based on existing constitutive theories (see Chapter 2 for the full
review). In addition, such phenomenological approaches do not provide
any physical clue about the underlying micro-mechanisms. As an ex-
ample, the intrinsic strain softening is usually accounted for by means
of a heuristic evolution. However, the analysis performed in Chapter 5
has pointed out a possible origin to the above mentioned features based
on the concept of mechanically disordered and heterogeneous deform-
ation processes in the form of localized thermo-mechanically activated
shear events at the nanoscale.
The goal of this chapter is to show that, for a non-linear elastic-viscoplastic
amorphous thermoset, all of the intrinsic deformation features, and in
particular strain softening, strong kinematic hardening and rate-reversal
phenomena as well as the effect of prior thermo-mechanical history,
can be explained and semi-quantitatively predicted by a physically-
based model that accounts for localized and heterogeneous deformation
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micro-mechanisms. The model relies on a time-dependent Monte-Carlo
(TDMC) kinetic model coupled to a mesoscopic 2-D FE framework ac-
counting for the nucleation, growth and cooperative interaction of mi-
croscopic shear transformation zones (STZ).
This chapter is organized as follows. First, in Section 6.1, we will motiv-
ate our approach by providing experimental evidences of heterogeneous
and localized deformations as well as properties fluctuations at differ-
ent scales in thermosets and more specifically in RTM6. In section 6.2,
we will review some relevant aspects of the micro-mechanics of metal-
lic glasses. Indeed, the structural relaxation and inelastic response of
metallic glasses is very similar to those of glassy polymers, albeit often
in modified forms and at slightly different scales but above all in simpler
microstructural context. The concept of STZ due to Argon [209] will
be presented, and recent theories based on this model in the context of
metallic glasses will be reviewed, among others the recent work of Schuh
et al. [210, 211]. Section 6.3 describes the STZ-based model developed
for the epoxy resin. The model will be validated in Section 6.4 and fur-
ther tested, in Section 6.5, for most of the loading conditions that were
experimentally considered on RTM6 in this thesis. A conclusion will
eventually be drawn on the advantages and limitations of the present
approach as well as on future perspectives, in Section 6.6.
6.1 Static and dynamic heterogeneities in glassy
polymers
In this section, heterogeneities in a broad sense and localized phenomena
will be listed as a function of the different length scales at which they
occur in glassy polymers and more specifically in RTM6.
1− 10 [nm] : Density fluctuations and configuration changes at
the atomic scale
As discussed in Chapter 2, molecular yielding theories can predict the
yielding behavior of glassy polymers by considering localized conform-
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ational changes as the nanoscopic origin to plastic deformation. De-
pending on the model, these conformational changes were identified as
molecular kinks (Argon, 1973 [65]) or twist, dihedral flips (Robertson,
1966 [212]) or crankshaft motions related to the β-transition (Perez,
1992 [207, 213]). For that latter case, it was reported [173] that the β-
relaxation of cured epoxy was related to the crankshaft motion of the
hydroxyl-ether portion of the molecule.
Moreover, as also addressed in Chapter 2, recent MD simulations [142]
not only have confirmed that atomic stress fluctuations are significantly
larger than average values, but have also related the stress drops of the
highly intermittent molecular stress-strain response to these localized
and irreversible molecular events [32, 140, 150] captured by the molecu-
lar theories. In addition, Andrews [182] showed, through Electron Spin
Resonance (ESR) measurements, that stress fluctuations and heterogen-
eities were at the origin of chain scission and explained the presence of
micro-voids prior to fracture in thermosets.
Conceptually speaking, MD simulations relate local density fluctuations
to a potential energy landscape [208], that triggers these mechanically
disordered processes. Density fluctuations can be related to the notion
of free volume. Hence, physical aging, which reduces the latter, also
hampers the density fluctuations and related local mobility.
10 [nm]−1[µm] : Epoxy nodules and local properties fluctuations
Early structural analyses, performed with transmission electron micro-
scopy (TEM) on surface replicas, evidenced the presence of a nodular
morphology with a length scale between 10 and 60 [nm] in highly cured
epoxy resins. Differences in local crosslinking density were related to this
nodular morphology. Later, however, other groups refuted these conclu-
sions using structural characterization techniques such as small-angle
X-ray scattering (SAXS) and small angle neutron scattering (SANS),
claiming that previous findings were probably due to imaging artifacts
related to surface preparation. Nevertheless, further studies based on
SAXS and/or SANS also confirmed the presence of such structural het-
erogeneity in similar epoxy systems. As proposed by G’Sell [125], a
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more satisfactory notion is to consider the presence of short range order
leading to density fluctuations, also reported by Argon [65] or in MD
simulations [142,208].
In the case of RTM6, such observations were also performed through
AFMmeasurements. Indeed, a decreasing level of « heterogeneity » with
increasing degree of curing has been proved by our team [168], showing
that the modulus distribution is bimodal at moderate levels of crosslink-
ing and only becomes monomodal at the highest degrees of crosslinking
(cfr. Appendix B for further details). Nevertheless, even at high degree
stiffness 
as cured deformed 
adhesion 
force 
energy 
dissipation 
Figure 6.1: Effect of applied strain on the local surface properties
histograms of RTM6, measured by AFM. The deformed specimens
were strained up to a compressive strain of  = 0.5 [−].
of conversion, a distribution of local properties (e.g. modulus, energy
dissipation, adhesion force) still exists, confirming a significant level of
fluctuations of local properties at sub-micron scale. Eventually, we could
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even show that such distributions tend to widen with plastic deforma-
tion1, as illustrated by the histograms in Fig. 6.1, therefore highlight-
ing again the mechanically disordered and heterogeneous deformation
micro-mechanisms.
Experimental proofs of heterogeneous inelastic deformation mechanisms
were also generated by Oleinik et al. [29,135,136] with deformation calor-
imetry for several polymer systems including an epoxy-aromatic amine
resin.
10 [µm]−1 [mm] : shear bands observed via transmission optical
microscopy
Heterogeneous deformation, in the form of micro-shear-bands, can be
observed in most glassy polymers after plastic deformation2, usually
under plane-strain conditions. As illustrated on Fig. 6.2, it is also
the case for RTM6 epoxy resin, even at high degree of crosslinking. We
Figure 6.2: Observation of shear bands in a plane strain deformed
sample of RTM6 via optical transmission microscopy through polar-
ized light.
polished a thin slab (≈ one millimeter thick) of resin on both sides, before
compressing it under plane-strain conditions. The deformed specimen
1Note that different levels of widening were observed as function of the analysis
locus in the specimen.
2See Chapter 2 on p. 39, for more examples.
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was then observed by optical microscopy. Shear bands were revealed
by their birefringence, highlighting the presence of shear heterogeneities
distributed over the entire sample.
The shape as well as the orientation of these shear-bands can vary de-
pending on the material chemistry [14,127–129] and thus on the type of
polymer. In the present case, the shear bands are found at +/-45◦ and
have an intermediate form between diffused and localized microscopic
shear bands, the latter character being slightly dominant.
1 [mm]− 10 [cm] : necking in tension at high temperature
A last evidence of localization phenomena that can be observed in RTM6
is the presence of macroscopic necking, as illustrated in Fig. 6.3 a).
However, as highly-crosslinked epoxy resins are intrinsically brittle in
tension, such localization can only be observed when the specimens are
deformed at high temperature, whereas for other more ductile glassy
polymers it occurs already at room temperature. Such type of macro-
scopic localization can be easily detected from the stress-strain diagrams,
either by an important stress drop with negative deformation (due to
localization out of the measuring gauge length) or by a characteristic
long flat softening plateau, as shown in Fig. 6.3 b) and in Fig. 6.4 for
tension and compression, respectively.
Figure 6.3: Illustration of necking in tension for RTM6 deformed
at 150◦C : a) specimen picture, b) stress-strain curve.
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Figure 6.4: Stress-strain curves of RTM6 under compression tests
at high temperatures : dashed lines at 100◦C and continuous lines
at 150◦C. The unusual long and flat softening plateau and small
oscillations are suspected to be related to a form of macroscopic
localization phenomena.
6.2 Micro-mechanisms of deformation in metallic
glasses
The aim of the present section is to review the development of STZ
based models in the field of metallic glasses and show the similarities
that exist between the model response and intrinsic behavior of glassy
polymers. Furthermore, the proposed physical micro-mechanical process
will be shown to be applicable to amorphous polymer chains.
Before addressing the details of the STZ micro-mechanism originally pro-
posed by Argon [209] as an elementary constituent of plastic deformation
in metallic glasses, a more general and simplified picture of the amorph-
ous state will be first drawn to motivate the proposed mechanism and to
introduce some key concepts such as free-volume and liquid-like atomic
environment.
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6.2.1 General picture of the amorphous state
Metallic glass-forming alloys are usually brought to the amorphous state
by being rapidly cooled down from the liquid state, fast enough to over-
ride crystallization. Even though the dramatic increase of viscosity upon
rapid cooling freezes the atomic packing, a certain fluid-like mobility still
persists and gives rise to structural relaxations below the glass transition.
Cohen and Turnbull [110,214,215] introduced the concept of free-volume
to explain the relaxation processes during glass formation and which can
be well defined in the context of a dense hard-spheres fluid, as illustrated
in Fig. 6.5. Indeed, the local free-volume refers to a less dense atomic
Figure 6.5: Illustration of Cohen and Turnbull physical picture of:
a) disordered amorphous state, b) free-volume enabling atomic mo-
tion, in the context of a dense hard-spheres fluid. Taken from [19].
packing (that can be related to the above mentioned density fluctuations
in the case of polymers) that facilitates local molecular mobility poten-
tially leading to micro deformation events in the presence of a stress
field, it is thus used as an internal state variable to describe the mi-
crostructural state of amorphous materials. Amorphous materials can
therefore be described as the combination of solid-like (SL) and liquid-
like (LL) regions [216], referring respectively to strongly packed regions
with almost no free volume on one side, and less-dense and more weakly
packed regions thus exhibiting an excess of free-volume on the other
side. However, below Tg, for the material to be in a solid amorphous
state, the LL regions must be isolated in a topologically continuous stiff
background of SL region, as schematized in Fig. 6.6 a).
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With the application of stress or by an increase in temperature (and
thus of thermal atomic vibrations), the more compliant LL regions will
be the first to deform and therefore will grow with further generation
of free-volume competing with diffusion toward neighbor atoms. This
approach to molecular description of deformation in glasses on the basis
of two competing processes mediated by free volume, i.e. (i)creation of
free volume by atomic motion driven by shear stress vs. (ii) free volume
annihilation via diffusive rearrangement, is due to Spaepen [109] for
metallic glasses and is also reported by Struik [80] for glassy polymers.
Plastic flow or glass transition temperature can thus be viewed as the
moment when percolation of the LL regions in the material is achieved,
as illustrated in Fig. 6.6 b).
T< Tg or  σ ≪ σY T≥ Tg or  σ ≥ σY 
SL 
LL 
LL 
LL 
SL LL SL 
SL 
LL 
LL 
LL 
SL 
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SL 
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a) b) 
Figure 6.6: a) Schematic description of the amorphous state as a
combination of solid-like (SL - blank) and liquid-like (LL - shaded)
regions. b) Percolation of LL regions is achieved when yield or glass
transition is reached.
Analogy between metallic glasses and glassy polymers
The above description of the amorphous state remains valid for polymers
considering segmental motions of molecular chains in place of atomic vi-
brations. For instance, Hasan, Boyce and Berko [31] were able to exper-
imentally measure and to confirm the presence and evolution of excess
free-volume in PMMA through positron annihilation lifetime spectro-
scopy (PALS). PALS is useful tool to characterize the material state of
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glassy polymers and was shown to provide the size and number density
of free-volume sites in a polymer specimen. The authors were able to
prove that inelastic straining increases the amount of free-volume (by
locally increasing the size of the initial free-volume sites) and that it
eventually leads to macroscopic softening, considered as a de-aging ef-
fect, i.e. erasing prior thermo-mechanical history.
Metallic glasses and glassy polymers share common intrinsic mechanical
features [204] such as amorphous structure, yielding and softening [217],
effect of physical aging and polarized stress fields that not only lead to
important localization phenomena but also to kinematic hardening upon
unloading and recovery processes. The main difference between metallic
glasses and glassy polymers comes from their post-yield response where
for the former plastic flow sets in with no-hardening while for the latter
the macromolecular network contribution induces strain hardening.
Recently, Wang [218] proposed a molecular theory for polymer glasses
based on the above general description of the amorphous state but ex-
plicitly accounting for the effect of network response trough the concept
of load bearing strands (LBS) (either physical or chemical crosslinks).
Wang suggests that these LBS points drive the cooperative interactions
that lead to percolation (or not) of LL regions3 and explains the dif-
ferent effect of mechanical rejuvenation, physical aging, melt stretching
and pressurization upon yielding, as well as brittle-to-ductile transition
based on such micro-mechanical picture. This concept of « cooperativ-
ity » will be shown to be of particular importance in the rest of this
chapter.
6.2.2 STZ based modeling in metallic glasses
Argon [209, 219] proposed that the source of inelastic deformation in
metallic glasses was due to shear transformations in small volume ele-
ments of equi-axed to oblate spheroidal form, involving the collective
motion of 5 to 10 atoms, as illustrated in Fig. 6.7. These microscopic
shear events are considered as thermally-activated processes. As the
3Wang refers to them, in his paper [218], as activation zones (AZs).
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Figure 6.7: Schematic illustration of a shear transformation micro-
mechanism proposed by Argon, where Ωf identifies the atoms in-
volved in the STZ. Taken from [209].
rest of the material is considered as an elastic continuum, Argon de-
rives the activation energy barrier ∆F of the shearing of a STZ relying
on Eshelby’s solution for an isolated inclusion [220]. Besides the shear
contributions, the strain energy associated to local dilation of the activ-
ated configuration, as suggested by Spaepen [109] and experimentally
observed by Argon and Kuo [221], is also accounted for. Indeed, for the
shear transformation to occur the surrounding atoms may have to be
« pushed apart » at some point along the activation path. This tem-
porary hydrostatic contribution can be related to the local amount of
free-volume generated by the deformation process, which will be pro-
gressively redistributed to the neighboring atoms.
Well below Tg, such shear transformations preferentially occur in the
isolated free-volume sites randomly distributed in the material, and as-
sociated to lower energy barriers. When a stress is applied the differ-
ent shear transformations align with the applied stress directions and
the material becomes mechanically polarized, as illustrated in Fig. 6.8.
Once transformed, the deformed STZ (sheared and dilated) induces
back-stresses in the surrounding region. This neighboring region will
therefore be under a somewhat increased local stress concentration to
undergo preferential activation rather than other isolated sites [219],
228 Chapter 6. Micro-mechanisms based modeling
leading to the growth of the shear zone into larger clusters. Moreover,
at low temperature, the dynamic effect of the generated local excess free-
volume due to deformation plays an important role in lowering the activ-
ation barrier and also tends to catalyze the transformation of adjacent
volume elements. At higher temperature, however, the effect is smaller
as thermal agitation provides an increasing fraction of the required activ-
ation energy. At the limit of T = Tg, the process is no longer thermally
activated since kB T becomes equal to the average barrier height. This
temperature sensitivity of the effect of free-volume explains the very high
temperature dependence of the deformation behavior of metallic glasses
with extreme shear band localization phenomena at low temperature,
whereas rather homogeneous flow is observed at higher temperature.
As more and more shear zones nucleate and grow, the probability for
them to become near neighbors increases and leads to percolating cluster
interactions where some elements eventually lose the memory of their
initial unstressed state. Eventually, when clusters begin to touch each
other, a steady-state regime sets in with statistically self-generating
structure and stationary distributed properties.
Figure 6.8: Schematic representation of local shear transforma-
tions leading to the production of inelastic strains : a) initially
when no stress is applied, random thermally activated transform-
ations can occur leading to no change of shape, b) under an applied
stress, transformations are biased leading to mechanical polarization.
Taken from [221].
In conclusion, the Argon model is not only capable of explaining the
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inelastic deformation kinetics of metallic glasses4, but also the develop-
ment of shear localization.
Analogy between metallic glasses and glassy polymers
Note that such an approach can also be applied to the case of glassy
polymers. Indeed, Argon’s model presents a lot of similarities with the
molecular theory proposed by Perez et al. [28,207,213] : from the nucle-
ation of shear micro domains (SMD) around the so-called « quasi-point
defects » associated with local density fluctuations, to the development
of viscoplastic deformation through cooperative motion and coalescence
of these anelastic SMDs, as well as the final stationary regime.
This assumption of micro-mechanical deformation scenario was further
strengthened by the deformation calorimetry results of Oleinik et al.
[29, 135, 136]. Before addressing those, the definitions of each type of
strain contributions, as defined by Argon and Shi in [219] and similarly
used by Oleinik [29], are recalled :
• inelastic strains refer to all deformations that are not in the nature
of an elastic response.
• the fraction of inelastic strains that can be potentially recoverable
upon removal of the stress, is referred to as anelastic (also called
delayed elasticity).
• the other fraction of inelastic strains that cannot be recovered upon
stress removal or temperature elevation is eventually referred as
visco-plastic.
Oleynik et al. plotted the evolution of the different strain contributions
by relating them to the total work dissipation (curve 1 - inel), the heat
(curve 2 - vp) and the change in internal energy of the system (curve
3 - an) during deformation, as shown in Fig. 6.9. The authors sug-
gested that plasticity mechanisms in glassy polymers originated from
4with quantitative prediction of viscoplastic strain-rate, even though not presented
here.
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the nucleation and growth of anelastic plastic shear defect (PSD - ana-
log to the SMD of Perez) carrying local molecular deformation. When
these PSDs are numerous enough or large enough to interact with one
another, they can annihilate their line energy and produce larger local
visco-plastic zones. PSDs can thus be seen as an intermediate “activ-
ated” state that upon coalescence gives rise to real plastic deformation.
Macroscopic plastic flow is achieved when PSD generation reaches a
stationary regime, balanced between nucleation of new defects to ac-
commodate further deformation and annihilation of neighboring PSDs
into more “stable” plastic zones, as illustrated by the evolution of curve
2 and 3, in Fig. 6.9. Such results were confirmed for various polymer
systems, including a crosslinked epoxy-amine resin [29].
Figure 6.9: Using the first law of thermodynamics, Oleinik relates
the dissipated work to the total inelastic strain ineltot (1), the heat of
deformation to the viscoplastic contribution vp (2) and the change of
internal energy, as the difference between the two former quantities,
to the anelastic strain an (3). Taken from [29].
6.2.3 Modeling strategies based on Argon’s STZ representa-
tion
Argon and Bulatov [222] modeled plastic flow as a stochastic sequence
of such local inelastic shear transformations. To this end, they used a
2-D tessellation of hexagonal elements (see Fig. 6.10) coupled with a
dynamic Monte Carlo method to conduct the stochastic activation of
STZ. The authors were capable of naturally predicting the transition
from diffuse high-temperature flow to well localized low-temperature
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deformation in metallic glasses, but also claimed that their idealized
model could also be used qualitatively for all plastic solids, regardless of
their chemical composition and structural make-up.
Figure 6.10: a) Representative portion of the 2D hexagonal tessel-
lation used by Argon and Bulatov, b) the complete set of six possible
plastic transformations, c) illustration of the transient dilated activ-
ated state of plastic transformation zone. Taken from [222].
These mesoscopic numerical simulations present the advantage of reach-
ing much larger length scales and for much longer time intervals than
usual MD simulations. Moreover, compared to classical constitutive mo-
lecular yield theories (see Chapter 2), the present approach fills some of
their gaps and limitations [223] :
• First, it naturally treats the identified microscopic processes as
correlated events, since the FE analysis enables to account for the
short- and long-range elastic field interactions between the shear
transformation clusters.
• Second, it accounts for the fact that the activation energy barriers
in the amorphous state are broadly distributed and vary spatially
in the material, as later suggested by Hasan and Boyce [26] for the
constitutive modeling theories.
• Third, classical molecular yield theories ignore the role of fluc-
tuations of local properties such as free-volume, elastic constants,
232 Chapter 6. Micro-mechanisms based modeling
stresses, etc ; while it can be accounted for in the present approach.
The original model of Argon was later frequently used in the metal-
lic glasses community and further developed by other authors over the
years. One noticeable advancement is due to Falk and Langer [224] pro-
posed the denomination of shear transformation zones (STZ) and while
keeping the purposely vague definition of Argon, investigated if there
was a structural signature of such regions that are proned to deform.
Through MD simulations, they related them to dynamic heterogeneities
and non-affine rearrangements which were later observed and reported
as spatially heterogeneous dynamics5 in supercooled liquids by (among
others) Ediger [225,226]. Ediger et al. [226] also stressed the important
degree of cooperativity that exists between them in the relaxation mech-
anisms. In their STZ dynamic theory [224], Falk and Langer considered
that transition rates were very sensitive to the applied stress (thus pro-
ducing a memory effect) and that STZs were a two-state-only system and
could not make repeated transformations in one direction (the system
is then considered as « jammed» ). The outputs of their theory evid-
enced the presence of a threshold stress to activate visco-plastic flow and
showed that the response of the system was history dependent (therefore
exhibiting significant Bauschinger effect). In a later work [227], they in-
sisted on the fact that STZ undergo a shear transition favorably aligned
with respect to the local stress field, giving the system a directional
memory.
More recently, Schuh and Homer [210,211] developed a mesoscale model-
ing strategy based on an improved version of Argon and Bulatov model
(FE analysis coupled with kinetic Monte Carlo method), where shear
orientation variability [210] and the explicit contribution of a local free
volume variable [211] were accounted for. One of the salient features of
their approach is to consider a STZ as a group of several (13) volume ele-
ments within the FE framework, therefore thoroughly accounting for the
short-range interaction between neighboring STZs, as they tend to share
common elements. The modeling approach developed in this chapter will
be strongly inspired from their work.
5Rates of molecular rearrangements that differ from one region of space to another.
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To conclude, as reported by Vandembroucq et al. [228], mesoscopic mod-
els are very good tools to check the main ingredients necessary to model
plasticity in amorphous material and help to bridge the gap between
MD simulations and macroscopic constitutive modeling.
6.3 A STZ-based model for thermosets
This section describes a mesoscopic modeling technique for glassy poly-
mers based on the STZ dynamics model of Schuh et al. [210, 211] and
the original work of Argon and Bulatov [222] for metallic glasses. The
description of our modeling methodology will stress both the similarities
and distinctions with these prior and inspiring works.
6.3.1 Definition of STZs at the mesoscale
To model a local inelastic activation event, we start from the idea of
Homer and Schuh to associate the shear transformation zone with an en-
semble of material elements. More precisely, we define a STZ as centered
on a single element and incorporating all neighboring elements sharing
a common node with this central element. For the case of a regular
triangular mesh, this definition corresponds to a group of 13 elements6
as illustrated in Fig. 6.11 a).
From this definition, and as shown in Fig. 6.11 b), adjacent STZs (e.g.
B and C) share common elements as each zone overlaps the other. This
representation enables to account for the close interaction that can exist
between neighboring STZs and for the fact that the activation of an
element, which physically involves an ensemble of atoms, is not restricted
to a unique STZ but to several, such as a chain segment can be involved
in different crankshafts, dihedral flips, kinks or twists.
6In an irregular triangular mesh, the number can vary from 9 to 16.
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Figure 6.11: a) Representation of STZ definition in a triangular
lattice, b) illustration of potential STZs, denoted A, B and C, in a
triangular irregular mesh. Taken from [210].
6.3.2 Local deformation of a STZ
The activation of a STZ is implemented as the application of an ei-
genstrain ∗ to its group of constituting elements within a surrounding
elastic medium. The stress in the STZ, defined as the volume-average
over the elements composing the STZ 〈σij〉STZ , will therefore change
with the following constitutive relationship :
〈σij〉STZ = Cijkl (〈kl〉STZ − ∗) (6.1)
while the neighboring elements of the STZ will be constrained in order
to accommodate the applied eigenstrain.
Physically speaking, the associated inelastic deformation mechanism is
conceptually represented in Fig. 6.12. We consider that a selected STZ
endures a pure shear shape distorsion γ∗0 with a temporary hydrostatic
dilation ∗h. The pure shear deformation is always applied in the local
maximum shear-plane : in practice, from the average local stress state
of the STZ σ<STZ>ij , the maximum principal stresses (σI , σII , σIII) and
directions (~xI , ~xII , ~xIII) are computed as the solution of an eigenvalues
problem, enabling to apply a pure shear strain γ∗0 in the maximum shear
plane (~xI , ~xIII). A hydrostatic strain ∗h is superimposed to represent
the local generation of excess of free-volume ∆f+v . As indicated in Fig.
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6.12, this hydrostatic strain progressively vanishes with time, as long as
the STZ is not activated again.
t → +∞ 
0 
1* 
1 
Figure 6.12: Schematic illustration of a STZ shear and dilation
deformation mechanism : 0 - undeformed state, 1∗ - activated state
with temporary dilation (dashed arrows), 1 - final deformed sheared
state, where temporary hydrostatic deformation decreases with time
(dotted arrows) due to free-volume diffusive rearrangements.
The shear-dilation deformation is expressed in the macroscopic reference
system (~e1, ~e2) for a 2-D representation as : 1122
γ12
 =

1
2γ
∗
0 sin(2ω) + ∗h
−12γ∗0 sin(2ω) + ∗h
γ∗0 cos(2ω)
 (6.2)
where ω is the rotation angle between the reference system (~e1, ~e2) and
the maximum principal stress system (σI , σII).
In contrast with metallic glasses that exhibit no hardening at large
strains, due to the molecular nature and the existence of physical and
chemical crosslinks, a model of crosslinked polymers should account for
a maximum extension ratio of the chain segments within a given STZ.
Indeed, the chain segment between two crosslinks can only activate a
finite number of times before being fully extended, as illustrated in Fig.
6.13. Hence, once the polymer chains are locally fully aligned, the corres-
ponding STZ will thus behave elastically again as it cannot be deformed
plastically anymore.
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Figure 6.13: Computer simulation of the simple shearing of a chain
segment constituted by four rigid units (0.7 [nm] long) with valence
angles of 112◦. Taken from [125].
6.3.3 Stochastic activation of STZs
A) Thermally-activated mechanism
The activation of a shear transformation is considered as a thermo-
mechanically activated event. Based on Eyring transition of state theory,
the STZ activation rate s˙act can thus be written as :
s˙act = ν0 exp
(
−(∆F − σ γ
∗
0 Ω0)
kb T
)
[1/s] (6.3)
where ν0 is the attempt frequency, ∆F is the activation energy barrier,
σ is the local Von Mises stress, γ∗0 is the STZ shear strain, Ω0 is the
activation volume, kb is the Boltzman constant and T is the absolute
temperature. The colored variables are parameters to be defined, either
experimentally or by fitting procedure.
B) Activation procedure : TDMC method
The STZ activation procedure, i.e. the selection of which STZs will
transform during a given simulation increment, is addressed hereafter.
Bulatov et al. [222] and Schuh et al. [210, 211] used a kinetic Monte-
Carlo (KMC) method. In contrast with classical Monte-Carlo methods,
also called Metropolis Monte-Carlo, typically used to study systems at
equilibrium, a KMC approach is used to describe dynamic phenomena
based on the description of the rates of all processes involved, s˙i, as a
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function of the energy barrier between these states ∆Fm−n [230,231].
s˙i = f(∆Fm−n) (6.4)
The main advantage is that KMC allows to reach the time domain and
defines a relationship between Monte-Carlo time and the real experi-
mental time [230, 232]. Once the rates of all allowed processes s˙i are
known and combined to obtain the total rate s˙tot, the time associated to
the single randomly chosen transition process ∆tprocess can be related to
the reciprocal of the total rate, as done in the case of Bulatov et al. [222]
and Schuh et al. [210,211] models.
∆tprocess ≈ 1
s˙tot
= 1
ΣNi=1s˙i
(6.5)
However, this approach does not allow to consider loading conditions
with a constant applied strain rate, as the time associated to a STZ
activation cannot be known in advance.
Therefore, in the present work, we chose to use a different time depend-
ent Monte-Carlo method, developed by Dawnkaski et al. [232], where
a single constant time step ∆tstep that is less than the duration of the
fastest process7 must be selected.
∆tstep  1
s˙j
, where s˙j = max(∀Ni=1 s˙i) (6.6)
As the probability of a process to occur within a specified time step is
simply the product of the time step and the rate of the process (Pi =
∆tstep s˙i), the probabilities of all considered processes are thus between
0 and 1. Nonetheless, a process can take place only if its probability is
less than a uniformly sampled random number between 0 and 1. In our
case, the activation of a STZ is thus given by the following condition :
if ξi ≥ Pstzi = ∆tinc s˙acti , then STZi is activated (6.7)
7The maximum limit is defined as the time with which the acceptance probability
of the fastest process is about 0.5 [232].
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where ξi is a random number uniformly distributed between 0 and 1,
∆tinc is the time interval of a simulation increment and s˙acti is the
activation rate of the ith STZ, as defined in previous subsection.
In contrast with the model of Schuh et al. [210, 211] in which only one
STZ could be activated per simulation increment; in our case, multiple
activation or no activation can occur during a single time step. Nev-
ertheless, this freedom in terms of time increment choice, must still be
performed in the limits of the above mentioned assumption regarding
the time of the fastest rate process. Sanity checks were therefore per-
formed by reducing the time step and checking for convergence of the
model for a given set of loading conditions.
Another distinction with the case of metallic glasses STZ-based model-
ing is the fact that the hardening response through network extension
and locking has to be accounted for in the case of glassy polymers. As
described in the previous section, a given chain segment has only a fi-
nite extension ratio in a given deformation direction, as illustrated by
G’Sell in Fig. 6.13. Therefore, to account for the hardening response,
a maximum number of successive activations of an element in one load-
ing direction has been set up through the MaxAct parameter. Once
a given STZ element will have successively activated MaxAct times in
one direction, the following activation in the same direction will not be
considered, unless a reverse activation has occurred in between.
C) Model parameters
Here is an overview of all the model parameters and a description of
their physical meaning and identified value :
• ν0 [Hz] ≡ νD K1 is the rate pre-factor. Initially related to the num-
ber of thermal vibration attempts through the Debye frequency
(νD = 1.01932.1012 [Hz]) which was used as a “first guess” value,
it must be multiplied by a fitting parameter K1 for the working
efficiency of the time-dependent Monte-Carlo (TDMC) method.
Indeed, depending on the chosen time step ∆tstep of the simulated
experiment, ν0 is tuned to ensure a probability of activation Pstz
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sufficiently high (≈ 10−3) to actually observe an effect. Currently,
our value for the parameter K1 is arbitrary fixed to 1.1048[−], due
to a (poor) choice of very short simulation time-scale.
• Ω0 [m3] ≡ Ω∗ K2 is the apparent activation volume. Initially re-
lated to the measured activation volume determined by an Eyring
fit on experimental yield stresses (cfr. Chapter 4), it has been
multiplied by a fitting parameter K2 so that the influence of local
stress is important enough to easily induce shear band formation
or percolation. Currently, the chosen values are the following :
Ω∗ = 1.8 10−27[m3] and K2 = 8 [−].
• ∆F [J ] is the energetic activation barrier that needs to be over-
come to activate a STZ without the help of a mechanical contri-
bution (stress) at a given temperature T . We choose to directly
set this value to the experimental activation energy obtained from
yield stress rate and temperature dependence modeled through
an Eyring fit ∆GU (cfr. Chapter 4). In the case of RTM6, the
value is equal to ∆GU = 2.86 105[J/mol] which gives ∆F =
4.7493 10−19[J ]. It should thus be considered as a material para-
meter.
Schuh et al. [210,211] and Bulatov et al. [222], both use an analyt-
ical expression for ∆F developed by Argon [209] as a function of
material elastic constants (E, ν) and based on the proposed shear
and dilation deformation micro-mechanisms.
However, as discussed earlier, the effect of local excess of free-
volume fv can facilitate the activation of a STZ by reducing the
activation energy barrier. We thus follow the approach of Schuh
et al. in [211] where an internal variable fv is attributed to each
element and can vary between 0 and 1, corresponding to non or
a large amount of local excess of free-volume, respectively. This
local amount of free volume can either be increased through the
deformation of a STZ by an amount of ∆f+v = ∗h(1 − fv), or de-
creased by diffusive rearrangements (i.e. physical aging) modeled
as ∆f−v = ∗hfv [209]. These source and well terms account for
the fact that generation of free volume saturates progressively as
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the local amount is already important, and, on the other hand,
that free-volume can only annihilate in proportion with the ac-
tual amount present. In other words, the boundary values of fv,
namely 0 and 1, are rarely achieved. The reduction factor of the
energy barrier gSTZ is modeled by Argon [209] as :
gSTZ(fv) =
1 + α [∗h (1− fv)]2
(1 + α (∗h)2)
(6.8)
where α is a fitting parameter, but that can be fixed to 1 to ob-
tain the most significant effect of reduction, as illustrated in Fig.
6.14 a).
Figure 6.14: Graphical illustration of parametric study of energy
barrier reduction function g(fv) : a) by varying α for fixed ∗h =
0.5 [−], b) by varying ∗h for a fixed α = 1 [−].
As can be observed from the parametric study in Fig. 6.14, the
largest reduction factor that can be obtained when the gSTZ func-
tion is 0.5 (for a maximum local amount of fv = 1, with α = ∗h =
1[−]), therefore not totally suppressing the activation as physically
expected. In his model for ∆F , Argon [209] specifies that only a
part of the activation barrier can be reduced by the effect of free-
volume (e.g. the part related to energy required for the transient
dilation of the activated state), and therefore applies the reduction
function gSTZ to the corresponding fraction of ∆F only. In the
present case, following the idea of Argon and accounting for the
fact that physical aging (and thus prior-mechanical history) has
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a rather small effect on the mechanical behavior of RTM6 [176],
we choose to apply such a reduction function to only a small part
(1/5) of the total energy barrier. The final expression of the ac-
tivation energy barrier as a function of the local amount of excess
free-volume is thus given by :
∆F (fv) = ∆F0
(4
5 +
1
5 gSTZ(fv)
)
(6.9)
where ∆F0 is the activation barrier obtained experimentally.
• γ∗0 [−] and ∗h [−] are the shear and hydrostatic component of the
eigenstrain associated with the STZ activation. Argon proposes an
identification based on MD simulations results, giving [204, 229]
an average local shear strain around γ∗0 ≈ 0.015 − 0.02 [−] and
an equivalent dilation strain ∗h for the case of various polymers.
On the other hand, G’sell [125] claims that crankshaft mechanism
can lead to strains up to 200%, and that despite the presence
of crosslinks, important deformation occurs between the chemical
crosslink points.
In the case of metallic glasses, Schuh et al. [210, 211] use val-
ues of γ∗0 = 0.1 [−] and ∗h = 0.5 [−] for Vitreloy 1, which partly
contradicts the measurements of Argon and Kuo [221] reporting
for five different metallic glasses values around γ∗0 = 0.1 [−] and
∗h = 0.05 [−]; on the other hand, Bulatov et al. [222] chose the
arbitrary values γ∗0 = 0.289 [−] and ∗h = 0.135 [−] for their case
study.
In the present case, as no real consensus is found in the literature,
the respective values are chosen arbitrarily in the typical range
found in the literature as equal to γ∗0 = 0.35 [−] and ∗h = 0.05 [−].
• T [K] is the absolute temperature at which the material is de-
formed and is set to room temperature T = 293.15 [K]. Typ-
ically, the simulations are considered as isothermal deformation
step [210], otherwise the temperature dependence of previous para-
meters should also be accounted for.
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• MaxAct enables to express the locking effect of the network on
the stress-strain response (hardening), by limiting the number of
successive activations of an element in a given loading direction.
It is currently set to a value of 3, which correspond to a maximum
shear extension of γ = 3γ∗0 ≈ 1, 05 [−], which is of the good order
of magnitude, as regard to MD simulation results, even though not
very large.
6.3.4 Implementation within the Abaqus software
The present STZ dynamic modeling approach was implemented in the
commercial general purpose finite element software Abaqus [124] via
the use of several of its user subroutines. The FE solver was used to
determine the stress and strain fields as well as the evolution of some
user-defined state variables (e.g. local excess of free-volume) for each
KMC increment.
Rectangular 2-D FE meshes were generated using the software Gmsh
with different levels of mesh refinement. Plane-strain quadratic trian-
gular elements (CPE6) were employed, and potential STZs were iden-
tified as ensembles defined by a center element and all the neighbors
elements that share its nodes, in average groups of 13-elements. Homer
and Schuh [210] validated the geometry of such STZ mapping, showing
that the 13-element STZ gave a reasonable compromise between solu-
tion accuracy and computational speed, as compared to the reference
solution of an Eshelby problem. The 2-D mesh, used for most of the
simulations performed in this work, contains 1909 elements, and thus
1909 associated STZs.
For all the simulations of the results section of this chapter, the fol-
lowing boundary conditions were applied : the bottom line was fixed
along the y-direction (see Fig. 6.15), the left edge was fixed along the
x-direction, compression and tension loading were applied by prescribing
the displacement of the top edge along the y-direction, while the right
lateral edge was kinematically constrained to remain straight, in order
to account for a relative confinement effect similar to what the mater-
ial endures while being compressed in axisymmetric conditions. These
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boundary conditions, as well as an example mesh, are represented in
Fig. 6.15.
Figure 6.15: 2-D FE mesh with plane-strain quadratic triangular
elements (CPE6) generated with Gmsh software. The dimensions
of the mesh are 2.2 [mm] in height and 1 [mm] in width. Boundary
conditions are directly illustrated on the mesh.
The working principle, i.e. the sequence of interactions between the
different user subroutines8 during the FE solving procedure, is illustrated
in the flowchart diagram in Fig. 6.16 and described here-below.
8The source code of the different implemented subroutines can be found in Ap-
pendix C.
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Figure 6.16: Flowchart of our STZ based model implemented in
Abaqus, through the use of several user-defined subroutines.
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The simulation starts by defining a .INP file which sets the mesh geo-
metry and defines the boundary conditions.
From this .INP file, a Matlab script produces a text-file containing a
table listing the elements of each STZ of the mesh.
SDVINI is a user subroutine that is called only once before the first
increment of the simulation. In our case, we use it to define the constant
variables of the calculation such as the temperature, the shear modulus,
the eigenstrain associated to STZ transformation and the value of time
increment defined in the .INP file. The table listing the STZ’s elements
as well as a list of uniformly distributed random numbers generated by
Matlab are also imported and stored as variables.
The simulation is started and the boundary conditions are applied to
the mesh that deforms and therefore calls the user material subroutine,
UMAT, that characterizes the pseudo-elastic-plastic behavior of each ele-
ment. During each increment, the UMAT is called by every integration
point of the mesh. Each time, the subroutine checks wether or not the
corresponding element is part of the current set of activated STZs. If
it is the case, the element is deformed by the eigenstrain or aged ac-
cordingly, otherwise it continues to behave elastically. In each element,
the internal variable of free-volume is updated as well as the number of
activations in a given loading direction.
At the end of each increment, URDFIL subroutine is called and accesses
the results of the simulation during calculation. Therefore, URDFIL cal-
culates after each increment the stress state, volume and local amount of
free-volume for each STZ. It ends by calling the time-dependent Monte-
Carlo method subroutine.
The TDMC user-defined subroutine is the Monte-Carlo method imple-
mented in FORTRAN which selects the set of activated STZs. From
the data obtained via URDFIL, the activation rate of each STZ can be
computed and the corresponding activation probability is tested with a
new random number. If the STZ is selected, a second probability test is
applied in order to evaluate if the STZ will either deform or age. In both
cases, the information is stored and transmitted to the UMAT. Note that
if an element has been successively activated too many times compared
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to the MaxAct parameter, it is simply taken out of the list of activated
elements.
This cycle is repeated for each increment of the simulation until it reaches
its end.
6.4 Model validation
In this section, we will confirm and validate that the model behaves as
is physically expected on the basis of the underlying micro-mechanical
ingredients on which it was built.
Simulations were first performed on coarse meshes, involving only a few
elements, such as the one illustrated in Fig. 6.17 a), and with a simplified
definition of a STZ associated to a single element. These calculations
allow getting a sense for the effect of the transformation of the STZ
on the stress redistribution. Two successive activations of the central
Figure 6.17: a) Coarse square mesh with 11 triangular elements, b)
Stress evolution with applied strain in each of the identified elements.
L stands for LEFT, R for RIGHT, U for UP and C for CENTER,
while ALL corresponds to the averaged response of the mesh.
element (noted C) are forced (indicated by the arrows) while the entire
mesh is subjected to uniaxial tensile loading. In this 2D plane strain
mesh, the loading is applied through a displacement of the upper face,
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while the lateral faces are kept free. The variation of the stress in the
tensile direction in each element, shown in Fig. 6.17 b), confirms that
the application of the eigenstrain reduces the magnitude of the stress in
the activated element while the stress level in the neighboring element
increases in order to accommodate the imposed deformation. These
neighboring elements will thus be more prone to activation, while the
activated element will be unlikely to re-activate soon after. Such be-
havior is indeed the one expected from the physical picture originally
described at the beginning of previous section, as it accounts for the
close cooperativity between neighboring STZs and models the progress-
ive increase of the activated zones that can lead to the formation of a
shear band. Of course, the neighboring elements might have a low prob-
ability of transformation and a high activation barrier due to specific
molecular configuration. In that case, even if the stress is high, they
might not be activated. This raises the issue of percolation.
Figure 6.18: Illustration of the relation between the activation of
an element (illustrated here by the associated increase of local free-
volume variable fv) and the evolution of the macroscopic stress.
Morevover, when a given stress level is reached, there is enough mech-
anical energy in the system to regularly produce STZ transformations.
A plastic flow, therefore, sets in at constant stress level as shown in Fig.
6.18. For such a coarse mesh, few activations (1 to 3) are required to
induce a macroscopic stress drop, while in the case of a more refined
mesh the collective activation of a group of STZs (10 to 20, depending
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on the mesh size) is needed to lead to a significant stress drop.
The two flow regimes observed by Schuh et al. and by Bulatov et al. for
high and low temperatures, are also captured by the model. Indeed, an
important random nucleation of activated sites occurs at high temper-
ature leading to a more homogeneous stress distribution (see Fig. 6.19
b), whereas, at low temperature, the few activation sites give rises to
important stress heterogeneities, therefore triggering shear band local-
ization process, as shown in Fig. 6.19 a).
Figure 6.19: Effect of temperature on the activation of STZs at
the same level of applied deformation : a) heterogeneous correlated
nucleation of few activated STZs at low temperature, while b) more
homogeneous and uncorrelated nucleation of numerous STZs is ob-
served at high temperature. Both plastic strain (left - also related to
the local free-volume variable) and Von Mises stress (right) distri-
butions are shown for each condition.
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Fig. 6.19 a) clearly illustrates the stress concentration developing between
two activated STZs which promote further activation along 45◦-orientation
bands, eventually leading to the formation of mature localized shear
bands as shown in Fig. 6.20. Moreover, the model confirms that differ-
ent factors can cause or favor the formation of such stress heterogeneity.
Initial fluctuations of the stress field (due to curing residual stresses),
the local stiffness of the molecular network (as observed by AFM) or the
local amount of free-volume9 will affect the transformation probability
of the potential STZs in the material.
Figure 6.20: Illustration of localization process stages through shear
band formation at ±45◦ under plane strain tension. The average
level of deformation is indicated below the FE meshes, while the local
free-volume is represented graphically, the level of local deformation
in the final shear band corresponding to more than 4 successive ac-
tivations is above loc ≥ 1.5 [−].
9With another set of parameters than the one defined previously.
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A last assessment concerns the statistics of the model response with
regard to : (i) different stochastic activation sequences, (ii) simulation
parameters such as imposed time-step or mesh size.
i) time-step
Fig. 6.21 a) shows the impact of the choice of imposed time-step on the
stress-strain model response for a given set of parameters. As expec-
ted, the smaller the time-step the smoother the stress-strain prediction
(in the sense of less intermittent response). Moreover, in terms of con-
vergence, Fig. 6.21 b) confirms that a reduced time-step will not only
enable a smaller standard deviation of the prediction, but it will also
accelerate the convergence rate, as the converged value and final stand-
ard deviation are reached after a smaller number of simulations. On the
other hand, increasing too much the time-step to reduce the computa-
tional time is a risky business, as the predictions will not only show more
scatter, but might even diverge from the actual converged response, as
shown for a ∆tinc of 5 [s] in Fig. 6.21 b).
a) b) 
Figure 6.21: Effect of imposed time-step on the model predictions :
a) stress-strain curve illustrating one example for 3 different time-
steps, b) convergence analysis on the yield stress prediction of the
model as function of the number of performed simulations for the 3
imposed time-steps. The dashed grey line on the stress-strain graph
shows the deformation at which yield stresses were sampled.
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ii) Ratio of mesh size/sample width
To study the effect of mesh size/sample width ratio on the model re-
sponse, three different meshes were generated with the following dimen-
sions : 2.2∗0.5 [mm] (small), 2.2∗1 [mm] (reference size) and 2.2∗2 [mm]
(big) respectively, but with a same level of refinement. Indeed, as the
size of mesh elements determines not only the STZ size but also influ-
ences the average interaction distance between STZs, changing the mesh
refinement changes the “problem” description and will therefore lead to
a completely different prediction. This characteristic of the modeling ap-
proach is inherent from the topological description on which it is based
on.
a) b) 
Figure 6.22: Effect of mesh size on the model predictions : a) stress-
strain curve illustrating one example for 3 different mesh size, b)
convergence analysis on the yield stress prediction of the model as
function of the number of performed simulations for the 3 different
mesh sizes. The dashed grey line on the stress-strain graph shows
the deformation at which yield stresses were sampled. The number
of elements of each mesh size are the following : small - 2634 elts,
reference - 5532 elts, big - 11070 elts.
Nonetheless, convergence analysis could still be performed by increasing
or decreasing the mesh dimensions, and therefore changing the associ-
ated RVE. As expected, Fig. 6.22 a) and b) confirm that a larger mesh
(and thus RVE) will tend to smooth the stress-strain response, signi-
ficantly reducing the standard deviation and will accelerate the conver-
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gence of the model response. Moreover, it can be noted that the three
mesh sizes indeed tend to a same average converged model prediction for
the yield stress, which is achieved by percolation of partial shear bands
over the simulated sample.
6.5 Results and discussion
The STZ stochastic model is tested for most of the loading conditions
applied experimentally on RTM6, from monotonic loading to cyclic load-
ing as well as creep and relaxation tests. The goal is to assess whether
the model qualitatively captures the expected trends. At this stage the
parameters of the model have been selected without any fine tuning or
inverse identification on the experimental data.
6.5.1 Large strain hardening law
Fig. 6.23 a) shows that stress-strain curves with plastic yielding, strain
softening and rehardening are captured by the model for a monotonic
loading. As illustrated by the slight difference between Fig. 6.23 a)
and b), whatever the stochastic sequence, these features remain as an
intrinsic signature of the model response.
Moreover, by varying the MaxAct parameter described above10, the
effect of different level of crosslinking density can be accounted for, as
illustrated in Fig. 6.23 b). These responses are in good qualitative
agreement with the experimental results on RTM6 (see Appendix B
describing the effect of curing degree on the mechanical properties of
RTM6) showing a more pronounced softening stress drop and later re-
hardening, if any, when the crosslinking density is reduced.
10Referring to the maximum number of successive transformations in a given load-
ing direction before being locked by the chemical network.
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a) b) 
Figure 6.23: Monotonic tensile loading under constant displacement
rate. a) The stress-strain response exhibits plastic yielding, strain
softening and re-hardening, b) effect of crosslinking degree was as-
sessed by varying MaxAct parameter.
6.5.2 Rate- and temperature-dependence of the yield stress
Fig. 6.24 a) and b) respectively show the effects of strain rate and tem-
perature on the yield stress. Expected increase of the yield stress with
increasing strain rate and decreasing temperature are indeed qualitat-
ively captured by the model. However, the yield is much sharper than
a) b) T1<T2<T3 
Figure 6.24: Illustration of a) rate- and b) temperature dependence
of the predicted yield stress.
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observed experimentally. This can be improved by performing simula-
tions with larger mesh width or smaller time-step, as previously shown
in Fig. 6.22.
a) b) 
ἐ2 
ἐ1 ἐ2 > ἐ1 ἐ2 ἐ1 
ἐ1 
ἐ1 
ἐ2 
ἐ2 
Figure 6.25: Predictions of the effect of jumps of strain-rate in
terms of : a) stress-strain response, b) strain evolution as a function
of time. The black dashed and the green dotted-dashed lines identify
the lower ˙1 and higher rate ˙2, respectively.
Fig. 6.25 shows the results of simulations involving strain rate jump
tests. Qualitative effects are captured by the presence of different stress
levels for each identified strain-rate (see Fig. 6.25 a)), as well as the
difference in strain evolution slope with time, as shown in Fig. 6.25 b).
However, the present predictions are too poor to capture the transient
responses discussed in Chapter 5 and reported by G’Sell [10].
6.5.3 Back-stress upon unloading and response to cyclic load-
ing
The large kinematic hardening observed upon unloading and character-
ized in Chapter 5 was one of the main motivation for looking at a STZ
based model rich enough in terms of stress heterogeneity to capture large
back stresses.
Both stress-strain curves in Fig. 6.26 show that a strong non-linear be-
havior is indeed predicted upon unloading, following the same evolution
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with total applied strain as experimentally, i.e. similar non-linearity ex-
cept for pre-yield unloading. From Fig. 6.26 b), it can stated that most
a) b) 
Figure 6.26: Illustration of the predicted kinematic hardening upon
unloading : a) over the entire range of strains, b) zoom on back-
stress for a timely refined simulation. Dashed lines represent the
elastic modulus slope.
of the unloading non-linearity is actually due to a delayed memory ef-
fect. Indeed, at the early stages of unloading, due to the important stress
heterogeneity background, the material does not immediately respond
to the reversal of the loading direction (at least not until most of the
stress field has been significantly reduced) therefore pursuing inelastic
forward transformation11 at the beginning of the unloading. This sort of
forward creep contribution during slow unloading was indeed reported
experimentally in Chapter 5.
Furthermore, the predicted cyclic behavior, illustrated in Fig. 6.27, is
in good agreement with the experimental results, as the reloaded curve
goes below the loading curve, illustrating the observed cyclic softening
(i.e. mechanical rejuvenation) effect discussed in Chapter 5. Moreover,
fully-reversed loadings were performed (see Fig. 6.28) with the model,
giving a response in line with the approximated cubic compression test
performed in Chapter 5. Fig. 6.28 a) also highlights that if unloading is
11An interesting information provided by this modeling approach is its capacity
to enumerate and compare the population of forward and backward transformations
events.
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performed before plastic yielding, the yield overstress is conserved when
loading in the reverse direction; while otherwise mechanical rejuvenation
erases the overstress and the associated softening upon reloading.
a) b) 
Figure 6.27: Prediction for large strain cyclic tests : a) overall
response exhibiting strong hysteresis, b) zoom on the reloading part
showing cyclic softening.
a) b) 
tension 
compression 
Figure 6.28: Predictions under fully reversed loading : a) for differ-
ent initial applied strains app, b) comparison between tension (up-
ward triangle) and compression (downward triangle).
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6.5.4 Creep and relaxation responses
Fig. 6.29 shows the simulation results for pre-yield creep tests in terms
of total strain evolution with time (Fig. 6.29 a)), and the progressive
decrease of stress with time when maintaining a given level of strain (Fig.
6.29 b). This confirms that the model qualitatively accounts for the
expected viscous response of the epoxy resin, observed experimentally
and studied in Chapter 5.
a) b) 
Figure 6.29: Prediction of : a) pre-yield creep tests in terms of
the variation of the total deformation with time, b) stress relaxation
tests.
Moreover, as shown in Fig. 6.30, the increase of creep viscoplastic re-
sponse with applied load for pre-yield tests (curves 1 to 3) is correctly
accounted for, as well as the reduced creep capacity for post-yield tests
(curve 4). Nonetheless, it must be noted that the variation in magnitude
between the different viscoplastic responses is less significant than ob-
served experimentally (cfr. Chapter 5). This observation might be ex-
plained by the important fluctuations of the stress response that must
certainly affect the associated viscoplastic flow.
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a) b) 
1 1
2
2
3
3
4
4
Figure 6.30: Prediction of the creep response for pre- and post-
yield tests in terms of : a) stress-strain curves, b) the variation of
visco-plastic creep strain vpcreep as a function of time.
6.5.5 Recovery after unloading
FE simulations were conducted with force controlled boundary condi-
tions, in order to perform recovery tests at zero applied stress. The pre-
dicted stress-strain response, as well as the total strain evolution during
the test are represented in Fig. 6.31 a) and b), respectively. The model
not only captures recovery at zero applied stress, but it also accounts
for the progressive saturation of this recovery process, as illustrated in
Fig. 6.31 b).
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a) b) 
start of the 
recovery step 
Figure 6.31: Prediction of the recovery kinetics : a) stress-strain
curve, b) strain evolution as a function of time. Note that this
simulation was performed with force-controlled boundary conditions.
6.5.6 Rate-reversal phenomena at intermediate level of un-
loading
Fig. 6.32 illustrates the model predictions for the case of creep tests
at intermediate level of unloading, correctly showing the progressive
transition from forward creep to backward recovery when decreasing
the stress level, even exhibiting a case of rate-reversal phenomena on a
single creep test. On the other hand, Fig. 6.33 addresses the case of
relaxation tests at intermediate level of unloading, where rate-reversal
phenomena are also predicted.
In both cases, the model successfully captures the presence rate-reversal
phenomena. Moreover, it correctly accounts for the fact that, during
a rate-reversal test, recovery is the fastest process to occur, later out-
matched by forward creep, as observed experimentally (cfr. Chapter
5). Such behavior could be again related to a dynamic delayed memory
effect, even though the interpretation in the present case is less straight
forward than for the pure kinematic hardening addressed in Section 6.5.3.
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forward + 
backward - 
a) b) 
Figure 6.32: Rate-reversal creep predictions by the model at inter-
mediate level of unloading : a) stress-strain curve, b) visco-plastic
strain evolution as a function of time. Note that these simulations
were performed with force-controlled boundary conditions.
Figure 6.33: Rate-reversal stress-relaxation response upon inter-
mediate level of unloading. Numbered dashed arrows indicate time
chronology of the rate-reversal phenomena.
6.5.7 Physical aging effect on yield stress
Although the case of RTM6 epoxy does not exhibit important effects
of physical aging on his stress-strain response [176], the model is rich
enough to take it into account by varying the initial free-volume content
of the mesh.
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6.6 Conclusion
Based on a relatively simple micro-mechanical assumption of heterogen-
eous shear deformation mechanisms occurring at the nanoscale and mo-
tivated through experimental measurements of properties fluctuations
observed by quantitative AFM, all the intrinsic deformation features
observed in the case of RTM6, and also in most glassy polymers, can be
semi-quantitatively predicted by the developed STZ dynamics modeling
approach.
This approach was inspired by and adapted from the works of Argon et
al. [209,219,222] and Schuh et al. [210,211] who originally developed this
modeling framework for the case of metallic glasses micro-mechanisms.
After highlighting the similarities between the two material classes, ori-
ginating from their common amorphous microstructural state [204], the
differences due to the molecular nature of polymers were accounted for
in a new version of a time-dependent kinetic Monte-Carlo model coupled
to a 2-D FE mesoscopic mesh. The model involves only 6 parameters
out of which three have a theoretical value. This is far much less than
the model of Chapter 4 (28 parameters) which could not predict creep
and recovery effects.
Moreover, the present model was shown to correctly predict specific
features, such as kinematic hardening upon unloading and rate-reversal
phenomena12, that are rarely predicted by the state-of-the-art constitutive
modeling theories, despite their strong experimental evidence (cfr. Chapter
5). Moreover, the developed approach has allowed to unravel the origin
of these mechanical processes as related to the effect of a delayed memory
effect brought by the dynamic interactions of local STZs and complex
stress heterogeneity phenomena. Explanation of the physical origin of
intrinsic softening is also proposed as being related to the presence of a
percolating network of inelastically activated zones, that do not always
result in macroscopic localization phenomena.
12Originating from the competition between forward plastic flow and backward
recovery deformation kinetics, as demonstrated in Chapter 5.
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At this stage, no effort was made to fine tune the parameters to get
quantitative match but there is no doubt that the quantitative agree-
ment can be very much improved, as illustrated by the promising model
predictions in Fig. 6.34.
Figure 6.34: More quantitative prediction of RTM6 stress-strain
behavior is achievable with the present STZ-based model. Dashed
line corresponds to the experimental curve, while continuous color
lines indicate 3 stochastic sequences for a more finely tuned set of
model parameters.
In conclusion, we strongly believe that the present approach has a very
strong potential for addressing other classes of glassy polymers when
looking at the excellent combination of a strong physical basis and of
reduced number of parameters.
Chapter 7
Conclusion
The initial objective of this thesis was to work along two main axis of
study : on the one hand, to determine the mechanical characterization
of the intrinsic deformation and fracture behavior of the RTM6 epoxy
resin, and, on the other hand, to provide a model that can account for, if
not all, most of the observed experimental results. In parallel, an under-
lying and more fundamental task has been to identify and understand
the micro-mechanisms responsible for the key phenomena characteriz-
ing the mechanical behavior, such as the intrinsic softening, the strong
kinematic hardening and the presence of rate-reversal phenomena.
The main achievements concerning the characterization study can be
listed as follows:
1. The large deformation stress-strain behavior of the RTM6 epoxy
resin exhibits plastic yielding followed by strain softening and then
re-hardening, with a pressure-dependent yield response. These fea-
tures are characteristic of conventional thermoplastic glassy poly-
mers behavior below their glass transition temperature (such as
for PC, PMMA or PS), therefore suggesting that the fundamental
origins of plastic flow, softening and strain-hardening are identical
in both types of polymers. The main and only difference in terms
of mechanical behavior between both polymer systems comes from
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the very brittle behavior of epoxy resins under positive triaxiality
loading, while thermoplastics can be sometimes as ductile in ten-
sion as under compressive loading.
2. The behavior of RTM6 is viscoelastic-viscoplastic, with a strong
dependence of plastic flow with rate and temperature, while the
viscoelastic contribution is rather small. Moreover, the viscoplastic
response also involves the non-linear creep response as a function
of the applied load.
3. The presence of strong kinematic hardening upon unloading is re-
ported and characterized through various cyclic tests in Chapter
5. Besides, strain recovery at zero applied stress after unloading is
also demonstrated for the RTM6 epoxy resin. Both behaviors are
assumed to be related to heterogeneous shear deformation mechan-
isms, as also suggested by the literature on glassy polymers [26,28]
and other classes of material [165,192] exhibiting similar behavior.
4. The competition between forward creep and backward recovery
gives rise to a very peculiar phenomena called rate-reversal creep,
observed at intermediate level of unloading. Furthermore, it is
shown, by determining a similar activation volume for both com-
peting inelastic deformation mechanisms, that the associated ele-
mentary micro-mechanical deformation process is identical, and re-
lated to molecular conformational motions. This observation leads
to the conclusion that such rate-reversal phenomena can only be
explained by geographical fluctuations of the local stress field, due
to heterogeneous deformation mechanisms.
These sub-micron “heterogeneities” were experimentally highlighted
at the beginning of Chapter 6 through quantitative nano-mechanical
characterization by AFM. At a higher scale, they lead to the ob-
servation of localized shear-bands by optical microscopy in RTM6.
5. The failure of RTM6 is shown to be an intrinsically brittle process
with no progressive damage mechanisms observed, whatever the
final fracture strain. Besides, a detailed fractographic analysis
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highlighted the competition between shear yielding and maximum-
principal stress driven failure.
In terms of modeling, a phenomenological elasto-viscoplastic model is
first proposed (in Chapter 4), inspired from the state-of-the-art of glassy
polymers constitutive models. A Drucker-Prager criterion is used to
model the pressure-sentitivity of yield, while the parameters of the phe-
nomenological hardening law follow an Eyring fit to account for the rate-
and temperature-dependent response. In parallel, four macroscopic fail-
ure criteria were identified against the experimental results, from which
the plastic strain at failure criterion was shown to best capture the ex-
perimental trends.
The overall model can be directly implemented in Abaqus, without the
need of user-defined material sub-routines, and is successfully assessed
against the prediction of V-notched beam shear (Iosipescu) tests, both
for the mechanical response and the predicted failure path. However,
while it requires the identification of already 28 parameters (13 of which
being directly deduced from experimental data), this model is not cap-
able of predicting creep, recovery (and thus the rate-reversal phenomena)
and the strong kinematic hardening upon unloading. These mechanisms
could perhaps be accounted for by developing a new version of the model,
but at the expense of increasing even more the number of parameters
and with no associated physical foundations.
Therefore, from the relatively simple assumption that the peculiar de-
formation mechanisms are related to heterogeneous localized shear de-
formation micro-mechanisms, a STZ based model coupled to a FE frame-
work has been developed. This modeling approach is inspired from the
original works of Argon et al. [209, 219, 222] and Schuh et al. [210, 211]
describing the micro-mechanics of metallic glasses, and has been ad-
apted to the case of crosslinked polymers by our means in Chapter 6.
While the model requires only 6 parameters, out of which three have a
theoretical value, it qualitatively captures all of the experimental trends
observed for RTM6. This strongly supports the theoretical foundations
of the approach and opens the door to extend its use to the entire class
of glassy polymers!
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Future perspectives to this work can be proposed in both axis of this
thesis.
From the characterization standpoint, three experimental tracks could
be followed to further validate the proposed micro-mechanical model
of deformation and reinforced the physical meaning of its parameters.
First, the use of Positron Annihilation Lifetime Spectroscopy (PALS)
would allow the characterization of the size and distribution of free-
volume sites inside RTM6. Second, the monitoring of an in-situ deforma-
tion test under AFM could not only enable the close observation of shear
band formation and propagation, it would also allow to quantitatively
measure the differences of properties and property fluctuations between
a localized band and the almost-undeformed matrix. Third, performing
complex loading paths involving a mixed torsion-compression (possibly
cyclic) loading, would provide a final arbitrary loading condition on
which the STZ based model could be fully validated.
Moreover, coming back to the original context of composites multi-scale
modeling strategy, the recent production [176] of carbon-fibre UD spe-
cimens with RTM6 as the matrix material, enables the characterization
of a first scale composite. Such characterization would not only permit
confirmation of the matrix response influence over the composite be-
havior under transverse compression, it would also allow the validation
of a first use of the developed phenomenological model in multi-scale
modeling of composites.
As for the STZ-based model, besides extending the model to a 3D FE
framework prediction, the statistical study of the evolution of forward
and backward transformation populations would certainly enlighten the
details of the micro-mechanism responsible for the above mentioned pe-
culiar mechanical processes reported for RTM6. It would be also inter-
esting to apply such modeling approach to another epoxy resin system
or even another amorphous thermoplastic grade. Moreover, using the
key learnings of STZ modeling, a new type of constitutive model could
be developed to account, in a simpler way than currently done in the
literature [96–98], for the effects of creep, recovery, rate-reversal and
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kinematic hardening. For instance, this could be performed by incor-
porating and accounting for both the effect of forward and backward
viscoplastic flows, each one with its own reference state.
Eventually, if quantitative predictions can be indeed obtained through a
careful identification procedure of the STZ-based model, then the pos-
sibilities of applications and extensions of this model are numerous and
promising, involving free-volume diffusion, temperature and chemical
evolutions, etc.

AppendixA
Activation volume
In this appendix, we shortly review the concept of activation volume in
mechanics of materials. Explanation of how it can be calculated from
equations in the most general case, i.e. from Eyring [69] expression
of thermally-activated plastic flow, will be presented. Eventually, the
procedure of how to practically determine this activation volume graph-
ically for different type of mechanical tests (creep, relaxation and jumps
of strain rate tests) performed in this work, will be described.
A.1 Concept
Activation volume concept comes from the formulation of thermally-
activated deformation process, as derived in Eq. A.1. As explained by
Argon [204], it corresponds to the volume associated to the smallest de-
formation micro-mechanism, more precisely to the product of the actual
material volume Vmat1 subjected to an elementary shear transformation
strain γ0.
˙p(σ, T ) = K exp
(
−(∆G
∗ − σΩact)
kB T
)
with Ωact = γ0 Vmat (A.1)
1To better distinguish Ωact from Vmat, the former is sometimes referred to as
apparent activation volume in the literature.
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where ˙p is the plastic strain rate, K is a pre-factor constant, σ is the
applied stress, kB is the Boltzmann constant and T the absolute tem-
perature.
What Eq. A.1 means is that the action of an external applied stress on
the considered material will reduce the activation barrier ∆G∗ to enable
macroscopic plastic flow, by an amount related to its intrinsic elementary
(shear) transformation event. The effect of temperature will also tend
to facilitate the activation of plastic flow, as part of the required energy
is provided via thermal fluctuations of the molecules.
A.2 Basic equations
As discussed in Chapter 2, RTM6 yielding behavior can be modeled as
a thermally-activated process that can be expressed in terms of Eyring
thermodynamics of viscous flow :
˙(σ, T ) = K · exp
(
−(∆G
∗ − σΩ)
kB T
)
where K is a constant pre-factor and Ω is the activation volume.
From that formula, we can put in evidence the activation volume Ω as a
function of the logarithm of true strain rate and true stress, as follows :
ln( ˙
K
) = −∆G
∗
kB T
+ σΩ
kB T
ln(˙)− ln(K) = −∆G
∗
kB T
+ σΩ
kB T
ln(˙) =
( −∆G∗
kB T
+ ln(K)
)
+ Ω
kB T
σ
Therefore, taking the derivative of the stress, the parenthesis term drops
and we can find the relation:
∂ln(˙)
∂σ
= Ω
kB T
(A.2)
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A.3 Graphical construction method
The activation volume is typically determined from experiments by tak-
ing advantage of Eq. A.2. Indeed, the logarithm of the strain rate is
plotted as function of the applied stress, and a linear regression is ap-
plied in order to obtain an expression of the slope ΩkB T , and thus of the
activation volume Ω.
If experimental data covers several temperatures, once the activation
volume is known, the activation energy barrier and the pre-factor K can
be deduced from the intercepts of the performed linear regressions with
the zero-stress axis.
This general method for determining the activation volume from graph-
ical analysis is illustrated for the case of stress relaxation and creep tests
in Fig. A.1 and A.2 respectively.
Figure A.1: Illustration of the general method for graphical determ-
ination of the activation from a stress relaxation test.
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Figure A.2: Illustration of the general method for graphical determ-
ination of the activation from a creep test.
Another technique can be used to determine the activation volume by
postulating a logarithmic evolution of plastic strain with time or true
stress with time, as proposed by Martin and Caillard in [194]. This
technique could be successfully applied to the case of stress relaxation
and recovery tests, the later being shown on Fig. A.3. However, it is not
suitable in the case of constant applied load, as both stress and strain
are significantly changing throughout the test. For this method, in the
case of a creep/recovery (stress relaxation) test, the variation of plastic
strain ∆p(t) (true stress, ∆σ(t)) is fitted with the following logarithmic
expression :
∆p(t) =
kB T
E Ω ln
(
1 + t
c
)
(for creep) (A.3)
∆σ(t) = −kB TΩ ln
(
1 + t
c
)
(for stress relaxation) (A.4)
The adjustable fit parameters are highlighted in red, with c a time con-
stant and Ω the seeked activation volume.
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Figure A.3: Illustration of the logarithmic fit method for determin-
ation of the activation in the case of a recovery test.

AppendixB
Effect of degree of curing on
mechanical properties
The aim of varying the curing degree of RTM6 was to study the influence
of crosslinking density on its thermo-mechanical behavior without prop-
erly changing the chemistry of the resin, such as performed by Edward
and Cook on a DGEBA epoxy system [61,70,233].
In this appendix, after describing the adapted curing procedure, the
effect of curing degree will be discussed in terms of physico-chemical
properties and large strain mechanical behavior. Eventually, the differ-
ence in local surface properties fluctuations will be addressed by nano-
mechanical testing through AFM.
B.1 Adapted curing procedure
The supplied mono component stoichiometric mixture is intended to al-
low reaching very high degree of crosslinking, up to 97.5% of the curing
reaction. In order to study the effect of curing on the mechanical proper-
ties, three different degrees of curing were prepared; two partially cured
resins at 70% and 80%; and one resin fully cured at 95%, as the refer-
ence system. The concept of partially cured epoxy resin is schematically
illustrated on Fig. B.1.
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Figure B.1: Schematic illustration of the different stages of curing
for an epoxy system : a) linear polymer liquid, b) partially cross-
linked gel, c) fully crosslinked thermoset. Taken from [61].
Modified curing cycles, compared to the standard program proposed by
the supplier, were developed to obtain resin samples with the desired
degree of curing. As illustrated schematically in Fig. B.2, the reference
cycle is composed of three steps: firstly, the resin is degassed for 75min
at 90◦C under vacuum; then, a proper curing step of 3h at 130◦C is
applied in an air-circulated oven; eventually followed by a post-curing
step of 3h at 180◦C to achieve maximum crosslinking of the thermoset.
All heating and cooling rates are set to 2 [◦C/min].
For partial curing, only the degassing step and the isothermal heating
step at 130◦C are maintained, with the latter being shortened to smaller
curing times. The required time to reach a given degree of curing was
estimated through the modeling of the crosslinking reaction kinetics, as
illustrated in Fig. B.3 (and previously discussed in Chapter 3). The
durations for 70% and 80% curing werere respectively, 2h 20min and 3h
of isothermal heating at 130◦C. The obtained degrees of curing were
verified afterwards with differential scanning caloritmetry (DSC) on at
least 3 specimen of each curing batch.
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Figure B.2: Schematic of standard and modified curing program,
with the three main step : degassing, curing and post-curing. (from
Bahrami et al. [168])
Figure B.3: Model of polymerization kinetics to estimate the dur-
ation required to reach a given degree of curing. (from Bahrami et
al. [168])
B.2 Physico-chemical analysis
As just mentioned, MDSC measurements were performed to validate the
actual degree of partial curing. To this end and as described in Chapter
3 on page 100, the residual enthalpy was measured, as shown in Fig. B.4,
and then compared to the full crosslinking enthalpy in order to obtain
the current degree of curing.
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Figure B.4: MDSC graphs of partially cured batches of RTM6.
These results were furthermore confirmed by the work of Moosburger
et al. [234, 235] who also studied the effect of partial curing of RTM6
on basic physical properties (i.e. glass transition temperature, density
and modulus) also accounting for the influence of physical aging. Moos-
burger et al. performed a very similar isothermal curing procedure and
reported a progressive increase of Tg with increasing degree of conver-
sion as illustrated in Fig. B.5. Besides being in agreement with our
own experiments and the predictions of our kinetic model, this result is
expected as a highly cross-linked network needs more energy to allow
main-chain segmental motion. Another important fact, highlighted by
the graph of Moosburger in Fig. B.5, is that after the so-called transition
region (where curing temperature meets the actual Tg of the partially
cured epoxy) the material is subjected to structural relaxations process
in the glassy state, i.e. physical aging.
Moreover, the authors also characterized the evolution of the material
density and modulus with the curing degree as shown in Fig. B.6 a) and
b) respectively. Both material properties are shown to decrease with
increasing degree of curing, with a slight discontinuity observed in the
transition region for density and modulus measured by nano-indentation.
Altough not identical, our experimental data (both for density and com-
pression modulus) are in agreement with this general trend. However, as
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Figure B.5: Glass transition temperatures as function of the par-
tial degree of curing for RTM6. The isothermal curing step is per-
formed at 135◦C and the data was fitted with Di Benedetto’s equa-
tion. Taken from [234]
will be discussed later, the nano-mechanical characterization by AFM
suggest on the contrary that modulus should increase with increasing
degree of curing.
Figure B.6: Effect of partial curing of RTM6 on : a) material
density, b) modulus. The lines show linear regression fits. Taken
from [234]
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The case of density evolution can be explained by the fact that the
crosslinking reaction progresses, the more and more restricted packing
of polymer chains with network formation results in a decrease of density.
However, the case of modulus is subjected to debate in consequence of
the above mentioned contradiction in experimental measurements. In
the present thesis, no practical reason can be given to explain such
contradiction in the experimental results, and we will not take a side on
which results might be biased. Moosburger et al. justified their result
by stating that density could be related to molecular structure and more
specifically to molecular weight which is known to affect the modulus.
Eventually, it worth to be noted that another difference that is directly
observed between the different level of curing in our case, is the color
of the specimens. Indeed, lower level of curing degree exhibit a lighter
and more transparent optical aspect while higher degree of curing tend
to be darker (browner) and more opaque.
B.3 Mechanical behavior
To study the effect of large strain behavior of partially cured batches,
cylindrical compression specimens with both height and diameter equal
to 12 [mm] were machined. Unfortunately, the case of 70% curing degree
was already too brittle to enable such machining from the produced test-
tubes. Therefore, only the cases of 80% and 95% cured were tested in
compression with corresponding loading-unloading stress-strain curves
shown in Fig. B.7 for a CCDR of 1 [mm/min] at room temperature.
From the pre-yield slopes in Fig. B.7, compression tests confirm a larger
Young’s modulus for a lower degree of curing, as also reported by Yamini
and Young [64]. Although the level of plastic flow (i.e. yield stress) is
very similar for both curing degree, a marked difference can be noticed
in terms of softening and rehardening behavior, confirming the effect of
a lower crosslink density as G’sell and Souahi [60] for crosslinked PMMA
or by Van Melick et al. in [35]. Indeed, the 80% cured resin shows a
much more pronounced strain softening and a smaller and delayed strain
hardening, allowing the material to reach significantly larger strains as
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Figure B.7: Compression loading-unloading tests for a CCDR of
1 [mm/min] at room temperature, for 95% and 80% of curing degree.
Stress drops at large strains for the 80% cured indicate cracking of
the specimen.
illustrated in Fig. B.7. This effect of crosslink density on softening and
hardening behavior were also virtually confirmed either by constitutive
modeling approaches [22,73,89] or by MD simulations [37,38,148]. Non-
etheless, it worth to be noted that despite this apparent gain in ductility,
many of the low cured resin samples actually break or start cracking at a
lower stress and strain than highly crosslinked ones, therefore confirming
the embrittlement trend earlier shown with 70% cured batch.
Concerning the unloading behavior, a strong kinematic hardening can
still be observed while decreasing the curing degree, but no real difference
in terms of non-linearity can be asserted.
The effect of strain rate was also studied and the behavior for 95%
and 80% cured batches are presented in Fig. B.8 a) and b) respect-
ively. Previous observations are confirmed: while the yield strenghs for
both batches are very similar and have the same rate-sentitivity (such
as reported by Edward and Cook [61] for DGEBA-based epoxies), the
softening and hardening responses strongly differ. Moreover, the appar-
ent brittleness of lower cured batch is once more confirmed as fracture
occurs earlier when the strain rate is increased, as illustrated by the
marked stress drops in Fig. B.8 b).
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Figure B.8: Effect of varying CCDR at room temperature on the
stress-strain curves of RTM6, for a curing degree of : a) 95%, b)
80%.
The influence of temperature on post yield behavior for the two curing
degree is shown on Fig. B.9 a) and b). In agreement with the literat-
ure of thermosets [35, 70], the yield stress is observed to progressively
decrease with temperature in a comparable trend for both curing de-
grees. As for the softening behavior, in both cases, a quasi-flat plateau
is observed already at 100◦C, probably reflecting a localization process
propagating through the height of the compression specimen. This in-
crease in temperature tends to delay the start of the hardening regime,
and enables to reach even larger strains. This increase of ductility is
particularly impressive in the case of 80% cured at 100◦C where the
specimen deforms up to more than 100% of true compressive strain.
A last test that was performed for both curing degrees, is 30 [s] stress
relaxations at different level of strains during loading. The resulting
stress-strain curves are shown in Fig. B.10. Again, very similar behavior
is observed and, although not sketched, the kinetics of stress relaxation
are almost identical for both 95% and 80% cured resin. The transient
behavior1 (i.e. small yielding bump) occurring just after the end of a
relaxation step is also observed in both cases.
Eventually, comparison of both pre-yield and post-yield creep responses
1A more thorough discussion of such peculiar behavior is addressed in Chapter 5.
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Figure B.9: Effect of temperature on the stress-strain curves of
RTM6, for a curing degree of : a) 95%, b) 80%.
Figure B.10: Effect of stress relaxations tests at various applied
strains for 95 % (red) and 80% (blue) cured RTM6 at room temper-
ature. Black dashed lined show the corresponding case of monotonic
loading.
for the two degrees of curing was specifically addressed in Chapter 5 and
can be found on page 180 of this manuscript.
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B.3.1 Discussion
From the stress relaxation experiments, the activation volume of each
batch could be determined. Besides the difference in crosslink dens-
ity, no difference was observed in terms of yielding behavior, therefore
it is logical to obtain very similar activation volumes for both cur-
ing degrees. Moreover, this activation volume being relatively small
(Ωact ≈ 0.5 [nm3]) and below the length scale of two crosslinks, it is thus
expected not to be influenced by the network response.
From the CCDR curves in compression, the Considère criterion can be
derived and is sketched in Fig. B.11 a) and b) for 95% and 80% curing
degree respectively. In strain-rate sensitive materials such as polymers,
Considère criterion describes the point at which deformation becomes
unstable (dσd =
σ
1+ , i.e. when n crosses the dashed red line in Fig.
B.11) and leads to inhomogeneous deformation and localization phe-
nomena. Fig. B.11 indicates the region of plastic strains where the resin
is keen to localize due to intrinsic strain softening. In both cases, it
also shows that the orientation hardening contribution is able to later
counterbalance the softening response and lead to uniform deformation
again. The main difference between the two curing degrees is the length
of softening/localization region which is much larger in the case of the
less crosslinked system as rehardening contribution is weaker and takes
more time to counterbalance the intrinsic softening.
Eventually, the criterion developed by Bowden [14, 130] to predict the
size of associated shear band system2 was also implemented and is il-
lustrated in Fig. B.12. The region of interest in Fig. B.12 is between
the two vertical asymptotes where the value of ∗ determines the type
(i.e. diffused or microscopic) of shear bands that the material will ex-
hibit. The corresponding values for 95% and 80% cured RTM6 are :
∗95% ≈ 0.026 and ∗80% = 0.012, respectively. These values suggest an in-
termediate character with diffused shearing zones and micro-shear bands
in between, it is in good agreement with macroscopic observation per-
formed on the highly crosslinked batch (cfr. Chapter 6). The case of
2cfr. Chapter 2, in Localization phenoma in amorphous polymers section on p. 39.
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Figure B.11: Illustration of Considère criterion for RTM6 cured
at: a) 95% and 80%. Experiments come from compression test at
room temperature under CCDR of 1 [mm/min]. Below the dashed
red-curve, geometric instability sets in and gives rise to localization
phenomena.
low curing degree was not observed but should exhibit a more localized
aspect with a more numerous amount of micro-shear bands.
Figure B.12: Illustration of Bowden shear band size criterion [130]
for RTM6 cured at : a) 95%, b) 80%. Experiments come from
compression tests at room temperature under CCDR of 1 [mm/min].
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B.4 Nano-mechanical characterization
In collaboration with Amir Bahrami and Pr. Bernard Nysten, a thor-
ough characterization of the three curing degrees (70% cured could also
be characterized in this case) was performed with AFM in HarmoniX
mode.
First, the possible effect of surface topography artefact was discarded,
so that the observed features could not be related to any surface irregu-
larities, such as claimed by author authors [236]. Then, a comprehens-
ive statistical analysis of the local mechanical properties, i.e. modulus,
adhesion force, energy dissipation and phase angle, enabled to highlight
that the RTM6 epoxy resin was heterogeneous in nature at the nanoscale
but with the degree of heterogeneity decreasing with increasing cross-
link density. Indeed, the different curing batches showed a transition
from multimodal to monomodal distribution of modulus measurements,
with increasing degree of curing, as illustrated in Fig. B.13 a). Further-
more, the histograms of adhesion force and energy dissipation confirmed
this trend with decreasing fluctuations, when reaching higher degree of
conversion.
The hypothesis proposed to explained such heterogeneities and bimod-
ality of modulus measurements was the coexistence of differently cured
domains due to local fluctuations in the curing kinetics. As illustrated
in Fig. B.13 b), the evolution from two peaks of modulus, let say cor-
responding to cured and partially uncured regions, progressively goes to
a unique fully cured mono-domain. Through extrapolation of the data,
the case of fully soft domain was successfully proposed to be related to
the gel point. For the full detailed study, we advise you to refer to the
corresponding publication in [168].
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Figure B.13: a) DMT modulus histograms for the different curing
degrees, the data was fitted by Gaussian functions. b) Variation
with the degree of cure of the peak values of the two populations of
modulus at around 2400 [MPa] (soft domain) and 3100 [MPa] (fully
cured domain). The contribution of each population is highlighted
via the size of the symbols and the error bars correspond to the width
of the Gaussian functions. Taken from [168].

Appendix C
STZ based model : implemented
subroutines
In this appendix, we list a copy of the user-defined subroutines that are
used in the micro-mechanical STZ-based modeling approach developed
for the prediction of RTM6 stress-strain response :
• global module defines the global variables that need to be ac-
cessed by all subroutines during the simulation;
• SDVINI subroutine is called only once before the first increment of
simulation and is used to define the constant variables of a given
simulation;
• UMAT subroutine is the user material subroutine defining the pseudo-
elastic-plastic behavior of the elements, depending on their activ-
ation or not;
• URDFIL subroutine enables to read the “.fil” result file during calcu-
lation and therefore enables to access the current stress and strain
field of the elements;
• STZkmc subroutine is the TDMC routine that enables the selection
of STZs to activate from the stress and strain field calculated via
URDFIL.
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These subroutines are implemented in Fortran and are directly com-
mented in the source code.
1
2 module g l oba l
3 !
4 ! This module i s used to t r a n s f e r a c t i va t ed STZ’ s from the
5 ! u r d f i l r ou t ine to the umat
6 ! − j a c t i s the number o f a c t i va t ed elements that belong to the ac t i va t ed
STZs
7 ! − j e l t i s an array conta in ing the numbers o f a l l the ac t i va t ed elements
8 ! − Gamma0 and Eps_h are the r e s p e c t i v e shear and hydro s ta t i c component
a s s o c i a t ed
9 ! with the e i g e n s t r a i n a c t i v a t i on o f an STZ
10 ! − DeltaT i s the f i x ed time−increment o f the s imu lat i on ( de f ined in step . inp
f i l e )
11 ! − STZ_tb i s a tabu la r conta in ing the e lements forming every STZ of the mesh
12 ! − noElm i s the t o t a l number o f e lements o f the mesh
13 ! − MxNgbr i s the maximum number o f ne ighbour ing elements around a given
14 ! element o f the mesh
15 ! − I n i tE l i s the r e f e r e n c e number o f the f i r s t element (−1)
16 ! − Se l t i s a tabu lar conta in ing the S_ii∗IVOL (4) and IVOL and fv f o r each
element
17 ! o f the mesh
18 ! − TauMax i s a vec to re conta in ing the maximum shear s t r e s s o f each element
during
19 ! the cur rent increment o f s imu la t i on
20 ! − PrvsD i s a vector conta in ing f o r each ac t i va t ed elements e i t h e r the value
1
21 ! ( product ion o f fv ) or the value 2 ( ann i h i l a t i o n o f fv )
22 ! − STZ_or i s a vector conta in ing f o r each ac t i va t ed elements the
corresponding
23 ! e i g e n s t r a i n o r i e n t a t i o n
24 ! − MainAx t r a n s l a t e s the STZ_or in to the main load ing d i r e c t i o n :
25 ! 1 ( t en s i on ) or 2 ( compress ion )
26 ! − MaxAct i s the maximum number o f s u c c e s s i v e a c t i v a t i o n s (−1) in one g ive
load ing
27 ! d i r e c t i o n (MainAx) that i s a l lowed f o r each element
28 ! − random i s a vector conta in ing the uni formly d i s t r i bu t ed random numbers (
generated
29 ! by MatLab) r equ i r ed f o r the d i f f e r e n t p i ck ing cho i c e in the code
30 ! − ind and cnt ( index and count ) are two counting i nd i c e s f o r read ing random
f i l e
31 ! − Temp, G are constant mate r i a l parameters used along the code (
r e s p e c t i v e l y
32 ! temperature and shear modulus )
33 ! − Eye i s the i d en t i t y matrix ( used f o r the e igen value problem so l v e r )
34 ! − PI i s the number pi , used f o r c a l c u l a t i o n in the code
35 ! − ComPop and TenPop are counter o f how many Compression or Tension
e i g e n s t r a i n events
36 ! have occured during l a s t increment o f s imu la t i on
37
38 i n t e g e r jact , j e l t (5532) ,STZ_tb(5532 ,15) ,noElm ,MxNgbr , In i tE l , ind , cnt ,
PrvsD (5532) ,
39 1 MainAx(5532) ,ActCnt (2 ,5532) , S t i f E l (19) ,MaxAct ,ComPop, TenPop
40 r e a l ∗8 egs t rn (4) , random(200000)
41 double p r e c i s i o n Se l t (5532 ,6) ,Temp,G, Eye (3 ,3 ) ,STZ_or(5532) ,
42 1 PI ,Gamma0, Eps_h ,TauMax(5532) , DeltaT
43
44 end module g l oba l
Listing C.1: global_module.f
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1 ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! !
2 ! !
3 ! SDVINI !
4 ! !
5 ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! !
6
7 subrout ine sdv in i ( statev , coords , nstatv , ncrds , noel , npt ,
8 1 layer , kspt )
9
10 use g l oba l
11 inc lude ’ aba_param . inc ’
12 i n t e g e r u , v , i , l , k1
13
14 dimension s ta t ev ( nstatv ) , coords ( ncrds )
15
16 parameter (u=15,v=16)
17 !
18 ! i n t i a l i z e s t a t e v a r i a b l e s to O ( in t h i s case " p l a s t i c s t r a i n (1−4) " and "
f r e e volume " (5) )
19 !
20 do k1=1, nstatv
21 s ta t ev ( k1 )=0.0
22 end do
23
24 i f ( cnt .GE. 1 ) then
25 goto 99
26 end i f
27 !
28 ! Open STZ_table . txt ( conta in ing the l i s t o f e lements a s s o c i a t ed to each STZ)
and
29 ! the data f i l e conta in ing Matlab generated random numbers
30 !
31 open (u , f i l e=’ ~/STZ_table_BR_MedRefined_order2 . txt ’ , s t a tu s=’OLD’ )
32 open (v , f i l e=’ ~/Matlab_RandomNumbers_1000000 . txt ’ , s t a tu s=’OLD’ )
33 !
34 ! Read the heade r l i n e s o f the f i l e and determine noElm , MxNgbr and In i tE l
35 !
36 read (u , ∗ ) I n i tE l
37 read (u , ∗ ) noElm
38 read (u , ∗ ) MxNgbr
39 !
40 ! Read the f i l e s and s t o r e the va lues in STZ_tb and random va r i a b l e s
41 !
42 do i =1, noElm
43 read (u , ∗ ) (STZ_tb( i , j ) , j =1,MxNgbr)
44 TauMax( i ) = 0 .0 d0
45 ActCnt (1 , i ) = 0
46 ActCnt (2 , i ) = 0
47 end do
48
49 do l =1, 1000000
50 read (v , ∗ ) random( l )
51 end do
52 !
53 ! Close the f i l e s
54 !
55 c l o s e (u)
56 c l o s e (v )
57 !
58 ! Set the s imu la t ion / t e s t temperature
59 !
60 Temp = 296.5 d0
61 !
62 ! Se t t ing the corresponding shear modulus
63 !
64 G = 3.1E9/(2 . 0 ∗ (1+0.34) )
65 ! NB: us ing same data as in . inp and assuming no change in Temperature
66
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67 !
68 ! Set j a c t to zero be f o r e the f i r s t increment as we l l as other
69 ! counter v a r i a b l e s
70 !
71 j a c t = 0
72 ind = XParam
73 cnt = 0
74
75 ! number p i
76 PI = 3.1415926536d0
77 !
78 ! shear and d i l a t a t i o n e i g e n s t r a i n due to STZ ac t i v a t i on
79 !
80 Gamma0 = 0.31 d0
81 Eps_h = 0.0076 d0
82 DeltaT = 1
83 c
84 c Maximum number o f s u c c e s s i v e a c t i v a t i on in one d i r e c t i o n
85 c and a s s o c i a t ed popu lat ions counters
86 c
87 MaxAct = 6
88 ComPop = 0
89 TenPop = 0
90 !
91 ! I d en t i t y matrix con s t ruc t i on
92 !
93 do i =1,3
94 do j =1,3
95 Eye ( i , j ) =0.0d0
96 end do
97 end do
98
99 Eye (1 , 1 ) = 1 .0 d0
100 Eye (2 , 2 ) = 1 .0 d0
101 Eye (3 , 3 ) = 1 .0 d0
102
103 cnt = cnt+1
104 99 cont inue
105
106 return
107 end
Listing C.2: SDVINI.f
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1 ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! !
2 ! !
3 ! UMAT : user mate r i a l subrout ine !
4 ! !
5 ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! !
6
7 subrout ine umat( s t r e s s , s tatev , ddsdde , sse , spd , scd , rpl ,
8 1 ddsddt , drplde , drpldt , stran , dstran , time , dtime , temp ,
9 2 dtemp , predef , dpred , cmname , ndi , nshr , ntens , nstatv ,
10 3 props , nprops , coords , drot , pnewdt , ce l ent , dfgrd0 , dfgrd1 ,
11 4 noel , npt , layer , kspt , kstep , k inc )
12 !
13 ! the inc lude statement s e t s the proper p r e c i s i o n f o r f l o a t i n g point
14 ! v a r i a b l e s ( r e a l ∗8 on most machines )
15 !
16 use g l oba l
17 inc lude ’ aba_param . inc ’
18 i n t e g e r i , j , k1 , k2
19
20 charac t e r ∗8 cmname
21 r e a l ∗8 dpstrn ( ntens )
22
23 dimension s t r e s s ( ntens ) , s t a t ev ( nstatv ) , ddsdde ( ntens , ntens ) ,
24 1 ddsddt ( ntens ) , drplde ( ntens ) , s t ran ( ntens ) , dstran ( ntens ) ,
25 2 prede f (1 ) , dpred (1) , props ( nprops ) , coords (3 ) , drot (3 , 3 ) ,
26 3 dfgrd0 (3 , 3 ) , dfgrd1 (3 ,3 )
27
28 parameter ( zero =0.d0 , one=1.d0 , two=2.d0 , three =3.d0 )
29
30 i f ( ndi . ne . 3 ) then
31 wr i t e (∗ ,∗ ) ’ t h i s UMAT may only be used f o r e lements ’
32 1 ’ with three d i r e c t s t r e s s components ’
33 c a l l x i t
34 end i f
35 !
36 ! I n i t i a l i z a t i o n o f incrementa l parameters
37 !
38 d_fv = zero
39 do k1=1, ntens
40 dpstrn ( k1 ) = zero
41 end do
42 !
43 ! E l a s t i c p r op e r t i e s
44 !
45 Emod = props (1)
46 Enu = props (2)
47 Ebulk3 = Emod/( one−two∗Enu)
48 EG2 = Emod/( one+Enu)
49 EG = EG2/two
50 Elam = (Ebulk3−EG2) / three
51 !
52 ! Increment o f p l a s t i c deformation
53 !
54 do i =1, j a c t
55 i f ( noe l . eq . j e l t ( i )+In i tE l ) then
56 i f (PrvsD( i ) . eq . 1) then
57 i f ( ( ( ActCnt (2 , j e l t ( i ) )−ActCnt (1 , j e l t ( i ) ) ) .GE.MaxAct) .OR. ( (
ActCnt (2 , j e l t ( i ) )−ActCnt (1 , j e l t ( i ) ) ) .LE.−MaxAct) ) then
58
59 e l s e
60 d_fv = Eps_h∗(1− s ta t ev ( nstatv ) )
61 dpstrn (1) = dpstrn (1) + Gamma0∗ s i n (2∗STZ_or( i ) ) + Eps_h∗
(1− s ta t ev ( nstatv ) )
62 dpstrn (2) = dpstrn (2) −Gamma0∗ s i n (2∗STZ_or( i ) ) + Eps_h∗(1−
s ta t ev ( nstatv ) )
63 dpstrn (3) = dpstrn (3) + zero
64 dpstrn (4) = dpstrn (4) +Gamma0∗ cos (2∗STZ_or( i ) )
65 end i f
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66 e l s e i f (PrvsD( i ) . eq . 2) then
67 d_fv = d_fv − Eps_h∗ ( s ta t ev ( nstatv ) )
68 dpstrn (1) = dpstrn (1) − Eps_h∗ ( s ta t ev ( nstatv ) )
69 dpstrn (2) = dpstrn (2) − Eps_h∗ ( s ta t ev ( nstatv ) )
70 dpstrn (3) = dpstrn (3) + zero
71 dpstrn (4) = dpstrn (4) + zero
72 e l s e
73 wr i t e (∗ ,∗ ) ’ERROR : STZ i s not ac t i va t ed or ann ih i l a t ed ’
74 end i f
75 goto 100
76 e l s e
77 cont inue
78 end i f
79 end do
80
81 100 cont inue
82
83 !
84 ! E l a s t i c s t i f f n e s s
85 !
86 do k1=1, ndi
87 do k2=1, ndi
88 ddsdde ( k2 , k1 )=Elam
89 end do
90 ddsdde ( k1 , k1 )=EG2+Elam
91 end do
92 do k1=ndi+1, ntens
93 ddsdde ( k1 , k1 )=EG
94 end do
95 !
96 ! Ca lcu la te s t r e s s
97 !
98 do k1=1, ntens
99 do k2=1, ntens
100 s t r e s s ( k2 )=s t r e s s ( k2 )+ddsdde ( k2 , k1 )∗ ( dstran ( k1 )−dpstrn ( k1 ) )
101 end do
102 end do
103 !
104 ! update s t a t e v a r i a b l e s ( p l a s t i c deformation )
105 !
106 do k1=1, ntens
107 s ta t ev ( k1 )=sta t ev ( k1 )+dpstrn ( k1 )
108 end do
109
110 ! s ta t ev (3) i s r ep laced by maximum shear s t r e s s as no−deformation
111 ! i s a l lowed by the plane s t r a i n boundary cond i t i on s
112 s ta t ev (3) = TauMax( noel−I n i tE l )
113 !
114 ! update increment time dependence
115 !
116 s ta t ev (5) = s ta t ev (5) + DeltaT
117 !
118 ! update f r e e volume va r i ab l e
119 !
120 s ta t ev (6) = s ta t ev (6) + d_fv
121 !
122 ! update CompPop and TenPop va r i ab l e
123 !
124 s ta t ev (7) = ComPop
125
126 s ta t ev (8) = TenPop
127
128 return
129 end
Listing C.3: UMAT.f
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1 ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! !
2 ! !
3 ! URDFIL: user subrout ine that reads the . f i l r e s u l t s f i l e !
4 ! !
5 ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! !
6
7 subrout ine u r d f i l ( l s top , lovrwrt , kstep , kinc ,
8 1 dtime , time )
9
10 use g l oba l
11 inc lude ’ aba_param . inc ’
12
13 dimension array (513) , j r r ay ( nprecd , 513) , time (2)
14 equ iva l ence ( array (1) , j r r ay (1 ,1 ) )
15 !
16 ! I f the f l a g l s t op i s s e t to 1 , the ana l y s i s w i l l be
17 ! terminated . Otherwise , the ana l y s i s w i l l cont inue
18 l s t op = 0
19 lovrwrt = 0
20 !
21 ! The u t i l i t y rout ine p o s f i l i s used to l o c a t e the
22 ! p o s i t i o n o f a s p e c i f i c increment o f r e s u l t s data
23 ! s to red on the . f i l f i l e
24 !
25 c a l l p o s f i l ( kstep , kinc , array , j r cd )
26 wr i t e (∗ ,∗ ) ’ inc : ’ , kinc , ’ time : ’ , array (3)
27 !
28 ! − array now conta ins the va lues o f record 2000
29 ! ( increment s t a r t record ) from the r e s u l t s f i l e
30 ! f o r the requested step and increment
31 ! − I f j r cd =0, the s p e c i f i e d increment was found ;
32 ! I f j r cd =1, the s p e c i f i e d increment was not found
33 !
34 ! Loop over a l l the r e co rds
35 !
36 do k1=1 ,999999
37 c a l l d b f i l e (0 , array , j r cd )
38 ! d b f i l e (LOP, array , j r cd ) c a l l e d with lop=0
39 ! reads the next record , conta ined in array .
40 ! j r cd i s returned as nonzero i f an EOF marker i s read
41 !
42 ! j r r ay (1 ,1 ) i s the record length ( i n t e g e r )
43 ! j r r ay (1 ,2 ) i s the record key ( i n t e g e r )
44 ! array (>=3) are the a t t r i b u t e s ( r e a l )
45 !
46 i f ( j r cd . ne . 0) go to 110
47 key=j r r ay (1 ,2 )
48 !
49 ! Record 1 conta ins element in format ion f o r subsequent
50 ! records , l i k e element and i n t e g r a t i o n point number
51 !
52 i f ( key . eq . 1) then
53 ie lm = j r r ay (1 ,3 )
54 imatpt = j r r ay (1 ,4 )
55 ! wr i t e (∗ ,∗ ) ’ ie lm : ’ , ielm , ’ imatpt : ’ , imatpt
56 end i f
57 !
58 ! Record 5 conta ins va lues f o r SDV ( s t a t e v a r i a b l e s ) here the f r e e volume
SDV6
59 !
60 i f ( key . eq . 5) then
61 Se l t ( ielm−In i tE l , 6 ) = dble ( array (8) )
62 end i f
63
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64 !
65 ! Record 11 conta ins va lues f o r S
66 !
67 i f ( key . eq . 11) then
68 do l =1,4
69 Se l t ( ielm−In i tE l , l ) = dble ( array (2+ l ) )
70 end do
71 end i f
72 !
73 ! Record 76 conta ins IVOL value f o r the element
74 !
75 i f ( key . eq . 76) then
76 Se l t ( ielm−In i tE l , 5 )= dble ( array (3) )
77 do l =1,4
78 Se l t ( ielm−In i tE l , l ) = Se l t ( ielm−In i tE l , l )∗dble ( array (3) )
79 end do
80 Se l t ( ielm−In i tE l , 6 ) = Se l t ( ielm−In i tE l , 6 ) ∗dble ( array (3) )
81 end i f
82 !
83 ! Record 2001 i nd i c a t e s end o f increment
84 !
85 i f ( key . eq . 2001) then
86 j r cd = 1
87 ! Arr iv ing at the end o f an increment , the s e l e c t i o n o f the next ac t i va t ed
88 ! STZ i s launch and w i l l be app l i ed in increment+1
89 c a l l STZkmc
90
91 wr i t e (∗ ,∗ ) ’ Increment end record reached , j r cd s e t to 1 . ’
92 end i f
93
94 end do
95 110 cont inue
96
97 return
98 end
Listing C.4: URDFIL.f
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1 ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! !
2 ! !
3 ! STZkmc : Kinet i c Monte−Carlo (STZ s e l e c t i o n ) !
4 ! !
5 ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! ! !
6
7 subrout ine STZkmc
8 use g l oba l
9 i n t e g e r i , j , l , tempEl , choice , pntr , i e r r , je lt_T (noElm) ,tmpSTZ ,PvsD_T(noElm
) ,
10 1 STZdir (noElm) , dirT (noElm)
11 double p r e c i s i o n STZavS(noElm , 4 ) , STZvol (noElm) ,STZ_fv(noElm) ,
12 1 STZang(noElm) , tempS (4) ,tempV , tempfv , orienT (noElm) ,
13 2 nuSTZ , nu ,Omega0 , alpha , kb , dF_v0 , dF_sh , sdot (noElm) ,
14 4 g_STZ, Pstz_i , P_act ,
15 5 Sigma (3 ,3 ) ,S_MP(3) ,V_MP(3 ,3 ) , fv1 (3) , fv2 (3) , angle , Smises
16
17 parameter (nuSTZ=1.01932d12 , nu=0.34d0 ,
18 1 Omega0=1.6d−26, alpha=1d0 , kb=1.38d−23)
19
20 !
21 ! Re− i n i t i a l i z e the value o f j e l t and j a c t to zero
22 !
23 do i =1,noElm
24 j e l t ( i ) = 0
25 PrvsD( i )= 0
26
27
28 jelt_T ( i ) = 0
29 PvsD_T( i ) = 0
30 orienT ( i ) = 0 .0 d0
31 dirT ( i ) = 0
32
33 STZang( i ) = 0 .0 d0
34 STZdir ( i ) = 0
35
36 MainAx( i ) = 0 .0 d0
37 end do
38
39 j a c t = 0
40 pntr = 1
41 angle = 0 .0 d0
42 ComPop = 0
43 TenPop = 0
44
45 do i =1,3
46 do j =1,3
47 Sigma ( i , j ) =0.0d0
48 end do
49 end do
50
51 ! Re− i n i t i a l i z e the value s to r ed in STZavS
52 do i =1,noElm
53 do l =1,4
54 STZavS( i , l ) = 0 .0 d0
55 end do
56 TauMax( i ) = 0 .0 d0
57 STZvol ( i ) = 0 .0 d0
58 STZ_fv( i ) = 0 .0 d0
59 end do
60
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61 !
62 ! Loop on each row o f STZ_tb to acc e s s the corresponding elements number
63 ! and c a l c u l a t e the average s t r e s s t enso r f o r each STZ
64 !
65 do i =1,noElm
66
67 ! Ca l cu la t i on o f average s t r e s s t enso r o f STZ, corresponding volume and
68 ! exce s s o f f r e e volume
69 do j =1,MxNgbr
70 tempEl = STZ_tb( i , j )
71 i f ( tempEl .LE. 0) then
72 goto 120
73 e l s e
74 ! c a l c u l a t i o n f o r each s t r e s s component
75 do l =1,4
76 tempS( l ) = Se l t ( tempEl , l )
77 STZavS( i , l ) = STZavS( i , l ) + tempS( l )
78 end do
79
80 ! c a l c u l a t i o n o f t o t a l volume
81 tempV = Se l t ( tempEl , 5 )
82 STZvol ( i ) = STZvol ( i ) + tempV
83
84 ! c a l c u l a t i o n o f average exce s s o f fv
85 tempfv = Se l t ( tempEl , 6 )
86 STZ_fv( i ) = STZ_fv( i ) +tempfv
87 end i f
88 end do
89 120 cont inue
90
91 do l =1, ntens
92 STZavS( i , l ) = STZavS( i , l ) /STZvol ( i )
93 end do
94
95 STZ_fv( i ) = STZ_fv( i ) /STZvol ( i )
96 !
97 ! Ca l cu la t i on o f Maximum pr i n c i p a l s t r e s s and corresponding o r i e n t a t i o n s
98 ! o f the cur rent element => ob j e c t i v e : obta in the max shear s t r e s s TauMax
and Smises
99 !
100 Sigma (1 ,1 ) = STZavS( i , 1 )
101 Sigma (2 ,2 ) = STZavS( i , 2 )
102 Sigma (3 ,3 ) = STZavS( i , 3 )
103 Sigma (1 ,3 ) = STZavS( i , 4 )
104 Sigma (3 ,1 ) = STZavS( i , 4 )
105
106 Smises = sq r t ( 0 . 5 d0∗ ( ( Sigma (1 ,1 )−Sigma (2 ,2 ) )∗∗2+(Sigma (2 ,2 )−Sigma
(3 ,3 ) )∗∗2+(Sigma (3 ,3 )−Sigma (1 ,1 ) )∗∗2 + 6∗ ( Sigma (1 ,2 ) ∗∗2) ) )
107
108 c a l l r sg (3 ,3 , Sigma , Eye ,S_MP,1 ,V_MP, fv1 , fv2 , i e r r )
109 ! wr i t e (∗ ,∗ ) ’The e i g enva lue s SMP of cur rent STZ are ’ , S_MP
110 ! wr i t e (∗ ,∗ ) ’With corresponding e igen vectors ’ , V_MP
111
112 TauMax( i ) = (S_MP(3) − S_MP(1) ) /2 .0 d0
113 !
114 ! Ca l cu la t i on o f max p r i n c i p a l s t r e s s d i r e c t i o n to apply to e i g e n s t r a i n
115 !
116 i f ( abs (V_MP(1 ,3 ) ) .GT. abs (V_MP(2 ,3 ) ) ) then
117 STZdir ( i ) = 1
118 e l s e
119 STZdir ( i ) = 2
120 end i f
121
Appendix C. STZ based model : implemented subroutines 299
122 !
123 ! Ca l cu la t i on o f ang le to apply to e i g e n s t r a i n
124 !
125 i f ( STZdir ( i ) . eq . 1 ) then
126 angle = acos ( abs (V_MP(1 ,3 ) ) )
127 e l s e i f ( STZdir ( i ) . eq . 2 ) then
128 angle = as in ( abs (V_MP(2 ,3 ) ) )
129 e l s e
130 wr i t e (∗ ,∗ ) ’ERROR : no current p r i n c i p a l l oad ing d i r e c t i o n
de f ined ! ’
131 c a l l x i t
132 end i f
133
134 STZang( i ) = angle
135 !
136 ! Ca l cu la t i on o f sdot f o r each STZ
137 !
138 dF_v0 = (4 .7493 e−19)∗ 0.9734
139
140 dF_sh = (4 .7493 e−19)∗0.9734/15
141
142 g_STZ = (1+alpha∗ (Eps_h∗(1−STZ_fv( i ) ) )∗∗2) /(1+alpha∗Eps_h∗∗2)
143
144 dF_tot = dF_sh + dF_v0∗g_STZ
145
146 sdot ( i ) = 1e37∗nuSTZ∗exp(−(dF_tot − Smises∗ 3 .75 ∗ 1 .3 ∗2∗1E6∗Gamma0∗
Omega0/2) /(kb∗Temp) )
147 wr i t e (∗ ,∗ ) ’ f o r STZ ’ , i , ’ the corresponding sdot ’ , sdot ( i )
148 end do
149 !
150 ! S e l e c t i o n o f the STZs to a c t i v a t e
151 !
152 cnt = cnt + 1
153
154 ! v a r i a t i on o f the random numbers
155
156 i f ( cnt .EQ.15 ) then
157 c a l l random_number (x )
158 cho i c e=1+f l o o r (x∗ (55) )
159 ind = ind + cho i ce
160 cnt = 0
161 e l s e
162 ind = ind + noElm
163 end i f
164 !
165 ! in case o f end o f f i l e ( matlab random numbers ) reached
166 !
167 l = 999999−noElm
168 i f ( ind .GT. l ) then
169 c a l l random_number (y )
170 ind=1+f l o o r (y∗ (55) )
171 end i f
172
173 do i =1,noElm
174 Xi = random( ind+i )
175 Pstz_i = sdot ( i )∗DeltaT
176 i f (Xi .LT. Pstz_i ) then
177 Xi_2 = random( ind+i+noElm)
178 P_act = 0 .6 ∗(1−STZ_fv( i ) )
179
180 i f (Xi_2 .LT. P_act ) then
181 jelt_T ( pntr ) = i
182 PvsD_T( pntr ) = 1
183 orienT ( pntr ) = STZang( i ) + PI/4
184 dirT ( pntr ) = STZdir ( i )
185
186 wr i t e (∗ ,∗ ) ’ and ACTIVATED! ’
187 pntr = pntr+1
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188 e l s e
189 jelt_T ( pntr ) = i
190 PvsD_T( pntr ) = 2
191 orienT ( pntr ) = 0
192 dirT ( pntr ) = STZdir ( i )
193
194 wr i t e (∗ ,∗ ) ’ with deact ivated f r e e volume . . . ’
195 pntr = pntr+1
196 end i f
197 end i f
198
199 i f ( pntr .GE. noElm) then
200 wr i t e (∗ ,∗ ) ’ERROR : maximum number (noElm) o f ac t i va t ed STZs
reached ! ! ! ’
201 goto 130
202 end i f
203
204 end do
205
206 130 cont inue
207
208 !
209 ! Stor ing the e lements corresponding to the d i f f e r e n t ac t i va t ed STZ in j e l t
210 ! and acco rd ing ly t h e i r corresponding PrvsD and STZ_or va lues
211 !
212 do i =1,pntr−1
213 tmpSTZ = jelt_T ( i )
214 tmpAct = PvsD_T( i )
215 tmp_or = orienT ( i )
216 do j =1,MxNgbr
217 tempEl = STZ_tb(tmpSTZ , j )
218 i f ( tempEl .LE. 0) then
219 goto 140
220 e l s e
221 j a c t = j a c t+1
222 j e l t ( j a c t ) = tempEl
223 PrvsD( j a c t ) = tmpAct
224 STZ_or( j a c t ) = tmp_or
225 MainAx( j a c t ) = dirT ( i )
226
227 ActCnt ( dirT ( i ) , tempEl ) = ActCnt ( dirT ( i ) , tempEl ) + 1
228
229 i f ( ( dirT ( i ) .EQ. 1 ) .AND. ( ( ActCnt (2 , tempEl )−ActCnt (1 , tempEl ) ) .GT
.−MaxAct) ) then
230 wr i t e (∗ ,∗ ) ’ActCnt (2 , x ) equa l s ’ , ActCnt ( dirT ( i ) , tempEl ) , ’
f o r element ’ , tempEl
231 TenPop = TenPop + 1
232 e l s e i f ( ( dirT ( i ) .EQ. 2 ) .AND. ( ( ActCnt (2 , tempEl )−ActCnt (1 , tempEl )
) .LT.MAxAct) ) then
233 ComPop = ComPop + 1
234 wr i t e (∗ ,∗ ) ’A! tCnt (1 , x ) equa l s ’ , ActCnt ( dirT ( i ) , tempEl ) , ’
f o r element ’ , tempEl
235 e l s e i f ( ( ( ActCnt (2 , tempEl )−ActCnt (1 , tempEl ) ) .GT.MaxAct) .OR. ( (
ActCnt (2 , tempEl )−ActCnt (1 , tempEl ) ) .LT.−MaxAct) ) then
236 ActCnt ( dirT ( i ) , tempEl ) = ActCnt ( dirT ( i ) , tempEl ) − 1
237 wr i t e (∗ ,∗ ) ’ Element ’ , tempEl , ’was bloqued becaused a l ready
ac t i va t ed 5 times ’
238 e l s e
239 cont inue
240 end i f
241
242 end i f
243 end do
244
245 140 cont inue
246
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247 i f ( j a c t .GT. ( noElm∗ (MxNgbr−4) ) ) then
248 wr i t e (∗ ,∗ ) ’ERROR : more ac t i va t ed elements than max number
al lowed ’
249 end i f
250 !
251 ! add i t i on o f the c en t r a l element o f the STZ
252 !
253 j a c t = j a c t + 1
254 j e l t ( j a c t ) = tmpSTZ
255 PrvsD( j a c t ) = tmpAct
256 STZ_or( j a c t ) = tmp_or
257 MainAx( j a c t ) = dirT ( i )
258
259 ActCnt ( dirT ( i ) ,tmpSTZ) = ActCnt ( dirT ( i ) ,tmpSTZ) + 1
260
261 i f ( ( dirT ( i ) .EQ. 1 ) .AND. ( ( ActCnt (2 , tmpSTZ)−ActCnt (1 , tmpSTZ) ) .GT.−
MaxAct) ) then
262 wr i t e (∗ ,∗ ) ’ActCnt (2 , x ) equa l s ’ , ActCnt ( dirT ( i ) ,tmpSTZ) , ’ f o r
element ’ ,tmpSTZ
263 TenPop = TenPop + 1
264 e l s e i f ( ( dirT ( i ) .EQ. 2 ) .AND. ( ( ActCnt (2 , tmpSTZ)−ActCnt (1 , tmpSTZ) ) .LT.
MaxAct) ) then
265 ComPop = ComPop + 1
266 wr i t e (∗ ,∗ ) ’ActCnt (1 , x ) equa l s ’ , ActCnt ( dirT ( i ) ,tmpSTZ) , ’ f o r
element ’ ,tmpSTZ
267 e l s e i f ( ( ( ActCnt (2 , tmpSTZ)−ActCnt (1 , tmpSTZ) ) .GE.MaxAct) .OR. ( ( ActCnt
(2 , tmpSTZ)−ActCnt (1 , tmpSTZ) ) .LE.−MaxAct) ) then
268 ActCnt ( dirT ( i ) ,tmpSTZ) = ActCnt ( dirT ( i ) ,tmpSTZ) − 1
269 wr i t e (∗ ,∗ ) ’ Element ’ ,tmpSTZ , ’was bloqued becaused a l ready
ac t i va t ed 5 times ’
270 e l s e
271 cont inue
272 end i f
273 end do
274
275 wr i t e (∗ ,∗ ) ’The t o t a l number o f a c t i va t ed STZ i s ’ , pntr−1
276 wr i t e (∗ ,∗ ) ’ and corresponding number o f e lements ’ , j a c t
277
278 return
279 end
Listing C.5: STZkmc.f

Bibliography
[1] M.F. Ashby. Materials Selection in Mechanical Design. Elsevier
Ltd., Oxford, fourth edition., 2011.
[2] J. LLorca, C. González, J. M. Molina-Aldareguía, J. Segurado,
R. Seltzer, F. Sket, M. Rodríguez, S. Sádaba, R. Muñoz, and L. P.
Canal. Multiscale Modeling of Composite Materials: a Roadmap
Towards Virtual Testing. Advanced Materials, 23(44):5130–5147,
2011.
[3] F. Sket, R. Seltzer, J.M. Molina-Aldareguía, C. Gonzalez, and
J. LLorca. Determination of damage micromechanisms and frac-
ture resistance of glass fiber/epoxy cross-ply laminate by means of
X-ray computed microtomography. Composites Science and Tech-
nology, 72(2):350–359, January 2012.
[4] Essam Totry, Jon M. Molina-Aldareguía, Carlos González, and
Javier LLorca. Effect of fiber, matrix and interface properties
on the in-plane shear deformation of carbon-fiber reinforced com-
posites. Composites Science and Technology, 70(6):970–980, June
2010.
[5] Yasushi Miyano, Masayuki Nakada, and Hongneng Cai. Formula-
tion of Long-term Creep and Fatigue Strengths of Polymer Com-
posites Based on Accelerated Testing Methodology. Journal of
Composite Materials, 42(18):1897–1919, 2015.
[6] M Kawai, J Q Zhang, S Saito, Y Xiao, and H Hatta.
Tension-Compression Asymmetry in the Off-Axis Nonlinear Rate-
Dependent Behavior of a Unidirectional Carbon / Epoxy Laminate
303
304 BIBLIOGRAPHY
at High Temperature and Incorporation into. Advanced Composite
Materials, 18:265–285, 2009.
[7] J Lienhard and W Böhme. Characterisation of resin transfer moul-
ded composite laminates under high rate tension , compression and
shear loading. Engineering Fracture Mechanics, 2015.
[8] Fumi Takeuchi, Masamichi Kawai, Jian-qi Zhang, and Tetsuya
Matsuda. Rate-Dependence of Off-Axis Tensile Behavior of Cross-
Ply CFRP Laminates at Elevated Temperature and. Advanced
Composite Materials, 17:57–73, 2008.
[9] Han E.H. Meijer and Leon E. Govaert. Mechanical performance of
polymer systems: The relation between structure and properties.
Progress in Polymer Science, 30(8-9):915–938, August 2005.
[10] C. G’Sell and J. J. Jonas. Yield and transient effects during the
plastic deformation of solid polymers. Journal of Materials Sci-
ence, 16(7):1956–1974, 1981.
[11] R.N. Haward and G. Thackray. . Proc. Royal Society, 302:453,
1968.
[12] E T J Klompen, T A P Engels, L E Govaert, and H E H Meijer.
Modeling of the Postyield Response of Glassy Polymers : Influence
of Thermomechanical History. Macromolecules, 38(16):6997–7008,
2005.
[13] L. C a Van Breemen, E. T J Klompen, L. E. Govaert, and H. E H
Meijer. Extending the EGP constitutive model for polymer glasses
to multiple relaxation times. Journal of the Mechanics and Physics
of Solids, 59(10):2191–2207, 2011.
[14] R.N. Haward and P.B. Bowden. The Physics of Glassy Polymers.
Applied Science Publishers Ltd., Chapter 5, 1973.
[15] A. S. Argon and M. I. Bessonov. Plastic Flow in Glassy Polymers.
Polymer Engineering and Science, 17(3):174–182, 1977.
BIBLIOGRAPHY 305
[16] B Fiedler, M Hojo, S Ochiai, K Schulte, and M Ando. Failure
behavior of an epoxy matrix under different kinds of static loading.
Composites Science and Technology, 61(11):1615–1624, 2001.
[17] Robert Gerlach, Clive R Siviour, Nik Petrinic, and Jens Wiegand.
Experimental characterisation and constitutive modelling of RTM-
6 resin under impact loading. Polymer, 49:2728–2737, 2008.
[18] X. Poulain, L. W. Kohlman, W. Binienda, G. D. Roberts, R. K.
Goldberg, and a. a. Benzerga. Determination of the intrinsic
behavior of polymers using digital image correlation combined
with video-monitored testing. International Journal of Solids and
Structures, 50(11-12):1869–1878, 2013.
[19] H.H. Kausch, N. Heymans, C. J. Plummer, and P. Decroly. Traité
des matériaux : Matériaux polymères - propriétés mécaniques et
physiques. Presse Polytechniques et Universitaires Romandes,
Lausanne, 2001.
[20] P. B. Bowden and J. a. Jukes. The plastic yield behaviour of
polymethylmethacrylate. Journal of Materials Science, 3(2):183–
190, 1968.
[21] A.J. Kinloch and R.J. Young. Fracture Behaviour of Polymers.
Springer Netherlands., 1983.
[22] P.D. Wu and E. van der Giessen. Analysis of shear band propaga-
tion in amorphous glassy polymers. International Journal of Solids
and Structures, 31(11):1493–1517, 1994.
[23] C. G’sell and J. J. Jonas. Determination of the plastic behaviour
of solid polymers at constant true strain rate. Journal of Materials
Science, 14(3):583–591, 1979.
[24] Y. M. Liang and K. M. Liechti. On the large deformation and loc-
alization behavior of an epoxy resin under multiaxial stress states.
International Journal of Solids and Structures, 33(10):1479–1500,
1996.
306 BIBLIOGRAPHY
[25] O. Sindt, J. Perez, and J. F. Gerard. Molecular architecture-
mechanical behaviour relationships in epoxy networks. Polymer,
37(14):2989–2997, 1996.
[26] O. A. Hasan and M. C. Boyce. A Constitutive Model for the
Nonlinear Viscoelastic Viscoplastic Behavior of Glassy Polymers.
Polymer Engineering & Science, 35(4):331, 1995.
[27] C Marano and M Rink. Shear yielding threshold and viscoelasti-
city in an amorphous glassy polymer: a study on a styrene-
acrylonitrile copolymer. Polymer, 42(5):2113–2119, March 2001.
[28] R. Quinson, J. Perez, Marta Rink, and A. Pavan. Components of
non-elastic deformation in amorphous glassy polymers. Journal of
Materials Science, 31:4387–4394, 1996.
[29] E Oleynik. Plastic deformation and mobility in glassy polymers.
Progress in Colloid & Polymer Science, 80:140–150, 1989.
[30] L. C. E. Struik. Physical aging in amorphous polymers and other
materials. Elsevier Ltd, Amsterdam, 1978.
[31] O. A. Hasan, M. C. Boyce, X. S. Li, and S. Berko. An investigation
of the yield and postyield behavior and corresponding structure of
poly(methyl methacrylate). Journal of Polymer Science Part B:
Polymer Physics, 31(2):185–197, February 1993.
[32] Jatin, Venkatesan Sudarkodi, and Sumit Basu. Investigations into
the origins of plastic flow and strain hardening in amorphous glassy
polymers. International Journal of Plasticity, 56:139–155, 2013.
[33] D.J.A. Senden, J.A.W. Van Dommelen, and L. E. Govaert. Strain
Hardening and Its Relation to Bauschinger Effects in Oriented
Polymers. Journal of Polymer Science Part B: Polymer Physics,
48:1483–1494, 2010.
[34] C. G’Sell and a. J. Gopez. Plastic banding in glassy polycar-
bonate under plane simple shear. Journal of Materials Science,
20(10):3462–3478, 1985.
BIBLIOGRAPHY 307
[35] H G H Van Melick, L E Govaert, and H E H Meijer. On the origin
of strain hardening in glassy polymers. Polymer, 44:2493–2502,
2003.
[36] Leon E. Govaert, Tom A.P. Engels, Michael Wendlandt, Theo A.
Tervoort, and Ulrich W. Suter. Does the Strain Hardening Mod-
ulus of Glassy Polymers Scale with the Flow Stress? Journal of
Polymer Science Part B: Polymer Physics, 46:2475–2481, 2008.
[37] Robert S. Hoy and Mark O. Robbins. Strain Hardening of Poly-
mer Glasses: Effect of Entanglement Density, Temperature, and
Rate. Journal of Polymer Science Part B: Polymer Physics,
44(August):3487–3500, 2006.
[38] Robert S. Hoy and Mark O. Robbins. Strain hardening of polymer
glasses: Entanglements, energetics, and plasticity. Physical Review
E - Statistical, Nonlinear, and Soft Matter Physics, 77(3):1–14,
2008.
[39] Robert S. Hoy. Why is understanding glassy polymer mechanics
so difficult? Journal of Polymer Science Part B: Polymer Physics,
49(14):979–984, July 2011.
[40] H G H Van Melick, L E Govaert, and H E H Meijer. Localisation
phenomena in glassy polymers : influence of thermal and mechan-
ical history. Polymer, 44:3579–3591, 2003.
[41] P. B. Bowden and S. Raha. Molecular Model for Yield and Flow
in Amorphous Glassy Polymers making use of a Dislocation Ana-
logue, 1974.
[42] Kristofer K. Westbrook, Philip H. Kao, Francisco Castro, Yifu
Ding, and H. Jerry Qi. A 3D finite deformation constitutive model
for amorphous shape memory polymers: A multi-branch modeling
approach for nonequilibrium relaxation processes. Mechanics of
Materials, 43(12):853–869, December 2011.
[43] C Marano and M Rink. Strain-Recovery Kinetics in Rub-
ber Toughened Polymethylmethacrylate. Mechanics of Time-
Dependent Materials, 9:1–13, 2005.
308 BIBLIOGRAPHY
[44] C. Marano and M. Rink. Effect of loading history and material’s
structural state on the yield onset of a polymethylmethacrylate.
Mechanics of Time-Dependent Materials, 13(1):37–48, November
2008.
[45] C. G’sell, N. a. Aly-Helal, and J. J. Jonas. Effect of stress tri-
axiality on neck propagation during the tensile stretching of solid
polymers. Journal of Materials Science, 18(6):1731–1742, 1983.
[46] J. Richeton, S. Ahzi, K. S. Vecchio, F. C. Jiang, and R. R.
Adharapurapu. Influence of temperature and strain rate on the
mechanical behavior of three amorphous polymers: Characteriza-
tion and modeling of the compressive yield stress. International
Journal of Solids and Structures, 43(7-8):2318–2335, 2006.
[47] J. Richeton, S. Ahzi, K. S. Vecchio, F. C. Jiang, and a. Makradi.
Modeling and validation of the large deformation inelastic re-
sponse of amorphous polymers over a wide range of temperatures
and strain rates. International Journal of Solids and Structures,
44(24):7938–7954, 2007.
[48] S. Rabinowitz and P. Beardmore. Cyclic deformation and fracture
of polymers. Journal of Materials Science, 9:81–99, 1974.
[49] P. B. Bowden and J. a. Jukes. The plastic flow of isotropic poly-
mers. Journal of Materials Science, 7(1):52–63, 1972.
[50] C. Bauwens-Crowet, J. C. Bauwens, and G. Homès. The temperat-
ure dependence of yield of polycarbonate in uniaxial compression
and tensile tests. Journal of Materials Science, 7(2):176–183, 1972.
[51] C. Bauwens-Crowet. The compression yield behaviour of poly-
methyl methacrylate over a wide range of temperatures and strain-
rates. Journal of Materials Science, 8(7):968–979, 1973.
[52] A. A. Skordos and I. K. Partridge. Cure Kinetics Modeling of
Epoxy Resins Using a Non-Parametric Numerical Procedure. May,
41(5):793–805, 2001.
BIBLIOGRAPHY 309
[53] X. a. Aduriz, C. Lupi, N. Boyard, J. L. Bailleul, D. Leduc, V. So-
botka, N. Lefèvre, X. Chapeleau, C. Boisrobert, and D. Delaunay.
Quantitative control of RTM6 epoxy resin polymerisation by op-
tical index determination. Composites Science and Technology,
67(15-16):3196–3201, 2007.
[54] Maria Odila Hilário Cioffi, Herman Jacobus Cornelis Voorwald,
José André Marin Camargo, Mirabel Cerqueira Rezende, Ed-
mundo C. Ortiz, and Luigi Ambrosio. Fractography analysis and
fatigue strength of carbon fiber/RTM6 laminates. Materials Sci-
ence and Engineering A, 527(15):3609–3614, 2010.
[55] Thomas Hobbiebrunken and Bodo Fiedler. Experimental determ-
ination of the true epoxy resin strength using micro-scaled speci-
mens. Composites, Part A : applied science and manufacturing,
38:814–818, 2007.
[56] Thomas Hobbiebrunken, Bodo Fiedler, Masaki Hojo, Shojiro
Ochai, and Karl Schulte. Microscopic yielding of CF / epoxy com-
posites and the effect on the formation of thermal residual stresses.
Composites Science and Technology, 65:1626–1635, 2005.
[57] Bodo Fiedler, Hobbiebrunken Thomas, and Karl Schulte. Influence
of stress state and temperature on the strength of epoxy resins.
In 15th International Conference on Composites Materials, page
6376, Durban, South Africa, 2005.
[58] Robert K Goldberg, Gary D Roberts, and Amos Gilat. Incorpor-
ation of mean stress effects into the micromechanical analysis of
the high strain rate response of polymer matrix composites. Com-
posites, Part B, 34:151–165, 2003.
[59] Robert K Goldberg, Gary D Roberts, and Amos Gilat. Implement-
ation of an Associative Flow Rule Including Hydrostatic Stress Ef-
fects into the High Strain Rate Deformation Analysis of Polymer
Matrix Composites. Journal of Aerospace Engineering, 18(1):18–
27, 2005.
310 BIBLIOGRAPHY
[60] Christian G’Sell and Abdelhamid Souahi. Influence of Crosslinking
on the Plastic Behavior of Amorphous Polymers at Large Strains.
Journal of Engineering Materials and Technology, 119(3):223,
1997.
[61] Anthony E Mayr, Wayne D Cook, and Graham H Edward. Yield-
ing behaviour in model epoxy thermosets - I. Effect of strain rate
and composition. Polymer, 39(16):3725–3733, 1998.
[62] T. Gómez-del Río and J. Rodríguez. Compression yielding of
epoxy: Strain rate and temperature effect. Materials & Design,
35:369–373, March 2012.
[63] Taikyue Ree and Henry Eyring. Theory of non-Newtonian flow. I.
Solid plastic system. Journal of Applied Physics, 26(7):793–800,
1955.
[64] Salim Yamini and Robert J. Young. The mechanical properties of
epoxy resins - Part 1 : Mechanisms of plastic deformation. Journal
of Materials Science, 15(7):1814–1822, 1980.
[65] A. S. Argon. A theory for the low-temperature plastic deformation
of glassy polymers. Philosophical Magazine, 28(4):839–865, 1973.
[66] Salim Yamini and Robert J. Young. Crack propagation in and
fractography of epoxy resins. Journal of Materials Science,
14(7):1609–1618, 1979.
[67] S Yamini and Rj Young. The mechanical properties of epoxy resins
- Part 2 : Effect of plastic deformation upon crack propagation.
Journal of materials science, 15(7):1823–1831, 1980.
[68] L. E. Asp, L. a. Berglund, and R. Talreja. A criterion for crack
initiation in glassy polymers subjected to a composite-like stress
state. Composites Science and Technology, 56(11):1291–1301,
1996.
[69] Henry Eyring. Viscosity, Plasticity, and Diffusion as Examples
of Absolute Reaction Rates. The Journal of Chemical Physics,
4(4):283–291, 1936.
BIBLIOGRAPHY 311
[70] Wayne D Cook, Anthony E Mayr, and Graham H Edward. Yield-
ing behaviour in model epoxy thermosets - II. Temperature de-
pendence. Polymer, 39(16):3725–3733, 1998.
[71] Amos Gilat, Robert K Goldberg, and Gary D Roberts. Strain Rate
Sensitivity of Epoxy Resin in Tensile and Shear Loading. Journal
of Aerospace Engineering, 20(2):75–90, 2007.
[72] Justin D. Littell, Charles R. Ruggeri, Robert K. Goldberg, Gary D.
Roberts, William a. Arnold, and Wieslaw K. Binienda. Measure-
ment of Epoxy Resin Tension, Compression, and Shear Stress-
Strain Curves over a Wide Range of Strain Rates Using Small
Test Specimens. Journal of Aerospace Engineering, 21(3):162–173,
2008.
[73] X. Poulain, a.a. A Benzerga, and R.K. K Goldberg. Finite-strain
elasto-viscoplastic behavior of an epoxy resin: Experiments and
modeling in the glassy regime. International Journal of Plasticity,
62:138–161, 2014.
[74] Z. Xia, X. Shen, and F. Ellyin. Biaxial cyclic deformation of an
epoxy resin: Experiments and constitutive modeling. Journal of
Materials Science, 40(3):643–654, February 2005.
[75] Gang Tao and Zihui Xia. Fatigue behavior of an epoxy polymer
subjected to cyclic shear loading. Materials Science and Engin-
eering: A, 486(1-2):38–44, July 2008.
[76] Xinghe Shen, Zihui Xia, and Fernand Ellyin. Cyclic Deformation
Behavior of an Epoxy Polymer . Part I : Experimental Investiga-
tion. Polymer Engineering & Science, 44(12):2240–2246, 2004.
[77] Zihui Xia, Xinghe Shen, and Fernand Ellyin. Cyclic deformation
behavior of an epoxy polymer. Part II: Predictions of viscoelastic
constitutive models. Polymer Engineering & Science, 45(1):103–
113, January 2005.
[78] József-Sebastian Pap, Markus Kästner, Sebastian Müller, and
Irene Jansen. Experimental Characterization and Simulation of
312 BIBLIOGRAPHY
the Mechanical Behavior of an Epoxy Adhesive. Procedia Materi-
als Science, 2:234–242, 2013.
[79] C. Bauwens-Crowet and J. C. Bauwens. The mechanism of
creep behaviour in glassy polymers. Journal of Materials Science,
10:1779–1787, 1975.
[80] L. C. E. Struik. Some problems in the non-linear viscoelasticity
of amorphous glassy polymers. Journal of Non-Crystalline Solids,
133:395–407, 1991.
[81] C. Marano and M. Rink. Viscoelasticity and shear yielding on-
set in amorphous glassy polymers. Mechanics of Time-Dependent
Materials, 10(3):173–184, December 2006.
[82] Mary C. Boyce, David M. Parks, and Ali S. Argon. Large inelastic
deformation of glassy polymers. part I: rate dependent constitutive
model. Mechanics of Materials, 7(1):15–33, 1988.
[83] Hubert M James and Eugene Guth. Theory of the Elastic Prop-
erties of Rubber. The Journal of Chemical Physics, 11(10):455,
1943.
[84] Ming Chen Wang and Eugene Guth. Statistical Theory of Net-
works of Non-Gaussian Flexible Chains. The Journal of Chemical
Physics, 20(7):1144–1157, 1952.
[85] L R G Treloar. The photoelastic properties of short-chain molecu-
lar networks. Transactions of the Faraday Society, 50:881–896,
1954.
[86] L R G Treloar, H G Hopkins, R S Rivlin, and J M Ball. The
Mechanics of Rubber Elasticity. Proceedings of the Royal Society
Part A, 351:301–330, 1976.
[87] Ellen M. Arruda and Mary C. Boyce. A three-dimensional con-
stitutive model for the large stretch behavior of rubber elastic ma-
terials. Journal of the Mechanics and Physics of Solids, 41(2):389–
412, 1993.
BIBLIOGRAPHY 313
[88] P.D. Wu and E. Van Der Giessen. On improved network models for
rubber elasticity and their applications to orientation hardening in
glassy polymers. Journal of the Mechanics and Physics of Solids,
41(3):427–456, 1993.
[89] P.D. Wu and E. van der Giessen. On neck propagation in amorph-
ous glassy polymers under plane strain tension. International
Journal of Plasticity, 11(3):211–235, 1995.
[90] J.S. Bergström and M.C. Boyce. Constitutive modeling of the
time-dependent and cyclic loading of elastomers and application to
soft biological tissues. Mechanics of Materials, 33:523–530, 2001.
[91] J. S. Bergström, S. M. Kurtz, C. M. Rimnac, and a. a. Edidin.
Constitutive modeling of ultra-high molecular weight polyethylene
under large-deformation and cyclic loading conditions. Biomater-
ials, 23(11):2329–2343, 2002.
[92] J. S. Bergström, C. M. Rimnac, and S. M. Kurtz. Prediction of
multiaxial mechanical behavior for conventional and highly cross-
linked UHMWPE using a hybrid constitutive model. Biomaterials,
24(8):1365–1380, 2003.
[93] J. S. Bergström, C. M. Rimnac, and S. M. Kurtz. An augmented
hybrid constitutive model for simulation of unloading and cyc-
lic loading behavior of conventional and highly crosslinked UHM-
WPE. Biomaterials, 25(11):2171–2178, 2004.
[94] a. D. Mulliken and M. C. Boyce. Mechanics of the rate-dependent
elastic-plastic deformation of glassy polymers from low to high
strain rates. International Journal of Solids and Structures,
43(5):1331–1356, 2006.
[95] Ellen M. Arruda, Mary C. Boyce, and R. Jayachandran. Effects
of strain rate, temperature and thermomechanical coupling on the
finite strain deformation of glassy polymers. Mechanics of Mater-
ials, 19(2-3):193–212, January 1995.
314 BIBLIOGRAPHY
[96] Nicoli M. Ames, Vikas Srivastava, Shawn a. Chester, and Lallit
Anand. A thermo-mechanically coupled theory for large deforma-
tions of amorphous polymers. Part II: Applications. International
Journal of Plasticity, 25(8):1495–1539, August 2009.
[97] Lallit Anand, Nicoli M. Ames, Vikas Srivastava, and Shawn a.
Chester. A thermo-mechanically coupled theory for large deform-
ations of amorphous polymers. Part I: Formulation. International
Journal of Plasticity, 25(8):1474–1494, 2009.
[98] Vikas Srivastava, Shawn a. Chester, Nicoli M. Ames, and Lallit
Anand. A thermo-mechanically-coupled large-deformation theory
for amorphous polymers in a temperature range which spans their
glass transition. International Journal of Plasticity, 26(8):1138–
1182, August 2010.
[99] T.A. Tervoort, E.T. J. Klompen, and L. E. Govaert. A multi-
mode approach to finite, three-dimensional, nonlinear viscoelastic
behavior of polymer glasses. Journal of Rheology, 40(5):779, 1996.
[100] T A Tervoort and L E Govaert. A Constitutive Equation for the
Elasto-Viscoplastic Deformation of Glassy Polymers. Mechanics
of Materials, 1:269–291, 1998.
[101] E. T. J. Klompen and L. E. Govaert. Nonlinear Viscoelastic Be-
haviour of Thermorheologically Complex Materials. Mechanics of
Time-Dependent Materials, 3(1):49–69, 1999.
[102] E.T. J. Klompen, T. A. P. Engels, L. C. A. Van Breemen, P. J. G.
Schreurs, L. E. Govaert, and H. E. H. Meijer. Quantitative pre-
diction of long-term failure of polycarbonate. Macromolecules,
38(16):7009–7017, 2005.
[103] Tom a P Engels, Leon E. Govaert, and Han E H Meijer. The influ-
ence of molecular orientation on the yield and post-yield response
of injection-molded polycarbonate. Macromolecular Materials and
Engineering, 294(12):821–828, 2009.
BIBLIOGRAPHY 315
[104] R.j.m. Smit, W.a.m. Brekelmans, and H.e.h. Meijer. Prediction of
the large-strain mechanical response of heterogeneous polymer sys-
tems: local and global deformation behaviour of a representative
volume element of voided polycarbonate. Journal of the Mechanics
and Physics of Solids, 47(2):201–221, 1999.
[105] J. a W Van Dommelen, D. M. Parks, M. C. Boyce, W. a M Brekel-
mans, and F. P T Baaijens. Micromechanical modeling of the
elasto-viscoplastic behavior of semi-crystalline polymers. Journal
of the Mechanics and Physics of Solids, 51(3):519–541, 2003.
[106] S Kweon and A A Benzerga. Finite element implementation of a
macromolecular viscoplastic polymer model. International Journal
for Numerical Methods in Engineering, 94(April):895–919, 2013.
[107] L. E. Govaert, P. H. M. Timmermans, and W. a. M. Brekelmans.
The Influence of Intrinsic Strain Softening on Strain Localization
in Polycarbonate: Modeling and Experimental Validation. Journal
of Engineering Materials and Technology, 122(2):177, 2000.
[108] Lambert C. a. van Breemen, Tom a. P. Engels, Edwin T. J.
Klompen, Dirk J. a. Senden, and Leon E. Govaert. Rate- and
temperature-dependent strain softening in solid polymers. Journal
of Polymer Science Part B: Polymer Physics, 50(24):1757–1771,
December 2012.
[109] Frans Spaepen. A Microscopic Mechanism for Steady State In-
homogeneous Flow in Metallic Glasses. Acta Metallurgica, 25:407–
415, 1977.
[110] David Turnbull and Morrel H Cohen. On the Free-Volume Model
of the Liquid-Glass Transition. The Journal of Chemical Physics,
52(6):3038–3041, 1970.
[111] E. Krempl and F. Khan. Rate (time)-dependent deformation beha-
vior: An overview of some properties of metals and solid polymers.
International Journal of Plasticity, 19(7):1069–1095, 2003.
316 BIBLIOGRAPHY
[112] F. Khan. Loading History Effects on the Creep and Relaxation
Behavior of Thermoplastics. Journal of Engineering Materials and
Technology, 128(4):564, 2006.
[113] F. Khan and E. Krempl. Amorphous and Semicrystalline Solid
Polymers: Experimental and Modeling Studies of Their Inelastic
Deformation Behaviors. Journal of Engineering Materials and
Technology, 128(1):64, 2006.
[114] F. Khan and C. Yeakle. Experimental investigation and model-
ing of non-monotonic creep behavior in polymers. International
Journal of Plasticity, 27(4):512–521, April 2011.
[115] Andrea Avanzini. Mechanical characterization and finite element
modelling of cyclic stress-strain behaviour of ultra high molecular
weight polyethylene. Materials & Design, 29(2):330–343, January
2008.
[116] Aleksey D. Drozdov and Qiang Yuan. The viscoelastic and visco-
plastic behavior of low-density polyethylene. International Journal
of Solids and Structures, 40(10):2321–2342, 2003.
[117] B. Miled, I. Doghri, and L. Delannay. Coupled viscoelastic-
viscoplastic modeling of homogeneous and isotropic polymers: Nu-
merical algorithm and analytical solutions. Computer Methods in
Applied Mechanics and Engineering, 200(47-48):3381–3394, 2011.
[118] S. Nikolov and I. Doghri. A micro/macro constitutive model
for the small-deformation behavior of polyethylene. Polymer,
41(5):1883–1891, 2000.
[119] a. D. Drozdov and J. deC Christiansen. Modelling the viscoplastic
response of polyethylene in uniaxial loading-unloading tests. Mech-
anics Research Communications, 30(5):431–442, 2003.
[120] a. D. Drozdov and J. deC Christiansen. Cyclic viscoplasticity of
high-density polyethylene: Experiments and modeling. Computa-
tional Materials Science, 39(2):465–480, 2007.
BIBLIOGRAPHY 317
[121] Anouar Krairi and Issam Doghri. A thermodynamically-based con-
stitutive model for thermoplastic polymers coupling viscoelasticity,
viscoplasticity and ductile damage. International Journal of Plas-
ticity, 60:163–181, 2014.
[122] J.L. Chaboche. Constitutive equations for cyclic plasticity and
cyclic viscoplasticity. International Journal of Plasticity, 5(3):247–
302, 1989.
[123] J L Chaboche. On Some Modification of Kinematic Hardening
to Improve the Description of Ratchetting Effects. International
Journal of Plasticity, 7:661–678, 1991.
[124] Abaqus V6.12. General purpose finite element software.
[125] Christian G’Sell. Plastic Deformation of Glassy Polymers : Con-
stitutive Equations and Macromolecular Mechanisms. In 7th Inter-
national Conference on the Strength of Metals and Alloys (ICSMA
7), pages 1943–1982, Montreal, Canada, 1986.
[126] E. van der Giessen. Localized Plastic Deformations in Glassy
Polymers. European Journal of Mechanics A/Solids, 16(special
issue):87—-106, 1997.
[127] R. Quinson, J. Perez, M. Rink, and A. Pavan. Yield criteria
for amorphous glassy polymers. Journal of Materials Science,
32(ii):1371–1379, 1997.
[128] T H Hsieh, A J Kinloch, K Masania, A C Taylor, and S Sprenger.
The mechanisms and mechanics of the toughening of epoxy poly-
mers modified with silica nanoparticles. Polymer, 51:6284–6294,
2010.
[129] Edward J Kramer. The growth of shear bands in polystyrene.
Journal of Polymer Science: Polymer Physics Edition, 13(3):509–
525, 1975.
[130] P. B. Bowden. A criterion for inhomogeneous plastic deformation.
Philosophical Magazine, 22(177):455–462, 1970.
318 BIBLIOGRAPHY
[131] P. B. Bowden and S. Raha. The formation of micro shear bands in
polystyrene and polymethylmethacrylate. Philosophical Magazine,
22(177):463–482, 1970.
[132] S Kweon and A A Benzerga. On the localization of plastic flow
in glassy polymers. European Journal of Mechanics A/Solids,
39:251–267, 2013.
[133] Yoshihiro Tomita and Makoto Uchida. Characterization of
micro- to macroscopic deformation behavior of amorphous poly-
mer with heterogeneous distribution of microstructures. Interna-
tional Journal of Mechanical Sciences, 45(10):1703–1716, 2003.
[134] a. Mermet, E. Duval, S. Etienne, and C. G’Sell. Low frequency Ra-
man scattering study of the nanostructure of plastically deformed
polymer glasses. Journal of Non-Crystalline Solids, 196(95):227–
232, 1996.
[135] O B Salamatina, S I Nazarenko, S N Rudnev, and E F Oleinik.
Heat Effects and the Mechanism of Inelastic Deformation of
Organic Glassy Polymers. Mechanics of Composite Materials,
24(6):721–725, 1989.
[136] S.S. Sheiko, O.B. Salamatina, S.N. Rudnev, and E.F. Oleinik.
Mechanism of plastic strain of glassy polymers. Amorphous poly-
ethylene terephthalate. Polymer Science U.S.S.R., 32(9):1759–
1767, January 1990.
[137] Z.H. Stachurski. Deformation mechanisms and yield strength in
amorphous polymers. Progress in Polymer Science, 22(96):407–
474, 1997.
[138] S. Raha and P.B. Bowden. Birefringence of plastically deformed
poly(methyl methacrylate). Polymer, 13(4):174–183, April 1972.
[139] J. C. M. Li and J. J. Gilman. Disclination Loops in Polymers.
Journal of Applied Physics, 41(11):4248, 1970.
BIBLIOGRAPHY 319
[140] Kisaragi Yashiro, Tomohiro Ito, and Yoshihiro Tomita. Molecu-
lar dynamics simulation of deformation behavior in amorphous
polymer: Nucleation of chain entanglements and network struc-
ture under uniaxial tension. International Journal of Mechanical
Sciences, 45(11):1863–1876, 2003.
[141] Chunyu Li and Alejandro Strachan. Molecular scale simulations
on thermoset polymers: A review. Journal of Polymer Science,
Part B: Polymer Physics, pages 1–20, 2014.
[142] Jörg Rottler. Fracture in glassy polymers : a molecular modelling
perspective. Journal of Polymer Science Part B: Polymer Physics,
pages 1–19, 2009.
[143] Doros N. Theodorou and Ulrich W. Suter. Detailed molecular
structure of a vinyl polymer glass. Macromolecules, 18(7):1467–
1478, 1985.
[144] Doros N. Theodorou and Ulrich W. Suter. Atomistic modeling
of mechanical properties of polymeric glasses. Macromolecules,
19(1):139–154, 1986.
[145] Amy Y.-H. Liu and Jörg Rottler. Origin of stress enhanced shear
yielding in aging polymer glasses. Journal of Polymer Science Part
B: Polymer Physics, pages 4–8, 2009.
[146] Chunyu Li and Alejandro Strachan. Molecular simulations
of crosslinking process of thermosetting polymers. Polymer,
51(25):6058–6070, 2010.
[147] Chunyu Li, Grigori a. Medvedev, Eun Woong Lee, Jaewoo Kim,
James M. Caruthers, and Alejandro Strachan. Molecular dynam-
ics simulations and experimental studies of the thermomechanical
response of an epoxy thermoset polymer. Polymer (United King-
dom), 53(19):4222–4230, 2012.
[148] Chunyu Li and Alejandro Strachan. Molecular dynamics predic-
tions of thermal and mechanical properties of thermoset polymer
EPON862/DETDA. Polymer, 52(13):2920–2928, June 2011.
320 BIBLIOGRAPHY
[149] Chunyu Li, Eugenio Jaramillo, and Alejandro Strachan. Molecular
dynamics simulations on cyclic deformation of an epoxy thermoset.
Polymer (United Kingdom), 54(2):881–890, 2013.
[150] V. Sundararaghavan and a. Kumar. Molecular dynamics simula-
tions of compressive yielding in cross-linked epoxies in the context
of Argon theory. International Journal of Plasticity, 47:111–125,
2013.
[151] Hexcel. HexFlowÂ R© RTM 6 Product Data.
[152] N. Kiuna, C. J. Lawrence, Q. P V Fontana, P. D. Lee, T. Selerland,
and P. D M Spelt. A model for resin viscosity during cure in
the resin transfer moulding process. Composites Part A: Applied
Science and Manufacturing, 33(11):1497–1503, 2002.
[153] David Dumont. Thermoplastic as carrier for delivering carbon
nanotubes and layered clay in epoxy resin for composite applica-
tions. Phd thesis, Université catholique de Louvain, 2013.
[154] J.M. Balvers, H.E.N. Bersee, A. Beukers, and K.M.B. Jansen. De-
termination of cure dependent properties for curing simulation
of thick-walled composites. In 49th AIAA/ASME/ASCE/AH-
S/ASC Structures, Structural Dynamics and Materials Confer-
ence, Schaumburg, Illinois, USA, 2008.
[155] A. T. DiBenedetto. Prediction of the Glass Transition Temperat-
ure of Polymers: a Model Based on the Principle of Correspond-
ing States. Journal of Polymer Science, Part B: Polymer Physics,
25(9):1949–1969, 1987.
[156] S. R. Kalidindi, a. Abusafieh, and E. El-Danaf. Accurate charac-
terization of machine compliance for simple compression testing.
Experimental Mechanics, 37(2):210–215, 1997.
[157] Solartron Metrology. LVDT Type AX/5/S datasheet.
[158] Xavier Morelle. Toughness characterization and elasto-
viscoelastic-viscoplastic modeling of epoxy resins for aeronautics.
Master thesis, UCL, 2011.
BIBLIOGRAPHY 321
[159] ASTM Standards. Standard Test Method for Compressive Prop-
erties of Rigid Plastics 1, 2002.
[160] B. P. Gearing and L. Anand. On modeling the deformation and
fracture response of glassy polymers due to shear-yielding and
crazing. International Journal of Solids and Structures, 41(11-
12):3125–3150, 2004.
[161] François Mathieu. Mécanique à grandes déformations de résines
époxy pour applications aéronautiques. Master thesis, UCL, 2009.
[162] Wyoming Test Fixtures. Compression Subpress WTF-SP data-
sheet.
[163] J.M. Hodgkinson. Mechanical testing of advanced fibre compos-
ites. Woodhead Publishing Ltd., Cambridge, England, CRC Press
LLC, 2000.
[164] G.D. Moan and J.D. Embury. A study of the bauschinger effect
in Al-Cu alloys. Acta Metallurgica, 27(5):903–914, May 1979.
[165] R. E. Stoltz and R. M. Pelloux. The Bauschinger effect in precip-
itation strengthened aluminum alloys. Metallurgical Transactions
A, 7(8):1295–1306, 1976.
[166] D.W. Holmes and J.G. Loughran. Theoretical aspects of the test-
ing of elasto-viscoelastic-viscoplastic materials. Polymer Testing,
27(2):189–203, April 2008.
[167] R.W. Neu, D.T. Scott, and M.W. Woodmansee. Measurement
and modeling of back stress at intermediate to high homologous
temperatures. International Journal of Plasticity, 16(3-4):283–
301, January 2000.
[168] Amir Bahrami, Xavier Morelle, Lê Duy Hông Minh, Thomas Par-
doen, Christian Bailly, and Bernard Nysten. Curing dependent
spatial heterogeneity of mechanical response in epoxy resins re-
vealed by atomic force microscopy. Polymer, 68:1–10, 2015.
322 BIBLIOGRAPHY
[169] W.C. Oliver and G.M. Pharr. Measurement of hardness and elastic
modulus by instrumented indentation: Advances in understanding
and refinements to methodology. Journal of Materials Research,
19(01):3–20, 2004.
[170] G. Guillonneau, G. Kermouche, S. Bec, and J.-L. Loubet. Extrac-
tion of Mechanical Properties with Second Harmonic Detection
for Dynamic Nanoindentation Testing. Experimental Mechanics,
52(7):933–944, October 2011.
[171] Harry D Rowland, William P King, Graham L W Cross, and
John B Pethica. Measuring glassy and viscoelastic polymer flow
in molecular-scale gaps using a flat punch mechanical probe. ACS
nano, 2(3):419–28, March 2008.
[172] L. Heux, J.L. Halary, F. Lauprêtre, and L. Monnerie. Dynamic
mechanical and 13C n.m.r. investigations of molecular motions
involved in the β relaxation of epoxy networks based on DGEBA
and aliphatic amines. Polymer, 38(8):1767–1778, 1997.
[173] Huei-Hsiung Wang and Jung-Chieh Chen. Modification and
compatibility of epoxy resin with hydroxyl-terminated or amine-
terminated polyurethanes. Polymer Engineering & Science,
35(18):1468–1475, 1995.
[174] P. Frontini, S. Lotfian, M. a. Monclús, and J. M. Molina-
Aldareguia. High Temperature Nanoindentation Response of
RTM6 Epoxy Resin at Different Strain Rates. Experimental Mech-
anics, 55(5):851–862, 2015.
[175] S. Terekhina, S. Fouvry, M. Salvia, and I. Bulanov. An indirect
method based on fretting tests to characterize the elastic prop-
erties of materials: Application to an epoxy resin RTM6 under
variable temperature conditions. Wear, 269(7-8):632–637, 2010.
[176] Loïc Van Nieuwenhuyse. Relation between physical ageing and
mechanical properties of an aerospace grade epoxy resin . Feasibil-
ity study of an in situ transverse compression test on a UD sample
. Master thesis, Université catholique de Louvain, 2015.
BIBLIOGRAPHY 323
[177] Luis Pablo Canal, Carlos González, Javier Segurado, and Javier
LLorca. Intraply fracture of fiber-reinforced composites: Micro-
scopic mechanisms and modeling. Composites Science and Tech-
nology, 72(11):1223–1232, 2012.
[178] Lallit Anand and Morton E Gurtin. A theory of amorphous solids
undergoing large deformations , with application to polymeric
glasses. International Journal of Solids and Structures, 40:1465–
1487, 2003.
[179] Roger J Morgan, Eleno T Mones, and Wayne J Steele. Tensile de-
formation and failure processes of amine-cured epoxies. Polymer,
23(2):295–305, 1982.
[180] I. Narisawa, T. Murayama, and H. Ogawa. Internal fracture of
notched epoxy resins. Polymer, 23(2):291–294, 1982.
[181] A.C. Roulin-Moloney. Fractography and failure mechanics of poly-
mers and composites. London: Elsevier Applied Science, 1989.
[182] EdgarH. H. Andrews and PeterE. E. Reed. Molecular fracture
in polymers. In J.D. Ferry, editor, Failure in Polymers SE - 1,
volume 27 of Advances in Polymer Science, pages 1–66. Springer
Berlin Heidelberg, 1978.
[183] E S Greenhalgh and M J Hiley. Fractography of Polymer Com-
posites: Current Status and Future Issues. In 13th European Con-
ference on Composite Materials, Stockholm, Sweden, 2008.
[184] W.J Cantwell, A.C. Roulin-Moloney, and T. Kaiser. Fractography
of unfilled and particulate-filled epoxy resins. Journal of Materials
Science, 23:1615–1631, 1988.
[185] M.J. Manjoine. Multiaxial stress and fracture. Liebowitz H. editor,
London : Academic Press, p. 265-309, 1971.
[186] D. Hull. Fractography : observing, measuring, and interpreting
fracture surface topography. Cambridge University Press, 1999.
324 BIBLIOGRAPHY
[187] Derek Hull. The effect of mixed mode I/III on crack evolution
in brittle solids. International Journal of Fracture, 70(1):59–79,
1994.
[188] D.C. Drucker. Limit analysis of two and three dimensional soil
mechanics problems. Journal of the Mechanics and Physics of
Solids, 1(4):217–226, 1953.
[189] D C Drucker. Plasticity Theory, Strength-Differential
(SD)Phenomenon, and Volume Expansion in Metals and Plastics.
Metallurgical Transactions A, 4(March):667—-673, 1973.
[190] J. Chevalier, X.P. Morelle, C. Bailly, P. Camanho, T. Pardoen,
and F. Lani. Micro-mechanics based pressure dependent failure
model for highly cross-linked epoxy resin. Submitted to Engineer-
ing Fracture Mechanics, 2015.
[191] R.J Asaro. Elastic-plastic memory and kinematic-type hardening.
Acta Metallurgica, 23(10):1255–1265, October 1975.
[192] Jagannathan Rajagopalan, Christian Rentenberger, H Peter
Karnthaler, Gerhard Dehm, and M Taher A Saif. In situ TEM
study of microplasticity and Bauschinger effect in nanocrystalline
metals. Acta Materialia, 58:4772–4782, 2010.
[193] G. Masing. Uber die Erstarrung von eisenhaltigem Alu-
minium. Wissenschaftliche Veršffentlichungen Siemens-Konzern,
III Band:152–159, 1927.
[194] D. Caillard and Martin J.L. Thermally Activated Mechanisms
in Crystal Plasticity. Elsevier Ltd., Pergamon Materials Series,
Volume 8, Chapter 2, 2003.
[195] G. M. Odegard and a. Bandyopadhyay. Physical aging of epoxy
polymers and their composites. Journal of Polymer Science Part
B: Polymer Physics, 49(24):1695–1716, December 2011.
[196] Akhtar Khan and Haoyue Zhang. Finite deformation of a polymer
: experiments and modeling. International Journal of Plasticity,
17:1167–1188, 2001.
BIBLIOGRAPHY 325
[197] L.E. Govaert. 4K610 : Polymer mechanics. Lecture notes and
slides, Eindhoven University of Technology (TUe), 2010-2011.
[198] T. Pardoen and F. Delannay. MAPR2481 : Introduction to de-
formation and fracture of materials. Lecture notes and slides,
Université catholique de Louvain (UCL), 2010-2011.
[199] Jagannathan Rajagopalan, Jong H. Han, and Taher A. Saif.
Plastic Deformation Recovery in Freestanding Nanocrystalline
Aluminum and Gold Thin Films. Science, 315(March):1831–1834,
2007.
[200] Jagannathan Rajagopalan, Jong H. Han, and M. Taher a Saif.
Bauschinger effect in unpassivated freestanding nanoscale metal
films. Scripta Materialia, 59(7):734–737, 2008.
[201] Ivan Lonardelli, Jonathan Almer, Gloria Ischia, Cinzia Mena-
pace, and Alberto Molinari. Deformation behavior in bulk
nanocrystalline-ultrafine aluminum: in situ evidence of plastic
strain recovery. Scripta Materialia, 60(7):520–523, 2009.
[202] S. Van Petegem, S. Brandstetter, H. Van Swygenhoven, and J. L.
Martin. Internal and effective stresses in nanocrystalline electrode-
posited Ni. Applied Physics Letters, 89(7):7–10, 2006.
[203] Z. Sun, S. Van Petegem, a. Cervellino, K. Durst, W. Blum, and
H. Van Swygenhoven. Dynamic recovery in nanocrystalline Ni.
Acta Materialia, 91:91–100, 2015.
[204] A. S. Argon. The Physics of Deformation and Fracture of Poly-
mers. Cambridge University Press, New York., 2013.
[205] K Chen, E J Saltzman, and K S Schweizer. Segmental dynamics in
polymers: from cold melts to ageing and stressed glasses. Journal
of physics. Condensed matter : an Institute of Physics journal,
21(50):503101, December 2009.
[206] A. S. Argon and M. I. Bessonov. Plastic Deformation in Polyim-
ides, with New Implications on the Theory of Plastic Deformation
of Glassy Polymers, 1977.
326 BIBLIOGRAPHY
[207] J. Perez. Physique & mécanique des polymères amorphes. Editions
Lavoisier, Série Technique et Documentation, 1992.
[208] Kang Chen and Kenneth S. Schweizer. Theory of Yielding, Strain
Softening, and Steady Plastic Flow in Polymer Glasses under
Constant Strain Rate Deformation. Macromolecules, 44(10):3988–
4000, May 2011.
[209] A. S. Argon. Plastic Deformation in Metallic Glasses. Acta Me-
tallurgica, 27:47—-58, 1979.
[210] Eric R Homer and Christopher A Schuh. Mesoscale modeling of
amorphous metals by shear transformation zone dynamics. Acta
Materialia, 57(9):2823–2833, 2009.
[211] L Li, E R Homer, and C A Schuh. Shear transformation zone
dynamics model for metallic glasses incorporating free volume as
a state variable. Acta Materialia, 61(9):3347–3359, 2013.
[212] R. E. Robertson. . Journal of Chemical Physics, 44:3950, 1966.
[213] Michel B. M. Mangion, J. Y. Cavaillé, and J. Perez. Plastic Mech-
anical Response of Amorphous Polymers. Philosophical Magazine
A, 66(5):773–796, 1992.
[214] Morrel H. Cohen and David Turnbull. Molecular Transport in
Liquids and Glasses. The Journal of Chemical Physics, 31:1164,
1959.
[215] David Turnbull and Morrel H. Cohen. Free-Volume Model of the
Amorphous Phase: Glass Transition. The Journal of Chemical
Physics, 34(1):120–125, 1961.
[216] Morrel H. Cohen and G. S. Grest. Liquid-glass transition, a free-
volume approach. Physical Review B, 20(3):1077–1098, 1979.
[217] R Huang, Z Suo, J H Prevost, and W D Nix. Inhomogeneous
deformation in metallic glasses. Journal of the Mechanics and
Physics of Solids, 50:1011–1027, 2002.
BIBLIOGRAPHY 327
[218] Shi-qing Wang, Shiwang Cheng, Panpan Lin, and Xiaoxiao Li. A
phenomenological molecular model for yielding and brittle-ductile
transition of polymer glasses. The Journal of Chemical Physics,
141:1–19, 2014.
[219] A. S. Argon and L. T. Shi. Development of Visco-Plastic Deforma-
tion in Metallic Glasses. Acta Metallurgica, 31(4):499—-507, 1983.
[220] J.D. Eshelby. The determination of the elastic field of an ellipsoidal
inclusion, and related problems. Proceedings of the Royal Society
Part A, 241(1226):376–396, 1957.
[221] a.S. Argon and H.Y. Kuo. Free energy spectra for inelastic de-
formation of five metallic glass alloys. Journal of Non-Crystalline
Solids, 37(2):241–266, 1980.
[222] V. V. Bulatov and A. S. Argon. A stochastic model for continuum
elasto-plastic behavior : I . Numerical approach and strain local-
ization. Modelling Simulations in Materials Science Engineering,
2:167–184, 1994.
[223] Jean Louis Barrat and Anaël Lemaître. Dynamical Heterogeneit-
ies in Glasses, Colloids, and Granular Media. Oxford University
Press, 2011.
[224] M. L. Falk and J. S. Langer. Dynamics of Viscoplastic Deformation
in Amorphous Solids. Physical Review E - Statistical, Nonlinear,
and Soft Matter Physics, 57(6):16, 1998.
[225] M. D. Ediger. Spatially Heterogeneous Dynamics in Supercooled
Liquids. Annual Review in Physical Chemistry, 51:99–128, 2000.
[226] M D Ediger and Peter Harrowell. Perspective : Supercooled liquids
and glasses Perspective : Supercooled liquids and glasses. The
Journal of Chemical Physics, 137:1–16, 2012.
[227] Michael L. Falk and James S. Langer. Deformation and Failure
of Amorphous Solidlike Materials. Annual Review in Condensed
Matter Physics, 2:353–373, 2011.
328 BIBLIOGRAPHY
[228] D Rodney, a Tanguy, and D Vandembroucq. Modeling the mech-
anics of amorphous solids at different length scale and time scale.
Modelling and Simulation in Materials Science and Engineering,
19(8):083001, 2011.
[229] P. H. Mott, a. S. Argon, and U. W. Suter. Atomistic model-
ling of cavitation of glassy polymers. Philosophical Magazine A,
68(3):537–564, 1993.
[230] Leonid. Zhigilei. Introduction to Atomistic Simulations. Lecture
slides, University of Virginia, 2014-2015.
[231] K. A. Fichthorn and W. H. Weinberg. Theoretical foundations
of dynamical Monte Carlo simulations. The Journal of Chemical
Physics, 95(2):1090–, 1991.
[232] E J Dawnkaski, D Srivastava, and B J Garrison. Time dependent
Monte Carlo simulations of H reactions on the diamond {001}(2x1)
surface under chemical vapor deposition conditions. Journal of
Chemistry and Physics, 102(January):9401–9411, 1995.
[233] Wayne D. Cook, Mansour Mehrabi, and Graham H. Edward. Age-
ing and yielding in model epoxy thermosets. Polymer, 40(5):1209–
1218, 1999.
[234] Judith Moosburger-Will, Michael Greisel, Markus G R Sause,
Robert Horny, and Siegfried Horn. Influence of partial cross-
linking degree on basic physical properties of RTM6 epoxy resin.
Journal of Applied Polymer Science, 130(6):4338–4346, 2013.
[235] Judith Moosburger-Will, Michael Greisel, and Siegfried Horn.
Physical aging of partially crosslinked RTM6 epoxy resin. Journal
of Applied Polymer Science, 41121:1–8, 2014.
[236] Dietmar Haba, Josef Kaufmann, Andreas J. Brunner, Katharina
Resch, and Christian Teichert. Observation of elastic modulus
inhomogeneities in thermosetting epoxies using AFM - Discerning
facts and artifacts. Polymer (United Kingdom), 55(16):4032–4040,
2014.
